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PREFACE

In memory of Academician
Viktor I. TREFILOV

World Tendencies in Development
of National Economies on Modern
Technologies of Alloys

Currently automobile industries of the USA, Japan, and Western
Europe are basic customers of cast Al-based alloys, including ob-
tained by process engineering (die and squeeze casting) that appro-
priates needs of quantity production. Under the data [1], resistance
to creep is one of the key factors limiting conditions of service of
high temperature aluminum alloys of a new generation. The analy-
sis of mechanisms of dimensional instability of Al-based alloys
confirms expediency of development of more effective methods of
heat treatment for dimensional stabilization of structural-homoge-
neous materials with a necessary combination of properties at in-
creased temperatures (493-723 K). Over the last decade by antici-
pating rates the new approach has been developing at designing of
parts and units of automobiles with taking into account a capability
of increase in their micromechanical properties. Though Al saves
the privileged position, the problem of a drop of automobile weight
of the gains is still of large urgency. In this context, Mg and its light
alloys are considered as perspective and competitive structural ma-
terials for use in modern areas of engineering due to their good
foundry properties, so low cost of manufacturing from them of
precision parts and units for automobile industry, commercial avia-
tion, electronics engineering. Under the specific characteristics of
strength Mg exceeds a number of new materials (on the basis of
aluminium and steel) but requires increase of resistance to creep at
least in the temperature interval 423-493 K.

Magnesium is the lightest metal used for structural applica-
tions. Due to its low density the specific strength and stiffness of the
materials have been attractive to designers and magnesium alloys
have historically been used in a number of high-performance aero-
space structural applications. Improvements in properties and
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PREFACE

castability (casting quality and complexity for thin walls) achieved by magnesium in
the last 30 years make magnesium alloys a prime choice for further application with-
in the aerospace industry. However, because of low (poor) corrosion resistance and
formability at room temperature as well as the moderate mechanical properties com-
pared to aluminum alloys having been improved the metal has not seen extensive use
(market niches have decreased rather than increased).

The main reasons of slow introduction of advanced know-how and new sorts of
magnesium alloys are high prices and insufficient reproducibility of their properties.
To address these problems and increase the use of light magnesium alloys, the follow-
ing important development work has been carried out by Lockheed and Allied Sig-
nal in North America, MEL/Metalloys/Shell in the United Kingdom, Norsk — Hydro/
Pechiney in Europe (Norway, France).

Thereby, with appropriate protection techniques (high corrosion resistance)
magnesium alloys offers the aerospace engineers a valuable material choice now and
during the 21st century. As aerospace designers continue to strive for overall efficien-
cies and power system improved performance, the requirement is made for the ma-
nufacturers to reduce weight, improve elevated temperature properties, and provide
more complex thin wall castings.

The demands on mechanical properties and temperature of application being
satisfied the designers requirements for light high-performance alloys are ever in-
creasing. To meet these demands, Magnesium Electron Ltd. (MEL) has developed a
new family of alloys based upon the Mg—Y—Nd, RE system.

Two groups of structural magnesium alloys are being developed in industrial use
to meet requirements for further developments of technical progress: (i) high creep-
resistant, light and cheaper magnesium alloys for automobile, radio engineering and
other dynamic applications; (ii) high-temperature-strength magnesium based alloys
containing Y, Sc, RE as alloying elements for high-loaded parts applications in in-
dustrial use (aircrafts, helicopters, and automobile engines). Taking into considera-
tion seller’s prices for RE, which restrict their adoption in a mass production, aero-
space, acoustician, and car designers are interested in development of lower cost,
high creep-resistant and light structural materials in order to use them in dynamic
applications where a low moment of inertia, good static stiffness and high resistance
to deformation at evaluated temperatures are essential. In the present research the
main attention is paid to magnesium alloys of the Mg—Al—Ca, X system of eutectic
origin as well as to discontinuous nanoparticle-reinforced magnesium matrix com-
posites produced by different routes of advanced processing. The evaluated tempera-
ture creep and strength properties should be significantly better than ones of the
commercially available hcp MgAZ91D alloy with divorced eutectics (Dow Chemical
Corp., USA). The various space programs, realized in the USA, present increased
requirements to heat resistant Ti based alloys, which are concerned mainly with in-
crease in the resistance to creep, stability against oxidation, and improvement of op-
erating characteristics at working temperatures up to 873 K. So, on the basis of the
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existing alloys such as Ti-6242S and Ti-1100, a number of their modifications are
intended for compressors, units, systems of afterburning, exhaust pipelines, besides
perspective as matrix high-temperature materials in chemical and petrochemical in-
dustry. Thus, the ability of metal materials and items to spontaneously changing the
shape and size becomes a significant obstacle for maintenance of continuously grow-
ing requirements for accuracy and reliability of precise devices, machines, and opti-
cally precise designs. For many of them the dimensional instability should not exceed
10°-107 mm/mm.

New generation superlight alloys of the hcp Be—Al, Mg, Si system can be suc-
cessfully used in precision aerospace navigational instrumentation such as gyroscope
components requiring materials with high microyield strength and good dimension-
al stability as well as precision optical components for high quality metal optic mir-
rors with extremely high stiffness-to-weight ratio and thermal conductivity.

The market becomes opener to competition of novel consolidation processes,
which ensure cost effective mass production or effective individual parts manufac-
ture under improved quality standards with accelerated realization of the products. A
significant amount of effort has been expended during the past decade to give de-
tailed account of contributions to the field of advanced magnesium technology. The
growing product quality requirements, especially in an automobile and aerospace
industry, stimulate further searching for lighter and cheaper structural materials of a
new generation ensuring an optimum combination macro- and micromechanical
properties with allowance for the cost of their production.

The competitive global posture of automakers will increase if they can design
and manufacture vehicles that offer greater consumer value. This could improve the
nation’s trade balance with countries producing more fuel-efficient vehicles than
those produced in the world up to now. Health and environmental issues for workers
are reduced during light metal casting operations, compared with such problems in
ferrous foundries and polymer molding operations. The national laboratories will
gain valuable manufacturing development and product application experience. They
will gain an opportunity to develop math-based simulation models and technologies
that benefit both the auto industry and technology programs.

Nanomaterials are cornerstones of nanoscience and nanotechnology. Nano-
structure science and technology is a broad and interdisciplinary area of research and
development activity which has been growing explosively worldwide in the past few
years [2]. It has the potential for revolutionizing the ways on which materials and
products are created and the range and nature of functionalities can be accessed. It
is already having a significant commercial impact, which will assuredly increase in
the future (Figure).

Nanotechnology has emerged as an important field of modern scientific research
due to its diverse range of applications in the areas of electronic, material sciences,
biomedical engineering, and medicine on the nanolevel such as energy science, opto-
electronics, catalysis, chemical industries, light emitters, and other applications.
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Macro Micro Nano The increased interest of de-
(mm) (km) (nm) signers and customers in develop-
DNA Synthesis - ment of light structural materials
(on the basis of aluminum, magne-
sium, and titanium) intended for
production of components, units
and items in automobile, electron
space, and other technical indus-
tries is stipulated by their attractive
specific characteristics of strength
L and rigidity, and also other impor-
1950 1970 1990 2010 2030 2050

Year tant advantages of metal alloys sys-
tems. However, to these materials
and their items usually working be-
low a macroscopic yield point in
conditions of relaxation of stresses and cyclical loading, the preservation of dimensional
stability is required, i.e. abilities to save the shape and sizes with specific accuracy under
static and dynamic loads (change of temperature, vibrations, acceleration) or during
long time of service (storage). The dimensional (structural) stability is usually character-
ized by a precision elasticity limit (o,,,) or microscopic yield stress (o,,,.), resistance to
microcreep or conditional limit of relaxations (), i.e. maximum level of stresses, which
do not relax during hundreds and thousands of hours. Resistance to microplastic defor-
mation (R,,) already for a long time issued for evaluation of quality of a number of
major structural materials, for example, spring alloys. The R value determines the

main working characteristics of items made of them (elastic elements).

Evolution of science and technology in the future (adap-
ted from Ref. [2])

Scope of Structural Applications
for Crystalline Materials

At present, different research programs on strength physics are
running in various highly-industrial countries. Research efforts have resulted in es-
tablishment of appropriate processing methods that improve the product perform-
ance. It is now generally accepted that less stressed components (chambers, turbo-
chargers for diesel engine) are more likely to be introduced into the market in the
near future. However, the application feasibility demonstration program has made
very considerable progress. Main application problems for high stressed components
with complicated shapes include component design, service life, reliability, and join-
ing. On the other hand, component performance is strictly related to structural ho-
mogeneity and reproducibility of the material properties after processing as well as to
material degradation during use (oxidation, sub-critical crack growth, etc.). This calls
for a better understanding of the processes occurring during strength and micro-
structure formation.
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The most important work in this respect is performed in the USA by Lange and
Clarke, in the UK by Jack et al. and especially in Germany by Petzow and co-workers
at Max Plank Institute in Stuttgart. Much information has been produced which is
extremely useful in selecting proper compositional fields in a number of multicom-
ponent systems with a view to improving the sintering capability or the material
properties. Nevertheless, the severe limitations that often are encountered when
making use of the above information should be pointed out. These are mainly related
to: i) difficulty in realizing equilibrium conditions during the consolidation process;
ii) composition changes occurring during sintering as a consequence of nitride vola-
tilization; iii) the presence of various kinds of impurity elements which cannot be
taken into full consideration when constructing equilibrium phase diagrams.

Therefore, it seems worthwhile to consider them as “behavioral” phase equilib-
rium diagrams which give an indication to the possible results that one may expect
from the gross composition of the grain boundary phase in dense materials.

The value R, determines the main working characteristics of the items made
of them (elastic elements). The behavior of materials in he field of microyielding and
resistance to plastic deformations are linked not only with dimensional stability, but
also with such properties as mechanical hysteresis, resistance to fatigue fracture and
wear. Nevertheless, assimilation in industrial scales of light structural materials and
modernization of existing process engineering of their production frequently re-
strained in mainly because of origin dimensional (thermal or time) instability due to
relaxation of elastic energy localized on structural defects and prices for the RE which
are now used as strengthening components.

We would like to give only one example underlining vital importance of the ac-
tual problem of dimensional (structural) stabilization. As known, beryllium is rather
promising material for optical industry and military engineering. The designers and
developers of optical systems for the first time were interested in beryllium, possess-
ing high rigidity and low density, after its successful use in gyroscopes to engineering
and high-frequency navigational systems. However, in a number of cases beryllium
even with high optical characteristics does not satisfy the new requirements for spa-
tial optical systems with more rigid tolerances because of time instability due to
constant deformation of mirror surface within several months. A number of mecha-
nisms for explanation of an unstable behavior of Be mirrors is offered, however all
attempts to remove undesirable properties have failed because of complexity of the
problem. Moreover, the price and toxicity of Be alongside with its weak resistance to
corrosion (in environment of chlorides), high coefficient and anisotropy of the ther-
mal extension are the main shortages hindering it to broad use in modern engineer-
ing as a major structural material with a complex of unique properties.

The idea of gaining the technological market in this case contacts to creation
of special methods and process engineering of dimensional (structural) stabiliza-
tion of items on the basis of cheaper RE-free metal alloys combining high specific
strength and low density with increased microyielding resistance (with a deformation
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tolerance of 10°-107) at short-term loads and high creep resistance at long-term
loads and temperatures.

Taking into account connection of the dimensional stability with the alloy
structure, the capability of preservation of an initial specific structure and related
properties, i.e., stability of microstructure, becomes one of the major problems of
physical material science, and capability of preservation of structural stability
during the service life becomes fundamentals of further searching and perfecting
mass production process of structural materials and items working in conditions
of long service at increased temperatures and stresses below the macroscopic
yield point.

The requirement of a high constancy of the sizes also stimulates developments
of relaxation-stable materials with high microyielding resistance and creation on
this basis of items with improved characteristics of dimensional stability (tempera-
ture and time).

Over the last fifty years or so, there has been a significant increase in our knowl-
edge of the dislocation aspects of strength. Extensive fundamental research on high-
temperature strength properties of promising metal alloy systems contributes to a
much greater understanding of the microyield and creep processes from the atomistic
viewpoint. The physical nature of dislocation movement produced by external stress in
deformed solid solutions is a basic problem of a more comprehensive understanding
of plastic strain in the pre-yield region of the load-elongation tensile curves. Such
information can be obtained of the short-range obstacles which prevent the motion
and of the means by which dislocations overcome these barriers. Current models
concern largely the structural sensitivity and structure-related properties associated
with long-range order. However, the coefficient of rate sensitivity, m = d€no/d€n¢, can
only be attributed to the long-range (athermal) internal stress T, [3], while the veloc-
ity of dislocations is controlled by the thermally activated short-range component t*
of the applied stress.

Activation analysis of the known diffusion concepts shows dispersion of the data
and proves the necessity of continuing the work involving more precise structure-
sensitive measuring techniques for analyzing the activated diffusion of point defects
and estimating bcc lattice in a wide range of temperatures to reveal the most probable
mechanisms. In the monograph we try to review some recent trends and develop-
ments in the field of high-strength materials rather than to give a detailed description
of the present state of the art and the way of its developing.

In this monograph, a brief review of original results and published literature
data, current research in the field performed to analyze the known physical results
and to assess their interpretation with an emphasis on elucidating the true disloca-
tion mechanisms of pre-yield, plastic deformation and strengthening. Chemical dy-
namics and diffusion in solid-state crystalline structure is at present technology-ori-
ented. For example, hydrogen migration in steels is followed by forming fixed traps
in the lattice of so-called clusters.

14
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Our work is dedicated to an in-depth understanding of the dislocation strength-
ening mechanisms and describing the means and strengthening methods for the ex-
isting and new developed alloys in the binary, ternary and quaternary metal systems
including those with a cluster site-forming structure.

Presently and in future directions, generic programs for light metals will con-
tinue, with the emphasis, as in the past, on doing challenging work aimed at under-
standing mechanisms thus allowing science-based development of new materials.

Proper thermomechanical treatment of Zr, Al based alloys having a substantially
ordered L1, structure is found to provide the optimal combination of their unique
strength and excellent ductility in a wide range of stresses and temperatures. In sum-
mary, atom, dislocation, and cluster physics is sure to have a potential for providing
insight into the rate-controlling mechanisms responsible for further advances in
metal crystal strengthening.
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Over the last fifty years, there has been a significant increase in our
understanding of strengthening mechanisms and deformation be-
havior of metal crystals. An understanding of the basic concepts is
aiding in the development of new high strength alloys with attrac-
tive combination of properties [4, 5]. The strengthening of metals
and alloys is associated with impeding mobile dislocations by cer-
tain components of their microstructure. Understanding the effec-
tiveness of many of these components has led to the development of
reliable theories governing strengthening mechanisms [6, 7]. Since
we are unable to calculate mechanical properties from first princi-
ples [8], the fundamental concepts serve as guidelines for alloy de-
velopment and design is only based on experience.

In the present monograph, recent approach to alloy design of
high-strength high-temperature zirconium and titanium alloys as
well as high-strength low-density magnesium and aluminum alloys
are discussed in terms of the fundamentals of strengthening mech-
anisms for solid solutions, precipitates, dispersoids and grain/sub-
grain boundary effects. A brief overview of the basic and applied
research is given to explore the potential of strengthening mecha-
nisms for metallic crystals with hcp, fcc, and bec lattice.

Many theories of the structure of solid solutions provide rela-
tions between the mean square of displacements and the change in
lattice parameter with composition [9, 10]. Considering the uncer-
tainties in the parameters and the limitations of theoretical models,
we found very few analytical treatments that show excellent agree-
ment with experiment [11, 12]. Although the experiments provide
a test of theories and confirm qualitative predictions, they tend to
discredit the physical basis of pure elastic models for displacements
in solid solutions. Attempts have been made through the years to
improve the cognitive situation [13, 14]. Numerical experimental
results have been reported [15, 16] but unfortunately many of them
seem to be based on the athermal (long-range) mechanisms re-
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sponsible for the structural sensitivity to an applied stress. Moreover, current models
of long-term strength concern mainly structure-related effects and phenomena.

In any events, current theory does not appeal for microyield/creep resistance to
evaluate the origin of the rate-controlling mechanisms. Therefore, it would be expe-
dient to examine reliably the temperature variation of the thermal component t* of
an applied stress and to compare the predictions with the experimental observations
in terms of the short-range mechanisms responsible for the strain rate sensitivity to
temperature variation of T". Such an approach will contribute to providing more general
insights into the dynamic resistance to the dislocation microyield in many aspects of
long-term strength formation. Very few investigations of this type have made, and up
to now none has been with polycrystalline magnesium and other hcp crystals.

We present a brief overview concerning the short-term and long-term strength
properties of hcp, fcc and bec metals and their binary, ternary and quaternary alloys
with the objective of assess recent advances in materials science in terms of in-depth
understanding of rate-controlling mechanisms (Fig. 1). The main purpose of the
monograph is to explore the potential of different strengthening mechanisms needed
for choice of chemical composition, development and application of a series of high
temperature alloys having desirable combination of mechanical properties (strength,
ductility, fracture toughness, etc.) during long-term service (Fig. 1).

Considerable experimental effort in the world is being expended on developing
long-term strength of aluminum and magnesium alloys containing light elements
and on improving structural materials made of them to operate in the transport (auto-
mobile, powertrain) industry at higher useful temperatures and larger stresses [17, 18].
For this reason, sound theoretical and thermoactivation analyses have been carried
out to account for the fundamental characteristics of long-term strength and mi-
croyield (creep) resistance and to acquire a more complete understanding of the
strain rate-controlling mechanisms [19, 20]. In order to use the better relaxation

Cheap Long-term creep strength Good castability
alloying elements at 150-175...250-350 °C & ductility
e ’ o ntger atrcses
lloying el
Aloying eements and higher temperatures

A magnesium alloy?

Corrosion Heat resistance
resistance
A
Non combustibility
Non soldering High yield strength High yield strength
Non oxidation at r.t. & workability at 150-175 °C

Fig. 1. Requirements for development and application of the best metal alloy systems
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RE-free alloys. An ongoing study

provides for development of new
experimental alloys for various
dynamic applications including
high creep-resistant and light magnesium alloys for automobile industry, and high
temperature-strength magnesium and aluminum based alloys, their particulate-rein-
forced composite materials for high-loaded parts in aviation and automobile produc-
tion as well as magnesium-based alloys with improved damping characteristics and
high sound quality in the audible range of 20 Hz to 35 kHz for driver and tweeter
diaphragms production in radio engineering.

Research teams over the world have great potential to continue the work by us-
ing computer modeling, TEM, SEM, XRD examinations, Auger-electron and me-
chanical spectroscopy as well as all-the-round creep and short-term tensile tests [21-
24]. Nevertheless, there is no faintest chance to develop further the conventional al-
loying methods. Their possibilities are exhausted completely, and for this reason,
newly developed physicochemical principles of segregation alloying for so called im-
miscible systems should be required. The experimental data are presented in some
detail and are discussed as thoroughly as possible.

There is an experimental correlation among the activation energies calculated at
atomistic, mesoscopic, and microstructural levels (Fig. 2).

This argument implies, as proposed in [25], that all the processes are correlated
phenomena. In particular, the dislocation creep and the amplitude dependence of
internal friction (ADIF) are different aspects of the same phenomenon of microyield-
ing attributed to dislocations. Besides, the study is concerned with analysis of inelas-
tic, microyield and creep behavior of precise metal alloy systems below the macro-
scopic yield stress to reveal the processing — chemistry — structure — property rela-
tions responsible for dislocation resistance and strength.
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The State-of-the-Art Research

Although the change in external shape is the only parameter avail-
able for the measurements of strain, it may always be equated with internal micro-
scopic changes associated with dislocation motion. Thus, the parameter expansion
by even one dislocation loop within a crystal constitutes of plastic strain may be spo-
ken of as a manifestation of microscopic yielding or pre-yield “microyielding”. The
nature of the effect is examined in terms of the mechanisms involved in processes of
tensile, compression and cyclic loading at stresses far below the upper yield stress. In
the past, studies of microyielding phenomena were retarded by the lack of strain
measuring techniques of adequate sensitivity. In recent years, however, new tech-
niques have permitted a number of workers to make progress in the area. According
to [20], the microplastic response of commercially available Mg, Al and Ti based al-
loys at low (room) temperatures depends strongly on the type of the dislocation sub-
structure. In general, the greater number of mobile edge segments, the larger the
plastic strain produced in the microstrain range. Under these conditions, the steep
slope of the stress-microstrain curves of the systems, at low temperatures, could be
interpreted in the terms of the dynamics of dislocation motion [26]. Apart from at-
tempting to understand the dislocation mechanisms that control deformation, our
interest in the microstrain region of the above alloys is motivated by its potential ap-
plication in precision components and products. Knowledge of the stress levels which
give rise to small permanent strains provides a useful measure of dimensional stabil-
ity. In the case, the microscopic yield stress (o, ..) is defined as the stress required to
cause a permanent strain of 2 - 10 in./in.

Traditionally, one may expect poor creep resistance in small-grained materials
according to the well-known ¢ — d? relationship [27]. Refinement of the grain struc-
ture and the absence of stable dispersoids result in poor creep resistance of Al and Mg
based alloys at elevated temperatures [28]. For example, particles in the conventional
Mg alloys AZ91 (nominal composition 9 mass% Al; 0.7 mass% Zn; 0.15 mass% Mn)
are coarse (~0.5 pm) and have most likely weak effect on the creep behavior.

As reported in [29], the fine particles (about 10" particles per mm?, with a mean
diameter of 0.05 pm) are very stable at 423K and pin the grain boundaries thus im-
peding dislocation motion inside the grain in improved Mg alloys. With the addition
of calcium a high density of small stable dispersoids may be formed. Impeding the
dislocation movement increases the creep resistance of Ca-added Mg alloys produced
by rapid solidification. Although the alloy has a smaller grain size and hence from the
above could be expected to show poor creep properties: the creep rate ¢ is 5 times
smaller than that of the conventional Mg alloys AZ91. In the Mg alloys tested at tem-
peratures from RT to 423 K there is observed a big difference in the creep resistance
and stress relaxation depending on their microstructure [28] In some rapidly so-
lidified Al-based alloys the creep resistance is good, due to fine particle pining
grain boundaries and impeding dislocation movement as well [28]. The small stable
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particles pin the grain boundaries making the advanced Mg and Al based alloys less
sensitive to exposure to elevated temperatures.

Dislocation-impurity interaction in metal alloy systems includes the solute at-
mosphere formation round a moving dislocation, the effect of dragging and the ap-
pearance of Portevin-Le Chatelier’s effects expected from solute atmosphere drag-
ging at the dynamic deformation aging mode. Efforts are continually being made to
improve fundamental understanding of their rate-controlling mechanisms.

Topical Problems in Strength Physics
and Materials Science

Historically, the first principal difficulty in the theory of dislocations
arose in attempts to explain the low macroscopic yield stress (o,) of metals and the phe-
nomenon of strain hardening. Moreover, in many cases it was not possible for a long time
to smooth out the large discrepancy between microscopic theory and macroscopic obser-
vations. However, new results obtained in recent years [30] show such striking agreement
with experimental data that the validity of the concept of a dislocation taken from the
nature of a defect crystal structure is no longer in doubt. For example, the growth of crys-
tals from vapour is associated with the presence of screw dislocations.

Traditionally, mechanical properties are associated with the initial structure,
however, according to modern concepts, these properties are determined by the dy-
namic structure which is formed in the process of plastic deformation in a stress field
(tension, creep, etc.). Under the thermodynamically nonequilibrium conditions,
pressure, temperature and chemical potential become interconnected. Dislocation
(homogeneous), cellular, cluster and nanosized structures are modifications of dissi-
pative structures self-organized as a result of density fluctuations (atoms, disloca-
tions, pair defects, and clusters). In particular, the cellular structure can be regarded
as an energetically favorable distribution of dislocations, which is characteristic of
intermediate dissipative structures that retain their dislocation sources of relaxation.
Its further self-organization leads to a more ordered nanostructure. At the same time,
it has been established that, in contrast to rather misoriented cell boundaries, which
function as grain boundaries, the nanoboundaries do not obey the Hall-Petch barrier
criterion based on the formation of dislocation pile-ups across boundaries. Coherent
precipitates of phases as a result of the solid solution decomposition can be cut by
mobile dislocations. Incoherent zones and particles are an exception in this respect.
It is generally accepted that in this case dislocations bypass particles according to the
Orowan athermal mechanism. However, at elevated temperatures and stresses below
the Orowan stress, thermally activated bypass of solid particles and strong barriers
(up to 2.0 Gb*) by mobile dislocations is believed to be possible.

Hydrogen is known to diffuse as an interstitial element without any deviation
from the classical (Arrhenius) behavior. According to [31], the published discussion
considers the possibility of hydrogen capture by thermally equilibrium vacancies.
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Systems with negative heat Systems with positive
of mixing heat of mixing
—— Solid solution —— Solid solution

----- Amorphous phase -+++- Liquid

Enthalpy of formation (arbitary unit)
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A a B A b B
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Fig. 3. Schematic diagrams of enthalpy of formation AH for A—B systems with negative heat of
mixing (a) and positive heat of mixing (b) as a function of chemical composition at 300 K [33]

However, their concentration C is insignificant even at melting temperature T
(C ~ 10*-107°). Nevertheless, in the stress field, mobile hydrogen atoms generate ex-
cess site vacancies, the concentration of which is several orders of magnitude higher
than that of thermally equilibrium point defects. Elucidation of the role of these va-
cancies in the defect crystal structure requires additional data.

Identification of metal hardening mechanisms up to now remains one of the
most important problems of dislocation theory [32]. Besides, the relative importance
of thermally activated obstacles (solutes, dislocations of forest, jogs) and more strong
barriers slowing down the movement of gliding dislocations are still subject to specu-
lation. Nevertheless, they have fundamental differences in the following features:
a) short-range obstacles can be overcome using thermal fluctuations; b) when dislo-
cations move outside thermal fluctuations (at distances greater than 5-10 interatomic
spacings), long-range (athermal) stresses become virtually independent of the rate, &,
and deformation temperature, T,. In the literature, researchers try to eliminate diffi-
culties associated with interpretation of hardening mechanisms by identifying and
classifying thermal obstacles and athermal barriers along the radius of interaction of
dislocations. In this monograph, an attempt is made to separate the strengthening
effects caused by the activation of short-range thermally activated mechanisms on
the basis of a thermoactivation analysis concerning the dependence of the thermal
component of the applied stress T (¢, T) on thermal obstacles. This approach opens
up new possibilities for determining the thermal activation energy, a.e. U, effective
activation volume, a.v., and other activation parameters.
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There are two major points, which in the author opinion need clarifying. One of
them is concerned with macroscopic changes in the strain responsible for the appear-
ance of the Portevin-Le Chatelier effect and jerky flow. The other is related to the
model calculations of the enthalpy formation for metal systems with negative and
positive heat of mixing AH (Fig. 3). Metastable amorphous alloys with negative AH
are defined by a free energy close to the free energy of equilibrium compounds (A,B,,
AB,) due to the existence of chemical and topological (short-range) order (Fig. 3, a).
Clustering or other types of local structures (of short and middle order) remains un-
explored (Fig. 3, b).

Physical Premises and Background

It is generally accepted that in physical metallurgy the mechanical
properties are available with microstructure, chemistry, and processing methods of
metal alloy systems and structural materials made of them. The properties appear
now necessary to define the newly developed technologies of alloys and their metal
matrix composites (MMC). The multicomponent alloys exhibit optimum strength
due to commercial developments in practice. In particular, yield strength in excess
over 500 MPa are fairly common and promising in production scale. Besides, light
metal alloy systems, i.e., magnesium, aluminum and titanium based alloys, appear attrac-
tive for their potential of large scale economic production required for the development
of their technological applications. Nevertheless, ductility and toughness tend to be un-
predictable. In spite of numerical studies on the conventional alloys, there is still uncer-
tainty as to the sources of ductility and toughness variations. Moreover, the main source
of the rapid increase in the macroscopic yield stress in bcc metals and their interstitial
solid solutions is still a matter of controversy as well, moreover in hcp crystals (Ti, Zr,
H,) impurity interstitials amplify the covalence of their bonds and cause an embrittle-
ment of these metals. Despite the commercial developments in technical practice, it is
only within the two-three last decades that fundamental studies of strength physics have
been performed and analyzed [33]. The wealth of work that has been done in the past 10
years on atomistic and dislocation dynamic simulations in line with clean and clear ex-
periments on strain localization via microstructural observations [34-36]. However,
these research works bear a relation to the Portevin-Le Chatelier effect and serrated
yielding near the yield point or above macroscopic flow stress. The sole subject of the
discussion is an analysis of the yielding evolution as a macroscopic phenomenon in
terms of strain rate sensitivity of flow stress connected with activation of long-range dif-
fusion mechanism. As to the Portevin-Le Chatelier (PLC) effect, dynamic strain aging
and serrated yielding a maximum stress drop Ac occurs near the ultimate stress during
localized necking, just prior to fracture. This type of discontinuous and repeated yielding
is commonly referred to as the PLC effect. However, it is not possible with the present
evidence to explain rapid strengthening at stresses below macroscopic yield stress
and microyield/creep strain which do not exceed 0.5% at long-term tests. In spite of
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considerable research efforts over the past few years, the subject of the pinning dislo-
cation effects in metals and alloys still requires clarification.

Although great amount of work has been done on creep deformation, creep strength
and material properties of precipitate-hardening alloys, little has been reported on creep/
microyield resistance and long-term strength of rapid-hardening alloys, and what has
been reported is contradictory [37, 38]. Long-term strength of these metal alloy systems
remains an unsolved problem, although limited progress has been achieved with their
processing. Its clear-cut explanation, however, has not been given so far, because experi-
mental results are insufficient to clarify the phenomenon of rapid strengthening.

Moreover, the Cottrell drag accounts satisfactorily for the enhanced resistance to
the dislocation movement in the stress region of 10~° cm/sec. With this provision,
enrichment of the ordered atmosphere occurs by long-range diffusion, thereby in-
creasing the dragging effect above the level predicted by Snoeck in terms of a short-
range mechanism [39].

Because of the inherent difficulties in determining the concentration of vacancies by
TEM [12], original experimental techniques should be developed to detect any system-
atic variation in the maximum vacancy concentration for different alloys with equivalent
solute contents. Besides, from the experimental observations of clusters by TEM it is im-
possible to determine which solute atoms are most strongly bound to vacancies.

One of the basic questions concerning microplastic deformation of metal alloys
below macroscopic yield stress is the mechanism of dislocation creep resistance at
elevated temperatures. It would, therefore, be expedient to assess the creep resistance
of rapid-hardening alloys, to specity the dislocation nature of their rate-controlling
mechanisms and to resolve controversies and augments of the limited information
available in the literature.

Structural analysis is aimed at characterizing the microstructure and microme-
chanical properties relations in eutectic alloys to be investigated with and without RE
to compare them using compositional and microstructural data on their microyield
and creep behavior at elevated temperatures of stabilization. It would be also expedi-
ent to investigate the physical nature of microyielding in the matrix (crystalline lat-
tice), structural defects (grain and cell boundaries) and crystalline interfaces using
thermoactivation analysis of pair defects, grain boundaries and eutectic phase relax-
ation as well as internal friction background after different processing.

At this stage Research Program aims to reveal the controlling mechanisms respon-
sible for the creep rate in RE-free Mg, Al and Ti alloys on the basis of comparative
structural and thermoactivation analyses of their solid solution (segregation), age-
hardening (intermetallic), dispersion and grain boundary strengthening by additional
alloying them. Although a small grain structure is believed to be undesirable for high
temperature applications, the formation of nanoparticles along the grain boundaries at
high temperature is expected to increase the dislocation creep resistance.
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For phase identification, XRD analysis was performed using a Sie-
mens diffractometer with a CuK  radiation. The phases were iden-
tified by comparing the experimentally determined 20 values with
those of the published standard diffraction data. Lattice parameter
measurements were carried out using XRD procedures. The large
diffuse background intensities of the XRD spectra can be explained
by the existence of large number of vacancies or ordered atomic
displacements in the interface region. Quantitative results were ob-
tained after instrument calibration by using a pure Si standard
specimen. Repeated measurements of the diffraction line positions
resulted in an error of £0.05 for 20 values. For a substitution solid
solution, the lattice parameter exhibits an increasing tendency to
reduce with increasing solute concentration.

The integral width of the diffraction peaks was used for evalu-
ation of the mean size of the coherent diffraction domains and the
microstrain in deformed specimens by the Williamson-Hall meth-
od [40]. The volume portion of the second phase was approxima-
tely estimated by the peak intensity comparison approach. Energy-
dispersive X-ray spectrometry (EDX) was used for chemical mic-
roanalysis.

Microstructures of alloys obtained were characterized by em-
ploying scanning (SEM) and transmission (TEM) electron micros-
copy and analyzed by electron diffraction pattern evaluation. The
volume fraction of second phase was determined by selected area
diffraction (SAD) patterns taken from a selected area of 22 um? by
the movement of the selected area along the foil.

Electron diftraction shows Debye ring patterns due to the poly-
crystalline nature of the sample. Phase analysis was performed by
comparing the theoretical electron diffraction patterns calculated
by EMS with those experimentally obtained.

ESCA studies (N (E), E is the binding energy) and XRD pat-
terns, in contrast to electron diffraction, did not reveal any lines
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from the surface oxide layer. Generally, X-ray scattering in a material is much weaker
than electron scattering. Accordingly, electrons do not penetrate deeply into a solid,
which makes electron diffraction more sensitive to surfaces than XRD.

The density measurements by the Archimedes method were performed using
methylene iodide as a liquid. A minimum of three meaningful measurements are
considered to be an average value.

Thin foils for TEM examination were prepared by mechanical grinding and ion
milling. Vickers microhardness was measured using 100 g load for 15 sec on polished
sample surface to reduce variability. An analysis of variance was carried out to ac-
count for statistically significant differences in density and hardness values. The typi-
cal standard deviation was £0.02 g/cm® for density, and +9 for Vickers values. The
particle size in the nm-range was revealed by high resolution electron microscopy
using lattice contrast evidence.

Nanostructure in alloys subjected to severe plastic deformation [41] was formed
by torsional deformation under a quasi hydrostatic pressure of 6 GPa with the true
logarithmic strain to be 7. The sample structure was studied using a JEM-2000 EX
transmission electron microscope with acceleration voltage of 200 kV, using SAGD
pattern, bright field and dark field images. Nanocrystalline samples were prepared by
an isothermal annealing of an amorphous ribbon below the conventional crystalliza-
tion temperature using a scanning calorimeter (DSC-II, Perkin-Elmer) so that the
annealing process stopped after the exothermal crystallization peak, i.e., complete
crystallization. Electron probe compositional analysis of amorphous and crystallized
samples indicates the overall composition preservation. Amorphous alloys with dif-
ferent chemical compositions were made by melt-quenching using a single roller
melt-spinning apparatus.

Mechanical alloying has been recently used to synthesize a variety of inorganic
solids including intermetallic compounds and composites. An advantage of this
processing route is that synthesis of fairly high melting materials takes place at room
temperature. Another advantage is that the structures generated are often nanocrys-
talline, with interesting properties.

The average nanograin size is measured by XRD in CuK_ radiation. To evaluate
the effective grain size and the mean square strain, we used a double peak Warren-
Averbach analysis based on determination of the X-ray diffraction line broadening.
Herein rolled samples were continuously rotated during the measurement to decrease
the effect of the deformation texture.

A relatively large uncertainty is expected to be due to the brooding diffraction
lines because of small size of crystalline. The appearance of both a typical amorphous
halo and the point reflection on the SAD patterns provides the evidence of the exist-
ence of a phase-mixture of amorphous and crystalline states in the structure. A mean
crystallite size defined by dark field images is 10-30 nm.

The average nanoparticle size can be obtained by TEM and/or XRD analyses.
Scanning probe microscopy was used to study the nanometer-scale morphological
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changes in metal alloys. Average (mean) grain size in nanocrystals was determined
using XRD approach, the so-called area-averaging Warren-Averbach method, from
the mean coherent scattering length normal to the diffraction direction after remov-
ing instrumental broadening (with error about 25%).

Microhardness was determined by the Vickers method using a 0.5 N load applied
for 30 sec. Each hardness value represents the average of 10 such measurements.

The effective elastic modulus was estimated on the basis of sound wave velocity
measurements using a pulse-echo method of 5 MHz frequency. Velocities of longitu-
dinal (v, = V¢, / p) and transversal (v, = VG / p) ultrasound (10° cm/sec) waves were
measured. Here p is the sample density, ¢, is the longitudinal elastic modulus, and G
is the shear elastic modulus. The direction of the wave propagation vector coincides
with the vector parallel to the sample thickness. Isochronous annealing of the nm-
crystallites was carried out at sequentially increasing temperatures.

Positron annihilation technique is a power and promising tool in the study of va-
cancy-sized defects in solids, and it was applied to examine the defective structure in
cluster-forming and nanocrystalline metals and alloys. Since nano-sizes are much
smaller than the mean diffusion way of positrons (~100 nm), positrons may diffuse
rapidly across undistorted crystals into the interfaces to be trapped and annihilated
with high probability. So, the positron lifetime and intensity reflect the volume and
density of the interfacial defects. There are two types of defects including free-volume-
size defects (point defects) and nanovoids (clusters of free volume) in the interface
boundaries of nanostructured alloys [42]. Additionally, microgravimetry and positron
annihilation are used to characterize the reduction of surface oxide layers and some
impurities on ultrafine powder, if these effects are at least not revealed by TEM.
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Chapter

CLUSTER STRUCTURE
OF A MELT

1.1. Physics of Liquid State:
Modeling Clusters in Liquid Metals and Alloys

Existing experimental procedures for studying the structure of
disordered systems can give averaged characteristics only. There-
fore, to obtain detailed structural information, models are re-
quired to be constructed, which could describe the available data.
There are a number of algorithms for simulation of atomic struc-
ture of liquid and amorphous metals based on evidence derived
from diffraction experiments such as structure factors as well as
atomic radial distribution functions. Using the experimental
atomic pair correlation function, a modeling approach is suggest-
ed to reconstruct the structural state of a disordered system on
the basis of diffraction evidence applied to liquid magnesium and
aluminum [43]. Results obtained are consistent with the fact that
clusters responsible for hcp- and fcc-like ordering exist in pure
liquid metals (Fig. 1.1).

These crystal-like clusters combined in the distorted fcc struc-
ture are treated as nuclei of the fcc phase in liquid, then the result
obtained suggests the existence of regions with crystal-like struc-
ture at temperatures close to the melting temperature, and the de-
crease in their concentration and sizes during heating.

Binary and liquid phases show strong ordering tendencies
around their stoichiometric composition. In order to account for the
strong ordering tendency in the liquid phase, the modified elastic
and quasichemical models [44-48] consider the short-range ordering
of nearest neighbor atoms in the liquid as liquid solutions. Such an
approach gives a more realistic description of short-range ordering in
liquid solutions, compared with the conventional simple random-
mixing polynomial model. In the case, the energy of nearest-neigh-
bour pair formation is expanded as a polynomial in the pair function
instead of the component function of the previous model.
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Under certain kinetic and ther-
modynamic conditions, far from
equilibrium, crystallization and mel-
ting of metal, semiconductor and
ion crystals, by data from digital
DTA (Fig. 1.2) are followed by for-
ming self-organized nanosystems
with a clusterized structure in me-
soscopic areas below and above T
(approximately by 30-60 K) [48].

Local (short-range) order is
0 02 04 06 03 Rom certain to arise if the number of
short-range unlike atom pairs is
greater than that in a random solu-
tion [44]. The existence of chemical
short-range order in liquid alloys is also supported by neutron diffraction which is
considered to be direct experimental evidence [45-47].

Additional research of non-equilibrium crystallization [49] shows that this phe-
nomenon is quite common, connected to intensification of cooperative (dissipative)
processes and instability of thermodynamic parameters. General concept of “in situ”
diffusion nano-clustering of melt structures and their solid solutions is being devel-
oped, according to which a cluster should be considered as a source of crystal nuclei in
matrix of eutectic alloy. Similar genetic structure of “liquid” and solid matrix clusters is
confirmed not only by experimental data, but also by calculation of the cluster electron
structure from the first principles with usage of ab-initio FLAPW method with full ap-
proach to cluster potential [50]. Size of primary nanoclusters calculated by the Frenkel-
Hight method is in good agreement with data of mechanical spectroscopy. Besides,
their size for Mg-1%Ba alloy melt reduces (from 4.7 nm to 1.5 nm) in the region of pre-

Fig. 1.1. Crystal-like liquid clusters in melts of pure
metals [43]
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Fig. 1.2. Digital differential thermal analysis of Mg-1% Ba alloy melt: Wavelet-diagram of heat flows
of premelting dissipation upon heating with a rate of 10 K/min (a) and change in intensity E  of
premelting dissipation processes in various kinetic modes (b) for nanocluster-induced premelting [48]
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melting with increasing heat rate, but in the region of post-melting slightly increases (at
5 K/min). Process of structure nano-clustering is accelerated by introducing cluster-
forming elements like Ba, Gd, Y to a-Mg and Al, especially with melting of alloys with
restricted mutual component solubility in stationary dynamic modes of pre-melting
with different kinetics of crystallization (1 K/min, 5 K/min, 10 K/min).

Process of nano-clustering is facilitated with imposition of weak magnetic and
pulse electromagnetic fields (0.03-0.5 Tesla [51]). Formation of electron structure
and coherent interfaces in nano-clusters (5-12 nm of size and 10'°/cm? of density)
[49, 52] causes effects of additional light-adsorption with higher quantum yield of
photoemission, as well as solid-solution strengthening of matrix by new cluster-
induced mechanism [53], thus opening perspectives for the creation of new genera-
tions of functional materials of vacuum nano-electronics, and light constructive al-
loys with a clusterized matrix structure.

1.2. Liquid Cluster Compound Formation

In the present work, an attempt has been made to investigate char-
acteristics of solute clustering in a liquid atomic structure by recording the weak heat
effects that could be caused by the short-range ordering in liquid solutions of the
magnesium alloys containing cluster-forming additions such as Gd, Ba, Ti, and Y.
Such thermal effects were first revealed in the hcp Mg—Al—Ca—Y (Gd) system by
using DSC technique which enables the alternative exo- and endothermal reactions
to be measured with a high accuracy of 0.01 J/g (Fig. 1.3). It is important to underline
that the same DSC effects were also revealed in the liquid Mg—Ba and Mg—Al—
Ca—Ti systems. The observed exo- and endothermal chemical reactions are most
likely associated with the appearance of the binary cluster A B compounds. The
same shape of the primary heating and cooling curves demonstrate the occurrence of
cluster-induced A and B regions in a macroscopically uniform melt (Fig. 1.3). Suit-
able DSC peaks with a small specific enthalpy represent the energy expended in the
liquid when forming the cluster chemical bonds (A region) and the energy absorbed
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in the liquid when breaking the chemical bonds during the dissolution of the cluster
separations (B region).

The atomic distribution in cluster solutions of liquid eutectic alloys shows both
topological and chemical short-range order with the tendency to form self-associated
atom groups and chemically ordered clusters of unlike kind atoms [54].

DSC observations of the liquid solutions register the weak thermal effects of
chemical reactions at short-range (atomic) distances. They support the appearance of
weak exothermic peaks with association heat of up to 0.05 J/g as well as weak endo-
thermic peaks with the reversed sign and a dissolution heat of up to 0.25 J/g. The
values of reaction heat measured in the Mg—Gd system appear to be by four orders
of magnitude lower than those for melting (234.1...255.6 J/g) and crystallization
(243.1...254.8 ]/g) Besides, DSC peak areas on the calorimetric curves correspond to
the heats of reactions caused by positive absorption and negative generation of ther-
mal energy during the Mg Gd_ clusters formation and their dissolution, respectively.
Furthermore, A and B regions are zones of their formation and dissolution in the
melt under overheating. It follows that it is A_B_non-crystallizing clusters with more
dense packing that must be embedded in the primary solid solution during melt so-
lidification. For this reason, a genetic relation between A _B_ clusters formed in the
atomic liquid and embedded into the primary solid solution is likely to take place.
Liquid clusters have been revealed in many alloy systems [55-57]. However, the phys-
icochemical principles of cluster-forming alloying can be formulated on the basis of
the findings (Fig. 1.3) and more obvious physical interpretation of their behavior to
indicate that A B_chemically bound cluster compounds arise in the liquid.

A genetic relation between solid and liquid states, i.e. structures of short-range
ordered clusters in a melt and primary solid solutions, facilitates introducing modifiers
such as AL Zr in the fcc Al as well as refractory alloying elements such as Ti having a
large enthalpy of mixing in the hcp Mg. Heat effect characteristics emanate from solute
clustering in a liquid atomic structure to form A_B_solid-state cluster compounds such
as Mg Ba, in the Mg—2.1Ba system and Al Ba in the Al—1.0Li—2.1Ba system. The
method enables the pre-cluster complexes and pre-phase cluster compounds to be
formed by a self-supported mechanism. Besides, these results are the first indication
that A B_cluster compounds under investigation can be formed directly from a melt.

Concluding Remarks

The evidence derived from diffraction, neutron, and digital DSC/
DTA measurements brings a larger volume of available information on the melt
structure of metals and their alloys based on crystal-like clusters at temperatures
close to the melting temperatures. Elastic and quasi-chemical models indicate that
the atomic pair correlation functions and structure factors are consistent with the
experimental observations in liquid alloys studied.



Chapter

FORMATION OF SOLID
CLUSTER COMPOUNDS

2.1. The State-of-the-Art Research

Describing a wide variety of so-called multi-level solute-defect struc-
tures in a-primary solid solutions systems is a longstanding prob-
lem in material science. At first glance, the structures seem rather
uninteresting but they are much richer than commonly appreciat-
ed. The structural transformations in solid solutions in the early
stage of their evolution were summarized and systematized in terms
of trapping hydrogen by thermally equilibrium vacancies (10 at
T, of fcc Al) [58]. However, purely vacancy diffusion mechanism
modeling based on the surface-sensitive techniques such as absorp-
tion, desorption and permeation, in this case, produces the data con-
fusion when measuring solute atom diffusivity. Besides, new data
obtained show evidence of generating excess (non-intrinsic, struc-
tural) vacancies by the stress field of mobile hydrogen [59-60]. With
this condition, the concentration of excess vacancies is found to
exceed that of thermally equilibrium ones by two-three orders of
magnitude. Moreover, their short-range ordering has length scales
that are difficult to study with the above conventional techniques.
On this view, the introduction of more precise and highly
structure-sensitive techniques such as positron annihilation, Auger-
electron, mechanical spectroscopy (internal friction) and electric
resistance is believed to facilitate the study of short-range interac-
tions between structural defects and solutes to analyze their behavior
as cooperative phenomena. Such an approach has a significant po-
tential for providing more general insights into clustering a struc-
ture that occurs during the mesoscopic evolution of the phenomena
in many aspects of precision alloying and related casting technology.
Many aspects of the effects have been reasonably well interpreted
[61-63]. At the same time, the physical interpretation of the struc-
tural transformations is being hindered by a lack of modeling and
experimental information, in particular, for the metal alloy systems
enriched with excess vacancies. It is well known that mobile vacan-
cies efficiently restore the chemical short-range order as they mi-
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Fig. 2.1. Assessed Mg—Ba phase diagram [77]

grate by thermally-induced mechanism in disordered solid solutions [64]. Much
work remains to be done for a better understanding of the cluster-forming alloying
mechanism. Its thermally activated analysis appears to be a complex sophisticated
problem of basic physic researches [65]. The cluster-forming metal alloy systems have
been an object of extensive investigations considering their technological importance
as a basis for different applications. It is generally recognized that nanocluster-in-
duced optical properties of metal alloy systems are of great interest for high-current
electronics, first of all, due to the highest relaxation rate for electrons [66, 67]. Novel
approaches in preceding theory of alloys associated with recent progress in nano-
physics [68-69] have promoted the development of a new class of promising pho-
toemissive materials in terms of nanocluster-forming alloying [66]. The electronic
structure of the clusters and their chemical reactivity, magnetic and optical properties
are among the most important issues in cluster physics [70-73]. Photoemission tech-
niques have proven to be a very powerful tool in elucidating the electronic structure of
supported clusters. Using available data of X-ray and UV-photoelectron spectroscopy,
as well as Auger-electron spectroscopy and bulk paramagnetic susceptibility, there has
been for the first time established the reliable correlation between the improving quan-
tum vyield of photoemission and the increasing local density of states near the Fermi
energy for hcp and fcc solid solutions to be considered as open systems with the de-
stroyed long-range order [66]. The essential improvement in quantum efliciency for
promising metal alloy systems is expected to speed up works in developing photoemit-
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ters as key components of photoelectron guns. Nevertheless, basic information on the
physical nature of the phenomenon is still scarce. Besides, the sequential interpretation
of binary cluster compound properties is restrained, first of all, due to unsatisfactorily
describing their electronic structure. Since details of the cluster compound formation
are impossible to be completely controlled, the exact nature of their chemical bonding
strength compounds is not yet completely understood.

The main purpose of the present study is to work out a problem of the paired
and collective short-range interactions between solutes and structural defects aimed
at elucidating their physical origin and evolution in metal alloy systems enriched
with excess vacancies. It therefore seems appropriate to give an idea of solute clus-
tering in the liquid and solid-state solutions as well as to gain some insight into the
nature of the short-range interactions between solutes and structural defects. In this
contribution, we present the most salient features of the A_B -type binary cluster
compounds in terms of a detailed analysis of their electron-sensitive properties. A
number of metal alloys with hcp and fcc structure were studied to obtain data re-
quired for better understanding of their fundamental properties in solid-solution
alloys enriched with excess vacancies.

2.2. Experimental Procedure

Cast magnesium, aluminium and titanium-based alloys of given
chemical composition were made using the ingot manufacturing methods described
elsewhere [74]. Cluster compounds of the A B * type were produced using a physical
method of melt treatment by a pulsed magnetic field [75] aimed at embedding the
chemically bound compounds in the primary solid solution to be suitable for such a
case. Characteristics of solute clustering in a liquid atomic structure were generated
by thermal reactions and calculated from differential scanning calorimetry (DSC)
thermographs obtained from suitably designed experiments to identify DSC peaks
[76]. Magnesium alloy of hypoeutectic origin was chosen as a reference material to
explore the possibility of chemical reaction synthesis in liquid solutions (Fig. 2.1).
Pre-cluster separations (complexes) and pre-phase cluster compounds were also gen-
erated by isothermal heat treatment followed by quenching with increased under-
cooling temperatures and subsequent ageing.

To form more stable configurations, the excess vacancies of high density tend to
clusterize with alloying elements (AE) and to act as deep traps with sufficient binding
energy, which requires higher temperature for the onset of core vacancy migration.
Hydrogen to be useful as a probe for structural analysis was added to generate excess
concentration of non-intrinsic (structural) vacancies exceeding that of thermally
equilibrium ones by two-three orders of magnitude. The hydrogen vacancies facili-
tate the formation and evolution of atomic groups in solute-defect structures. The
experiment procedure relates to introducing excess vacancies by the stress field of

* A_ is the number of solvent lattice atoms; B_is the number of solute atoms.
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mobile hydrogen atoms which are certain to be a source of point defects. In this
study, alloys in the hcp Mg—Ba—H, hcp Ti—H and fcc AI—H systems were inves-
tigated using the electrochemical introduction of hydrogen into samples in order to
check on and support a concept of the paired inelastic relaxation and cluster-induced
structural transformations in the hydrogenous solid solutions with known amount
of hydrogen C, [78].

A possibility of pairing the alloying constituents consisting of a solute and a va-
cancy was evaluated by using the electron-positron annihilation technique. The cap-
ture (in the potential wells) and annihilation of the thermalized positrons with con-
ductivity electrons are certain to occur on the structural defects (vacancies and dislo-
cation cores) providing a non-uniform distribution of electron density. Therefore, the
values of parameter S, which characterizes a probability of the annihilation as well as
the range of the positron wave function, were calculated from a spectrum of the an-
gular distribution of photons. Positrons as the lightest chemical analogs of protons
can be regarded as a probe of atomic localization sites due to their ability to be trapped
at the open-volume type defects. The sizes of positron localization sites in a specific
alloy were calculated from the measurements of the angular distribution of annihila-
tion photons by using a conventional long-slit spectrometer with a *?Na radioactive
positron source of about m Ci activity. The dispersion of angular resolution function
estimated from positronium narrow component width in single-crystalline silica
constitutes of about 0.55 mrad (standard deviation). The positron localization radius
is assumed to be proportional to the defect size.

Internal friction (Q™') values have been measured by using the inverse torsion
pendulum technique [79, 80] at the stress amplitude of 10~ G typical for the low-
frequency range of 0.5-3.5 Hz. Activation parameters of paired relaxation and activa-
tion energies (a.e) E for the short-range reorientation of the paired point defects in
the cyclic stress field were determined by the well-known method of Wert-Marx as
well as by the peak half-width measurements under the data of the discrete tempera-
ture spectra of internal friction (mechanical spectroscopy). Frequency factor T
(short-range atom jumps) was calculated from an equation for the inelastic time t =
= 1.exp [E(kT)™']. Ultraviolet (UV) photoelectron and Auger electron spectroscopy
(AES) were used as advanced short-pulse methods not only for the thorough physi-
cochemical analysis but also for examination of pre-phase transformations [81, 82].
AES spectra were taken under ultrahigh vacuum conditions, with Ar* sputtering re-
quired for in situ sample cleaning [23]. Electron spectra induced by the photo- and
Auger electron transitions were recorded with the relative spectral sensitivity of about
0.3% and 0.01%, respectively, with the energy resolution better than 0.1 eV (in a UV
spectral range). AES and TEM-observations were carried out with instruments JAMP-
100, JEOL C and JSEM-200. Electrical resistivity data were obtained and processed
with the use of the experimental procedure described elsewhere [83]. Densities of
states (DOS) for magnesium and the Mg Ba_ cluster compound were calculated with
the use of the Full Potential Linearized Augmented Plane Wave (FLAPW) package
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representing the well-documented and well-recognized forecasting technique for ab-
initio theoretical analysis of cluster electronic structures [84].

2.3. Pre-Cluster Solid-State Complexes

The effect of inducing the excess (non-intrinsic, structural) vacancies,
(V), by the stress field of mobile solutes (hydrogen and the like) was predicted theoreti-
cally and then explained in a series of our works for metal alloy systems of hypoeu-
tectic origin having regions of extended substitutional solid solutions [59, 78, 85].The
excess concentration of vacancies in the hydrogen-charged alloys is found to exceed
their thermal equilibrium one in pure metals by two-three orders of magnitude.
Annihilation of positrons is believed to occur with a probability of S in the re-
gions having a low electron density typical of the crystalline defects (excess vacancies
and dislocation cores) which act as traps for the capture and localization of elemen-
tary particles. Following the data, the behavior of excess vacancies generated by the
stress field of hydrogen atoms suggestive of B V. complexes is first detected in the
Mg—Ba—H alloys. Owing to the accepted approximation for positron wave function
(superposition of a parabola and a gaussian) [84] we succeeded in obtaining the cal-
culated values of the localization range for defects in magnesium and its alloy with
barium (Table 2.1). The almost two-fold decrease in positron localization radius, i.e.,
mean open-volume defect size, is recorded for hcp Mg—2.1Ba—1.1H as against with
hcp Mg. It appears from this that Ba atoms are really localized near excess vacancies
by means of contracting the localization range for positrons. This suggestion is
strongly supported by the data of mechanical spectroscopy for magnesium alloy in
the hcp Mg-Ba-H system enriched with excess vacancies (Fig. 2.2). An isolated solute
atom and a node monovacancy in the anisotropic hcp lattice cannot be inelastic re-
laxation centers due to the low crystal symmetry to be maintained. The appearance of
the relaxation maximum A of vacancy origin in the discrete temperature spectrum of
internal friction is attributed to the paired inelastic relaxation caused by the Ba—V_
dipoles in the cyclic stress field (curve I — quenching) and enhanced by the grain
boundary (GB) relaxation (B). Thermally activated recovery of the defect structure is
accompanied by suppressing the GB-induced relaxation (B) and appearing the peak

Table. 2.1. Parameters of electron-positron annihilation
for magnesium and its alloy with barium

Composition Parabolic Gaussian Angular Positron Positron
o fS llovs component | component distribution localization | wave function
Y S, % Sp % function*, ®;, mrad | radius, R , nm range, nm
Hcp Mg 75.4 24.6 5.32 0.060 0.156
Mg—2.1Ba—1.1H 78.1 21.9 5.09 0.063 0.079

* With standard deviation of 0.55 mrad.
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Fig. 2.2. The discrete temperature spectra
of internal friction Q'(T) at 1Hz with mea-
sured damping components (above back-
ground) for Mg—2.1Ba—1.1H in which are:
first revealed: the Ba-V_ paired defect-in-
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C which is associated with the segregation of activation of alloying elements at the
GBs (curves 2 — annealing and 3 — slow cooling). Internal friction data (Fig. 2.2)
give the first clear evidence for the presence of the B V -type complexes in the hcp
Mg—Ba—H system.

These separations relax the lattice strain in the a-Mg matrix by stress-induced
reorientation of elastic dipoles oscillating in the cyclic stress fields.

The pairing of solutes with excess vacancies provides the anisotropic fields of inter-
nal deformation with symmetry different from that of the crystal. In other words, they
represent inelastic (time-dependent) relaxation by reason of the reorientation of the
BV, elastic dipole in the cyclic stress field. Solute ions are expected to be paired with
positive ion vacancies, which attract them strongly and produce large lattice distor-
tions. In magnesium alloys with strong chemical interaction, it is more likely that the
excess vacancies will remain in solution associated with solute alloying elements in the
form of the BV pre-cluster complexes which are termed sometimes as primary sepa-
rations. The comparatively large values of the solute-vacancy binding energy implicate
that it is possible to suppress the precipitation phenomena. The atom size difference in
binary solid solutions, as a rule, induces short-range ordering, as suggested by Rudman
[86]. As a result, local stress fields of the mobile dissolve atoms generating the excess
vacancies [59] cause unsymmetrical strains and statistical atomic shifts. This leads to
the partial relaxation of the pre-cluster separations energy. Therefore, at this point,
these become diffusion traps for excess vacancies to be captured.

At higher temperatures the thermally activated clustering of solutes and excess
vacancies in the structure of solid solutions causes in two standard curve noticeable
deviations from linearity AR (T), the positive or negative sign of which depends on
the nature of crystalline matrix (Fig. 2.3). Because of different electronegativities and
valences, they are of the positive sign for fcc AlI—H, AR (T,C,) >0 and the negative
sign for hcp Ti—H and other hydride-forming metal alloy systems, AR (T, C,,) < 0.

Measuring electric resistivity increments in the wide range of quenching tem-
peratures for pure magnesium, aluminum and titanium and their alloys with hydro-
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Fig. 2.3. Electric resistivity, R, as a function 200
of temperature, T, with deviations from
their linear relationship at higher tempe-
ratures for a-Ti—0.5H (I) and Al— 0.5H
(2) alloys. (Arrow indicates measured R
values for A1—0.5 H)
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the binding energy (E, ) between va-
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for the Al—H and a-Ti—H systems, respectively. Positive deviation, AR (T, C,,,) > 0
is observed in the Al—H non-hydride-forming system which stimulates the forma-
tion of the V.—H complexes with high binding energy (E, ~ 0.5 eV/atom) due to the
less electronegative fcc Al. The probability of H-trapping vacancy in the fcc Al-H
system was postulated by Hashimoto and Kino [87]. The hydrogen diffusivity meas-
urements in metal crystals reveal the deviation from classical (Arrhenius) behavior
due to the activation of the immobile trapping centers — substitutional solutes [63].
Negative deviation, AR (T, C,,)) < 0, characterizes the Ti—H hydride-forming sys-
tem due to the more electronegative hcp Ti. Nucleation of the hydride phase appears
to be dependent upon the excess vacancies concentration and binding energy E, re-
sponsible for the strength of the complexes. While the strong thermally activated
dissociation of the V.—H pairs suppresses the hydride nucleation in the Al—H sys-
tem, on the contrary, weak thermally activated dissociation of the pairs in the Ti—H
system encourages the hydride nucleation at significantly lower temperatures when
the atomic redistribution and vacancy mobility become increasingly difficult.

Thus, the short-range interaction of an excess vacancy with a solute atom to form
the chemically bound complexes is considered to be one of the most probable rate-
controlling mechanisms which cause the anomalous deviations of solute diffusivity
from the classical (Arrhenius) correlation in solid solutions. This effect has been detected
in many hcp and fcc binary and ternary alloys with increasing temperature [59].
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2.4. Solid-State Cluster Compounds

According to the Mott-Nabarro theory [88], the solute atom clus-
ters, as well as Guinier-Preston nanosized zones cause the internal stresses in a ma-
trix prior to coherent precipitation. Transformation of nanoclusters into nanoparti-
cles, on the contrary, may be fixed only, for example, in water solutions transparent
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for radiation by X-ray absorption spectroscopy technique. Such an approach is not
available for metal solid solutions that are non-transparent for the spectral examina-
tion. The phase particles as small as 5 nm may be identified by proper electron micro-
scopic technique. However, clusters crystallographically ordered with the matrix are
not resolved by TEM observation, e.g., in a dark field micrograph being the integral
part for primary solid solution.

In order to attack the problem of revealing the cluster-induced microstructural
changes in deformed matrix lattice and adapt them to a selected area-diffraction (SAD)
technique, cluster compounds were grown up to the appearance of nanoparticles
(<100 nm) by diffusion-controlled encounter mechanism. This method was certain
to be enough for observing the residual features and traces of clustering a crystalline
structure in the primary a-solid solution after short-term annealing at 423 K. Select-
ed-area electron diffraction patterns for the hcp Mg—2.1Ba and fcc Al—1Li—2.1Ba
alloys are presented in Fig. 2.4, b. It is seen that SAD patterns taken from the phases
of cluster origin are characterized by the streak-like reflections which are closely
associated with the matrix spots and indicative of the nucleation of the Mg, Ba, clus-
ter compound in the hcp Mg—Ba alloy and the Al Ba, cluster compound in the fcc
Al—1Li—2.1Ba alloy respectively. As a rule, these cluster compounds reflections are
found out in reflections of the Mg _Ba, and Al ,Ba phase thereby testifying to the af-
finity of their lattice parameters.

The matrix reflections of arc-like shape and their fuzziness indicate the cluster-
ing of solute atoms in a solid solution structure representing the pre-phase com-
pounds that resemble the Guinier-Preston zones. The results obtained are consistent
with the well-known Curie’s symmetry principle [89] according to which the crystal
nucleus shape maintains only those intrinsic symmetry elements that coincide with
the superposed symmetry elements of surroundings. Weak distortion of the crystal-

(10)Mg,,Ba, (100)a-Mg (200)Al 5 (110)Al,Ba
a

Fig. 2.4. Selected area diffraction patterns taken from Mg Ba, (a) and Al,Ba (b)
phases of nanocluster compound origin
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Fig. 2.5. Cluster-induced chemical (ener-
gy-dependent) shift of LVV-transition 52.6 eV
in Auger electron spectrum in going

from hep Mg (a) to Mg—2.1Ba alloy (b) d2ev

line structure of a solid solution
by embedded nanoclusters is
thought to maintain the main el-
ements of a bulk crystal. The
weak lattice distortions observed
in the Mg—Ba, as well as in Al—
Li, Ba systems (Fig. 2.4, a, b) give
rise to measurable effects of the 394 eV
clusters presence. Since nano-
cluster compounds cannot be 29.2¢V 3l.2eV

resolved by diffraction analysis , , , , , ,
absolutely, the various features a E, ev b

of the cluster compound formation are believed to become clear after further evalua-
tion. Additional support for the mechanism proposed can be seen in Figs 2.4.-2.6.
So-called chemical shifts (to higher binding energy) are observed in the low energy
region of Auger-electron spectrum for magnesium alloys with cluster-forming addi-
tions such as barium (Fig. 2.5). These energy shifts indicate the occurrence of the
bond-dissociation energy which is a measure of the binding energy between the at-
oms in a chemical bond. Under the data of Auger spectral analysis, the shifts are
certain to be caused by the valence electrons within the maximum density of states
suggestive of the Mg, Ba, cluster. Various displacements of LVV — electron transi-
tions detected in a fine structure of the Auger spectra for Mg—Ba and Al—Li systems
demonstrate increase in the binding energy E, for internal electrons, which appears
to be significant for the Mg—2.1Ba substitutional solid solution (up to 2.0 eV/atom)
(Fig. 2.5) and small for the Al—1.0Li interstitial solid solutions (up to 0.4 eV/atom).
Introduction of the cluster-forming AE of Ba in the matrix of Al—Li alloy also in-
creases E, from 0.4 to 1.4 eV/atom.

Possibility to investigate a continuous change of electron states from the atom
orbits to the bands in bulk matter is one of the important aspects of cluster physics.
Such a cluster electronic structure could not be clarified without ab-initio calcula-
tions. Therefore, decoding of the photoelectron spectra with and without embedded
clusters is considered as an effective means for identification of their electronic struc-
ture [90]. To illustrate, the first-principle theoretical calculations of the Mg, Ba, clus-
ter-induced electron configurations in the Mg—Ba system (Figs 2.6-2.8) predict in-
creasing the local density of the engaged electron states near the Fermi energy inside
cluster sites formed by the short-range mechanism. Theoretical calculations of the
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Fig. 2.6. Theoretical calculations of partial electron densities of 3s-2p-states
for Mg atom (a) in terms of model hcp cell used to be transformed into
model atom cluster configuration Mg Ba, (b, c), as well as of partial elec-
tron densities of 3s-2pstates for Mg atom and 5d-state for Ba atom in the
Mg, Ba, cluster (d)

partial DOS for hcp Mg and Mg Ba, are in a reasonable agreement with the experi-
mentally observed distribution of DOS measured for hcp Mg and bulk Mg—2.1Ba al-
loy (Figs. 2.6 and 2.7). The well-resolved spectrum Mg, Ba, is found to exhibit a bulk-
like behavior. In particular, the fine structure of the theoretical spectrum for Mg Ba,
nanocluster calculated with the use of the FLAPW approximation approaches that of
the experimental spectrum for bulk Mg—2.1Ba observed in the UV photoelectron
spectrum range at a photon energy of 8.4 eV (Fig. 2.7). As seen, maximum positions in
DOS distribution for Mg—2.1Ba shifted towards the Fermi energy with respect to posi-
tions for hcp Mg due to the cluster-induced s-, p-, d-hybridization (Figs 2.6, a, d).
Change in the fine structure of energy levels in the UV spectral range, occur-
rence of chemical shifts in Auger electron spectra (Fig. 2.5), and amplification of
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Fig. 2.7. Distribution of the density of states near the Fermi energy in hcp Mg (I) and cluster-
forming Mg—2.1Ba alloy (2) at a photon energy of 8.4 eV

Fig. 2.8. Electron density of states for hcp Be and other metals of subgroup IIA: I — theory; 2 —
experimental data

paramagnetic susceptibility of Mg—Ba alloys [60] show that Ba as a cluster-forming
alkaline-earth AE liquidates minimum on the curve of density of electronic states
N(E) by hybridizing s, p-states of Mg and d-state of Ba (Fig. 2.6, d) and really raises
the local density of engaged states near the Fermi energy of the Mg, Ba, cluster. Since
metal clusters possess high absorption coeflicient for photons in the short-range UV
spectrum range, it is evident that cluster-induced s, p, d-hybrid electronic structure
reveals itself as a system with isolable properties that enables the cluster compounds
to be operated as emission-active centers. The latter are responsible for the high
quantum efficiency which raises a stable quantum yield of photoemission by three
orders of magnitude for the Mg—Ba and Al—Li, Ba systems [60, 91].

2.5. Topical Problems in Cluster Physics

It is very difficult to identify the occurrence of pre-cluster and pre-
phase constituents especially within the crystalline structure of a primary solid solu-
tion. Therefore, metals physics is often entangled in the attempts to correctly describe
the interaction between all types of structural defects conditioning metal alloy prop-
erties. To illustrate, some alloys pass through a pre-precipitation stage at which the
pairing of solute atoms occurs in the form of Guinier-Preston zones having the inter-
nal structure which is coherent with that of the solvent lattice. Following the supposi-
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tions of Ferragut and co-workers [92], Guinier zones or pre-precipitate solute clusters
are likely to be responsible for the kinetics of structural transformations with the
participation of excess vacancies in the early stage. This assumption appears to be
unsound. According to the Mott-Nabarro model [29], the solute atom clusters or
defect-free Guinier-Preston zones are formed in the matrix prior to coherent pre-
cipitation. However, unlike the cluster-induced structure, the zones are typical for
saturated solid solutions not containing vacancies and localized precipitates.

The approach and ab-initio result make it possible to predict increasing local den-
sity of electron states near the Fermi energy level inside cluster sites formed by short-
range mechanism. Thin structure of theoretical spectrum for Mg Ba, cluster approxi-
mates structure experimental RPES spectrum for massive Mg—2Ba (Mg0.94Ba0.06).
TEM researches of magnesium alloy thin structure confirm the presence of disperse
clusters in the sizes 4-12 nm and density 5 x 10'° /cm?. They are coherent with a mag-
nesium matrix. As a rule, these separations are found out in the Mg _Ba, reflections,
which can testify to affinity of their clusterization with the solid solution structure,
representing prophase separations which resemble zones of Genie-Preston, probably
Mg0.96Ba0.04.

In the periodic literature [93, 94] there are two major points of view by which the
pairing of solutes and excess vacancies needs clarifying. One of them believes that
there is a correlation between vacancy binding energy and solute size, i.e., larger
solute atoms tend to bind more favorably with vacancies to relax the strain induced
by solute atoms. The other believes that ab-initio calculations by electron density
function method predict positive vacancy binding energies for some commonly used
solutes, e.g., elements Ca, Na, Cu, etc. in magnesium alloy systems which await ex-
perimental validation. The observations are helpful, although up to now no system-
atic studies have been available in this respect.

The theory of atom size difference considers clustering of solute atoms in a struc-
ture as a mode of local (short-range) ordering [95, 96] where the atoms have an ex-
cess of their own kind for first neighbors. In a binary solid solution A—B, the atom
size difference will give rise to strain energy which can be partially relieved by the
larger A atoms preferentially surrounding themselves by the smaller B atoms, and
vice versa for the B atoms. Thus, size difference always stimulates short-range ordering
in contrast to the other possible mode of local ordering.

Our results strongly support the model of the clustering-type local order pro-
posed by Rudman [97] for describing the short-range mechanism of solid solution
strengthening in bcc Group A metal alloy systems. Since details of the pairing of a
solute with an excess vacancy and cluster formation are impossible to control, the
validity of this model should be tested for experience. When an excess vacancy is
trapped forming a solute-vacancy complex, its apparent migration energy is reduced
by a measure of their binding energy. One should expect the thermally activated de-
viation of the self-diffusivity in the a-Ti—H system from the classical Arrhenius
behavior, as predicted by the authors [93]. Our experimental results (Fig. 2.2) are
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consistent with the published data for the hcp Ti—H system. As a by-product of the
binding energy calculations, we succeeded in obtaining the vacancy formation ener-
gy in magnesium solid solutions [98]. By reason of its physical sense, the trapping
level of the solute-vacancy binding energy gives rise to a considerable impact on de-
termining which clustering process is dominant and, in turn, which postulated pre-
cipitation process can occur. Nevertheless, when the initial solute atoms interact pref-
erentially with excess vacancies, their binding energy, E,, becomes large enough to
maintain the complexes at higher temperatures and to suppress the premature pre-
cipitation process. Further, larger solute atoms, more favorably binding with neigh-
boring vacancies, relax the strain induced by the solutes [94].

In disordered alloys, according to [86], about half of the atom size difference and
elastic strain energy can be relaxed by short-range ordering, so that the strain energy is
not the only local order driving force. Although the clustering of point defects and solute
atoms is certain to be another possible mode of local ordering (Table 2.1, Figs. 2.2 and
2.6), the strain relaxation calculations being a good elastic approximation could not take
into account the effect of electronic interaction (chemical approximation). There are
several model calculations explaining the origin of local order based on electronic struc-
ture [99, 100]. In particular, the analytical approaches [40] predict elastic and electronic
effects due to the filling of electronic states at the Fermi energy of a metal as a result of its
electron charging and lattice distortion by its long-range interaction with solute atoms of
hydrogen. However, the results obtained do not affect the problem of embedding the
A _B_clusters in the crystalline structure of a primary solid solution as elastic interaction
lowers the enthalpy of solution, and, on the contrary, filling of the electronic states in-
creases it. Furthermore, the long-range interaction is shown to be independent of the
chemical reaction course. These results are far from being conclusive at least for solid
solutions enriched with excess vacancies, so most these calculations are clearly not in
agreement with the idea of short-range interaction. Nevertheless, all the data published
in the literature are theoretical premises for developing a unified concept of the short-
range clustering inherent in a solute-defect-vacancy structure.

The observed inelastic stress paired relaxation (Fig. 2.2) and other evidence of the
pairing of solutes with excess vacancies (Fig. 2.3, Table 2.1) demonstrate that a differ-
ent mechanism operates in the cluster-forming solid solutions. Under the data [59,
79, 96], apparent migration energy for vacancy-solute complexes gives a good fit to
experimental data compared to that for solutes. The complexes have higher mobility
with smaller a.e., which differs substantially from that of isolated solute atoms and
individual defects. The formation of paired defects and their complexes enables them
to be relaxed by a rapid short-range mechanism with the participation of the bound
vacancies. With this provision, they are shown to be stable against the thermal dis-
sociation (Figs. 2.2 and 2.3, Table 2.1).

Much progress has been made in researches into electronic structure and optical
properties of metallic clusters [70, 71]. In recent years, significant efforts have been
made and will continue aimed at finding their electron shells to be atomistically cal-
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culated [73]. Nevertheless, the exact nature of the chemical bonding strength in clus-
ter compounds has not yet been completely understood. To illustrate, chemical bond-
ingin B V, complexes and the A_B_nanoclusters made of them are certain to depend
strongly on the chemical type of the surrounding atoms. A strong atomic attraction
causes the effect of short-range ordering (SRO) in the molten state lowering the con-
figuration entropy and changing the a.e. for crystallization [96, 100]. Otherwise, the
chemical SRO originates in the liquid. The nature of chemical bonding is changed at
the addition of AE with higher cohesive energy.

Therefore, the chemical energy is thought to play the major role in clustering of
atomic structure to nucleate chemically bonded cluster compounds A_B_with own
hybridized electronic structure. The energy appears to be sufficient to provide all the
chemical reactions as required. It is obvious that the solute-excess vacancy complexes
undergo some reactions suggestive of the structural heredity connecting them with
cluster compounds to be reformed in the presence of excess vacancies. It should be
pointed out that the energy increase due to the generation of excess vacancies or
other defects certainly contributes to the atomic self-assembly mechanism. Consid-
erable chemical shifts (of about 2.0 eV, Fig. 10) suggestive of strong chemical bonding
are observed in the Mg Ba, cluster embedded in the crystalline structure of solid
solution. Additional support for the mechanism comes from measurements and cal-
culations (Table 2.1, Figs. 2.6 and 2.7) and can be seen in Figs. 2.2 and 2.5.

Concluding Remarks

The formation and physical origin of the pre-cluster complexes and
pre-phase (cluster) compounds have been studied on cast magnesium alloys in the
liquid and solid states as well as other primary solutions enriched with excess (non-
intrinsic, structural) vacancies. The results produced by DSC and TEM observations,
Auger-electron, UV and X-ray photoelectron spectroscopy techniques were com-
bined with positron annihilation, electric resistance and internal friction measure-
ments to evaluate different stages of the cluster compounds formation and to exam-
ine their chemical bonding strength in terms of a detailed analysis of electron-sensi-
tive properties. The thermally activated deviations from classical (Arrhenius) behav-
ior in hydrogen-charged hcp and fcc metal crystals are found to be caused by the
nucleation of the solute-excess vacancy complexes. Additional support for this short-
range self-supported mechanism comes from data obtained by mechanical spectros-
copy and positron annihilation. These pre-cluster separations are assumed to act as
nuclei for the synthesis of cluster compounds such as Mg Ba, and Al Ba, with own
electronic hybridized structure in hcp magnesium- and fcc aluminum alloy crystals,
respectively. A unified concept of the liquid-solid conversion for condensed cluster-
forming alloys is considered. This approach is particularly useful for the development
of chemically combined cluster compounds with own electronic configurations as
functional materials for high-current electronics.
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Concluding Remarks

The main conclusions based on the results of observations and calculations are
summarized as follows:

e A concept of nanoclustering the structure of primary solid solutions based on
the pairing of solutes with excess vacancies is advanced to explain the physical origin
of these new pre-cluster type separations. A series of the experimental investigations
of solid solutions are performed to confirm the presence of the primary complexes
referred to as pre-cluster B V_type separations consisting of an excess vacancy and a
dissolved alloying element. The separations are detected by parametric measure-
ments of electron-positron annihilation and pair inelastic relaxation in the hcp Mg—
Ba, H alloy enriched with excess vacancies. The additional evidence for the pairing of
solutes with excess vacancies comes from the electrical resistance measurements due
to the effects indicative of the thermally activated deviations from the classical (Ar-
rhenius) behavior in the hcp Ti—H and fcc Al—H metal alloy systems. The formation
of pre-cluster complexes is the major driving force for further changes in the cluster-
forming structure under both kinetically and energetically favorable conditions.

¢ The most precise structure-sensitive methods (electron-positron annihilation,
electric resistivity and internal friction measurements) yield for the existence of hy-
drogen-induced lattice vacancies, and hydrogen-stimulated diffusion in hcp and fec
Me—H systems which were accompanied by the formation of “H atom-excess (non-
intrinsic) vacancy” paired defects (so-called separations). A new method for analyzing
the high-temperature dependence of Me—H system electric resistivity was developed
in terms of a model for clustering structure in solid solutions of Me—H oversaturated
with excess vacancies. It was established that partial thermally activated dissociation
(decay) of clusters with low bonding energy (0.2 eV) appears to be a controlling
mechanism for hydrogen-stimulated diffusion in hydride-forming systems (Ti—H,
Z—H). Thermally activated association of clusters with high bonding energy (0.5-0.6 eV)
was found to be a controlling mechanism for hydrogen-stimulated diffusion in non-
hydride-forming systems (Al—H). Clusterization of excess defects simplifies forma-
tion of hydrides at significantly lower temperature.

e A cluster-genesis concept is advanced to provide a more general insight into the
genetic relation between cluster separations produced both in liquid and solid states.
The data indicates that nanoclusters embedded in the crystalline structure of a solid
solution represent independent subsystems of repeating units with intrinsic electron
configuration to be aimed at an every-widening range of applications. The summarized
experimental data are needed to advance them for the newly developed kinetic analysis
of bulk materials to be significant innovation in promising metal alloy systems.

e A new procedure is suggested to obtain these valuable A B_cluster compounds
directly from a melt based on a unified concept for the conversion for condensed
(liquid/solid) cluster-forming metal alloy systems. The DSC evidence supports the
structural heredity of liquid-state and solid-state cluster compounds during pre-
phase transformation. When a liquid, the alloy structure is found to be clusterized
with the formation of liquid-state cluster compounds A B , e.g., Mg Ba_and Mg _
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Gd_in the Mg—Al—Ca systems. The thermosynthesis of liquid-state cluster compounds,
their thermal conversion to a solid state and integration into a primary solid solution are
attributed to the nature of the exothermal and endothermal chemical reactions.

e The solid-state cluster compound formation is found to involve two progres-
sive stages attributed to (i) the nucleation of pre-cluster B V, separations by short-
range mechanism and (ii) the conversion of the pair complexes subsequent to their
nucleation into a pre-phase A _B_ cluster compounds such as Mg, Ba, in the hcp
Mg—Ba system and Al Ba, in the fcc Al—Li, Ba system. The occurrence of pre-
phase cluster compounds is revealed by the image point (brightness) contrast in the
electron diffraction pattern having streak-like reflections from Mg Ba , as well as
arc-like shape and fuzziness of the matrix reflections.

e So-called chemical (energy) shifts of Auger lines suggestive of chemical bonding
are observed in LVV Auger electron spectra of magnesium and aluminum alloys due to
the formation of pre-phase Mg Ba, and Al Ba, cluster compounds, respectively. Indi-
vidual solute atoms are bound to these clusters with the energies of about 2.0 eV for the
Mg, Ba, cluster in hcp Mg—2.1Ba alloy and of about 1.4 eV for the Al Ba, cluster in fcc
Al—1.0Li—2.1Ba. The shifts of Auger electron lines caused by the valence-band transi-
tions in the low-energy region of Auger spectrum indicate that a stronger chemical
bonding in the Mg, Ba, cluster is formed by the overlap of the s, p-states of hcp Mg and
d-state of Ba. The cluster compounds under investigation proved to be chemically com-
bined due to deep changes of their electronic (hybridized) structure. The presence of
bound states in the Mg, Ba, cluster are in reasonable agreement with the first-principle
calculation of its own electronic configurations.

According to the data at our disposal, the A_B_cluster compounds embedded
into the crystal matrix should be considered as an integral part of solid solutions
typical for open (dissipative) systems with locally disturbed long-range order and
cluster-saturated chemical compositions close to stoichiometric compounds. They
indicate the fundamental possibility of creating a new type of nanosystems with a
newly organized cluster electronic structure, which is expected to provide new func-
tional (electronic-sensitive) properties for the use of the mentioned metal alloy sys-
tems in nanophysics and nanoelectronics. The results obtained can be applied to cre-
ate sources of intense ultraviolet light using photo-induced desorption of hydrogen
from the emitter surface. The novel approach opens the excellent way of obtaining a
new family of perspective photoemissive materials based on cluster-forming metal
alloy systems and speeding up works on the development of higher efficiency materi-
als and building blocks made of them for high-current electronics.



Chapter

STRENGTHENING EFFECTS
OF SHORT-RANGE ORDER

Internal friction phenomena are caused by stress-induced ordering
in the lattice. The mechanism by which this ordering occurs is close-
ly related to bulk diffusion in normal solid solutions. The effect of
Zener'’s relaxation arises fundamentally from a microscopic rear-
rangement of atoms in the field of external stress. Hcp alloys of the
Cd—Mg system contain both a region of normal solid solution and
ordered structure of the intermetallic compound MgCd, [101]. The
damping is greatly influenced by the ordering occurring in the sys-
tem. Relaxation arises from a lattice dilatation accompanying chang-
es in the degree of order. Internal friction depends on the parameter
of short-range order. Maximum values of the parameter correspond
to complete long-range order. MgCd, possesses long-range order at
r.t. In highly-ordered alloys the damping under stress is low or ab-
sent. The formation of short-range order is accompanied by partial
destruction of the defective crystal lattice of the substitution solid
solution, i.e., destruction of its long-range order, which obeys the
Cottrell-Bilby law, the Arrhenius kinetic equation and the Vegard
rule for normal solid solutions with linear dependence of the specific
volume on the alloying elements concentration.

One of the most puzzling effects presently under study is that
caused by stress-induced ordering in certain substitutional alloys. This
phenomenon, first seen by Zener in a Cu—30Zn alloy [102], has been
observed in many other substitutional alloys. However, even with all
data so far available, it has been difficult to establish criteria for the exis-
tence and magnitude of the effect in terms of other facts known about a
given alloy system. This is unfortunate, since it appears that proper un-
derstanding of the effect could lead to its successful use in the study of
several physical and metallurgical processes occurring in these alloys.

3.1. Theoretical Analysis
of Dislocation Damping

A quantitative theory of internal friction phenomena and modulus
changes due to dislocations has been developed by A. Granato and
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Fig. 3.1. The Granato-Lucke vibrating string model of the power breakaway of dislocation (a) and
diagram of stress—dislocation microdeformation (b)

K. Lucke in a series of works [103-106]. It is based on the Kochler model of a pinned
dislocation loop oscillating under the influence of an applied stress. This concept is
found to lead to two kinds of loss, on frequency dependent, the other not. The fre-
quency dependent loss is believed to have a maximum in the high megacycle range
[103]. The other type of loss is a hysteresis loss which proves to be independent of
frequency range which included the kilocycle range. The theory provides a quantita-
tive interpretation of this loss. A detailed discussion of data with reference to the
damping of mechanical vibrations and internal friction phenomena is given in their
other paper [104].

The dependences of the decrement and modulus changes on the variables of
frequency and strain amplitude are compared with predictions of the dislocation
theory. Although general agreement is obtained, and many interesting quantitative
results are found, it is not possible to say the theory agrees everywhere since not all
the necessary parameters are known well enough theoretically. A number of new
experiments are suggested which may permit a stronger conclusion to be made.

The fundamental theory of the phenomenon of internal friction based on a vi-
brating string model of mechanical (force) breakaway of dislocations from pinning
points considers two mechanisms of energy loss (dissipation): (i) Resonant, indepen-
dent of the deformation amplitude, damping of dislocations caused by the forced
oscillation of a dislocation segment with length L_ between two pinning points; (ii)
Force detachment of dislocations from pinning points (length L between nodes of
the dislocation network (Fig. 3.1).

In the original Granato-Lucke concept a comprehensive theoretical treatment of
energy dissipation was given. However, the proposed model of mechanical (force)
breakaway of dislocations from pinning points (impurity atoms, vacancies, and other
point defects) ignores the contribution of thermal activation in the process of dislo-
cation pinning, and therefore, strictly speaking, it can be used only at 0 K. After 25
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years in the modified Granato-Lucke theory [107], the temperature dependence of
the amplitude-dependent (nonlinear) damping (ADD) was taken into account, with-
in the framework of the model of thermally activated (single) breakaway of disloca-
tions from fixed pinning points. The logarithmic decrement (1981) is described by
the same equation (1956), but with a different value of the parameter.

In the Blair-Hutchison-Rogers theory [108], an analytical assessment of ther-
mally activated depinning of dislocations is given based on the Granato-Lucke mod-
el in the approximation of cooperative breakaway of intermediate (partially fixed)
dislocations. The experimental data reveal an obvious discrepancy with theoretical
calculations if very long critical loops of dislocation segments (L from 100 b to 105
b) and the critical parameter § > 1 are used in the calculations. For short segments L.
(B < 1), the critical separation parameter is described by the relation

L. -E,
=— 3.1
p=2+ (3.1

where E, is the maximal binding energy of dislocations with pinning points for dense
atmospheres; C is the dislocation tension.

The anomalous effects and phenomena are explained on the basis of existing
theoretical approaches and physical models of resistance to micro-flow (creep for
slow dislocations), creep limits and long-term strength. This exploits the important
advantages of the internal friction method:

e possibility of studying the fast (short-range) interaction of defects (at the in-
teratomic distance), and the short-range ordering of solid solutions in the field of
cyclic stresses;

e determining the mobility of atoms and the concentration of point defects in a
wide range of temperatures (Fig. 3.2);

¢ measuring the parameters of the true diffusion coefficients at low temperatures
(atomic jumps by 0.1 nm with a diffusion coefficient of 10-102 m?/s);

e obtaining quantitative data on the kinetics of solid solution decomposition.

It should be emphasized that the true diffusion coefficient is not related to the
flow of matter, and, therefore, to the
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The high-temperature background of internal friction, independent of the de-
formation amplitude, is described by the expression:

Q,, = A exp(-U/KT). (3.2)

In early studies [109] a rapid exponential increase in the background of internal
friction is associated with the concentration of vacancies, the a.e. for formation of
which can be determined by the tangent of the straight line slope in the coordinates
In Q;; — 1/T. At the same time, the a.e. for formation of vacancies increases with in-
creasing bonding forces (strength of interatomic bonds) in solid solutions. However,
the scale of this effect turns out to be too large (up to 2 eV) to be explained on the basis
of the mechanism of the formation of point defects. It is also difficult to relate the back-
ground of internal friction to a specific dislocation mechanism with the e.a. Uo > U, .

Within the frame of the concept [110], diffusion-controlled and thermally acti-
vated dislocation relaxation is a rate-controlling mechanism responsible for the en-
ergy dissipation in this region (with the a.e. Uo ~ U, /n). To determine binding en-
ergy (U,) between dislocations and dissolved impurity atoms that are technologically
inevitable for many metal alloy systems, measurements of amplitude-dependent in-
ternal friction (ADIF) were carried out on unpurified hcp Mg and hcp Be containing
negligible quantities of solutes such as H, C, etc. using the inverted torsion pendulum
technique [111] after introducing fresh dislocations.

3.2. Data of Hysteresis
(Amplitude-Dependent) Internal Friction

The Granato-Lucke approach demonstrates the linear dependence of
In(8, - ¢,"?) on 1/, [103, 107]. Treatment of the data in the theoretical coordinates allows
one to calculate values of the minor pinning length for dislocations (L_ ~ 17-60 nm)
from the logarithmic plot slope. The calculations indicate the expected composition
and thermally activated unpinning of dislocations from solute atmospheres set by the
physical nature of the magnesium alloy system under consideration. The low values
of a.e. for sliding dislocation motion (~0.05 eV) in the dilute solid solutions also sup-
port the necessity for dragging the non-equilibrium Cottrell s atmospheres at 423K /
60-70 MPa by the moving dislocations in the accelerating field controlled by pipe
diffusion of point defects (Fig. 3.2).

The results indicate that the amplitude-dependent decrements of specimens at
moderate strain amplitude (107°-10°) and the hysteretic dislocation damping data can
be analyzed in terms of the Granato-Lucke theory [104] and its modifications [105,
108] to provide valuable information about the internal structure of as-cast metal alloy
systems and, in particular, the solute atom-dislocation segregation process.

A solid internally dissipates energy through the induced motion of damped dis-
location. Some of the applied energy is dissipated in the dislocation breakaway pro-
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cess. As a result, internal friction loss arises which is hysteretic in nature, and there-
fore dependent on the amplitude of the strain resulting from oscillating stress, as
predicted by the Granato-Lucke theory. Roger’s modification of the analysis [108]
predicts the gradual increase in the amplitude independent decrement and attributes
it to the increase in the friction resistance of the lattice to dislocation motion with
increasing temperature.

Measurement of the dependences of internal friction on the deformation ampli-
tude of a sample at fixed temperatures is usually used to calculate the parameters of
dislocation-impurity interaction in metals (Figs. 3.3 and 3.4). Amplitude dependenc-
es of internal friction (ADIF) were measured at different temperatures in the mode of
constant increase in the deformation amplitude y during torsional vibrations of the
sample in the range from 4 x 10-° to 60 x 10~°.

Q'=Kx (o-exp(-U,/kT))", (3.3)

where w = 2nf is the measurement frequency; U, is the activation energy of diffusion
climb of dislocations; k, n are constants for a given temperature range.

The damping data indicate (Table 3.1) that binding energy predominantly is gov-
erned by the elastic interaction between solute atoms and edge dislocation rather

Table 3.1. Evaluation of binding energy E, of dislocations
with segregations and solute atmospheres

Alloy Mg | AZ91D | AZ91D-1Ca | AZ91D-2Ca | Mg-12Al-1.3Ca | Mg-12.5Al-1.2Ca

E,eV | 021 0.38 0.37 0.36 0.5 0.32

i8]
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than chemical bonding which may be responsible for the major contribution to the
total solute atom-dislocation interaction in less dilute concentration range.

It is concluded that the observed in magnesium alloys amplitude-dependent dec-
rement regularities follow the predictions of the Granato-Luke theory and its modifica-
tions in terms of the hysteretic dislocation damping mechanism. The damping prop-
erty analysis is further extended for the evaluation of the binding energy between dis-
locations and alloying elements/impurities surrounding dislocation segments.

Unlike macrosegregation formed by reaction, which is likely to take place in
higher energy input melts, microsegregation of the AE such as Ti and Sr occurs dur-
ing solidification, cooling and even subsequent heat treatment by analogy with other
nonequilibrium and rapidly solidified metal alloy system and melts containing well-
defined short-range order. Following amplitude-dependent internal friction data
such segregation effects become more pronounced in as-cast magnesium alloys with
increasing temperature. The procedure reveals temperature of the Cottrell atmo-
sphere condensation on dislocations, which separates thermally activated regions of
pinning and depinning dislocations.

3.3. Linear Correlation between Residual
Microplastic Deformation and ADIF

For polycrystalline magnesium (Fig. 3.5), a linear correlation is
thought to be found between the amplitude-dependent internal friction (ADIF) and
the direct measurement of the residual microplastic deformation, which makes it
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Fig. 3.5. Dependence of internal friction (1, Q") and residual strain (2, ¢ )
on applied stress for polycrystalline magnesium at 293 K. Insert: residual
strain €' as a function of microyield stress O under the data (1, 2) with
the correlation coefficient ry
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Fig. 3.6. Dependence of internal friction (I, 2) and residual strain (I', 2) on the applied stress for
polycrystalline beryllium at 573 K (1, 1') and 293 K (2, 2')

possible to determine the corresponding critical stress for the micro-yield resistance
(Fig. 3.6), the binding energy of dislocations with solutes, change in short-range or-
der (elastic moduli) and micromechanical properties of metal crystals.

Nonlinear ADIF effects associated with dislocations were first discovered by
Read [113]. Within the Koehler-Granato-L ucke approximation, these nonlinear
effects of damping in the ADIF region are caused by pinned dislocations, which
detach from impurity atoms at a critical stress. The suddenness of their break-
away according to Nowck’s data [114] causes static hysteresis on the stress-strain
curve (Fig. 3.7).

Here 27, is the resistance to dislocation motion; T, is the precise elastic limit.

The movement of dislocations is limited by linear tension (~Gb*/2). Hysteresis
losses (dissipation) of energy AE occur as a result of the breakaway of dislocations
(for half cycle of oscillations).

Thus, a nonlinear dislocation damping is associated with a nonlinear increase in
the dislocation segment length during bending of these linear defects.

3.4. Inelastic Relaxation
and Stress-Induced Ordering

Under the data of mechanical frequency-dependent spectrosco-
pYy, in hep metals with a low crystal lattice symmetry, an isolated atom cannot be a
relaxation center. Two main types of mechanical stress relaxation of interstitial
atoms (H, O, C, N) occupying octahedral or larger interstices in hcp metals have
been detected by internal friction measurements. These are relaxation of intersti-
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tial-substitutional (i-s) paired defects and relaxation of interstitial-interstitial (i-i)
paired defects. Relaxation modes for pair defects in hcp structures have been cal-
culated by use of group theory methods. They involve i-i, s-i, s-s and V-V (va-
cancy) relaxations. In i-s pair s-atom is considered to be immobile; i-i pair differs
with lower mobility and higher bonding energy than that for isolated atoms. The
related migration of the defects caused by stress-induced diffusion promotes an
additional time-dependent strain, especially at elevated temperatures (dynamic
strain ageing, creep behavior). Mobility of these clusters is lower than that for
singles at a given temperature.

The complete description is, therefore, complex in terms of the kinetics and
the equilibrium constants controlling all the various possible reactions. Never-
theless, in hcp crystal interstitial atoms may exist in several different forms as
isolated ones, as part of an isolated s-i defect and as precipitates. The great major-
ity of them in the alloys are present in the form of s-i paired defects. Related
solid solution hardening results from interaction between dislocation and solute
atoms, Cottrell locking (by solute atom drift to dipoles) and strain interaction of
solute atoms. Dislocations can be locked either by immobile precipitates or by
cluster of solute atoms located at sites along the dislocation lines. One should
only remark that dislocation appears to be preferential site for precipitation, but
growth and solution of precipitates is observed under the influence of moving
dislocations.

To obtain a far misoriented cell structure, the Cr—1La—0.05C and Mo-0.01C
alloys were deformed by 90% ¢ at 1023 K. Their discrete temperature spectra of inter-
nal friction are shown in Fig. 3.8. In decaying solid solutions and in dilute alloys
clustering of atoms and their segregation at the cell and grain boundaries occurs in-
stead of precipitation. In this case, relaxation is caused by the motion of dislocations
with their attendant atmospheres (pinning i-s and i-i defects) including atom H-sub-
stitutional atom pairs. Not so long ago some evidence has obtained that H-induced
excess (non-intrinsic) vacancies are present in ordered alloys with hcp lattice, par-
ticularly in Mg alloys containing technologically inevitable (residual) H and H-like
impurities (O, C, N) on the structural defects acting as reversible or irreversible traps.
Effects of paired (i-i, i-s, v-s) relaxation are observed in measured discrete tempera-
ture spectra of internal friction.

The phenomenon of paired relaxation in a cast structure first observed in our labo-
ratory as well as its experimental evidence were studied by mechanical spectroscopy
which yields forming the paired defects, i.e., primary pairs of Alloying Elements (AE) —
Excess Vacancy (EV) in the early (pre-precipitate) stage in segregated solid solutions of
as-cast Al—Li (Fig. 3.9) and eutectic non-equilibrium casting Mg—Ba alloys oversatu-
rated by excess vacancies (Fig. 3.10). The resonance absorption of elastic energy is cer-
tain to occur by rapid (short-range) mechanism. The resonance condition 2nf- v =1,
where f is the frequency; 1 is the relaxation time, is caused by EV-AE pair reorienta-
tion in the stress field.
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Fig. 3.10. Discrete temperature spectra of internal friction Q-'(T) with measured damping compo-
nents (above background) and elastic modules changes E(T) for Mg—1Ba—1.1H alloy; Mg—5
Ba—1.1H alloy and Al—2Li alloy (f = 2 kHz): a — 1 — (Ba, excess vacancy) pair-induced relax-
ation peak; b — 1' — (Li, excess vacancy pair) — induced relaxation peak; 2' — grain boundary
relaxation peaks; 3' — Li segregation-induced impurity relaxation peak. (Ba — substitutional
atom; Li — interstitial atom)

It is known [103, 104] that Kehler-Granato-Lucke’s theory of dislocation
damping connects the mechanism of energy dissipation with the vibration fre-
quency. Usually, a change in the vibration frequency causes a shift in the tem-
perature position of the internal friction peak of Q' (T), which indicates the re-
laxation nature of the thermally activated process. In this case, the frequency
shift f /f is one of the characteristics of the controlling mechanism of inelastic
relaxation (Fig. 3.10, a, b). However, in the study of kinetic curves-isotherms of
mono- and polycrystals irradiated with electrons, it was established [115] that
Q7 !(T) passes through a maximum proportional to the number of point defects,
dependent on the deformation amplitude and independent of the vibration fre-
quency in the low frequency range. The observed effect is accompanied by an
increase in the ADIF background, which excludes the contribution of diffusion
and is explained by local (short-range) fixing point defects on dislocations, thus
reducing their contribution to damping (energy dissipation) by the long-range
mechanism. Moreover, in the alloys of the Mg—Ba system, on the curve describ-
ing the discrete temperature range of internal friction Q'(T) (Fig. 3.11), a maxi-
mum at 403 K is found, the temperature position of which is retained under
changing frequency.

The appearance of a 403 K peak indicates the formation of pair defects, which
can reduce hcp lattice symmetry with the formation of an associate of vacancy
origin, for example, a Ba atom with an excess vacancy [116]. It is important to
emphasize that such a defect structure does not cause a frequency shift in the
discrete temperature spectrum (Fig. 3.11), i.e., in the Mg—Ba system of the stud-
ied composition, there is no inelastic relaxation, which is the most probable ef-
fect for solid solutions.
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Fig. 3.11. The discrete temperature spec-
trum of non-relaxation origin for Mg-2.1
Ba-H alloy at two damped natural fre-
quencies
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predetermines their ordering. In this case, vacancies compensate for the difference in
charges in solid solutions [135], the mechanism of structural relaxation controls the
first stage of the formation of a mesoscopic (cluster-forming) structure of alloys with
strong chemical interactions between the components and the process of their short-
range ordering. Indeed, in real systems with distributed parameters, motion is trans-
ferred from one element (atom) to another, which is not characteristic of a fixed inter-
nal structure. In other words, in this case, density, elasticity and other properties
change from point to point continuously. Therefore, such systems have an infinitely
large number of degrees of freedom and an infinitely large number of normal vibra-
tions [135]. With external excitation of the system of normal vibrations, its resonance
properties are determined. Resonance occurs when the frequency of a harmonic ex-
ternal influence is close to one of the natural frequencies of the system or to their
linear combination if the external influence changes the parameters. In this case, de-
viation from the kinetic Arrhenius equation for normal solid solutions should be
expected. Hysteresis losses of internal friction are the result of microyielding of free
damping of oscillations, independent of frequency.

One can see no change in the Q°'(T) peaks behavior with the frequency change
(Fig. 3.11). Q" !(T) peak in the hcp Mg—2.1Ba internal friction spectrum will not
change with the measuring frequency change under external oscillation stress. If
the pinning defects, i.e. solutes, are mobile at the peak temperature (by absorption
mechanism, then change in their distribution by high oscillation amplitude is pos-
sible. This means, in fact, that the observed peak Q! (T) is caused either by phase
transformation of the classical type, or, most likely, by short-range ordering areas
of isotherms Q'(T) with the formation of metal clusters A_B_having own electron
structure.

The absence of frequency shift of the Q'(T) peak in the mechanical spectrum of
the Mg-2.1Ba alloy means that the relaxation process in this system could be described
by a continuous spectrum of relaxation time (due to the formation of atomic groups-
clusters in the process measurements) with self-organization of the structure of solid
solution in thermodynamically and kinetically nonequilibrium conditions [118].
The non-relaxation behavior of Mg—2.1Ba—H alloy in the field of cycle stresses

Internal friction, Q'
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(Fig. 3.11) is associated with the quasi-static displacements of atoms Mg and Ba hav-
ing a weak binding energy (E, ~ 0.15 eV) with dislocations in the presence of excess
vacancies. In the case, such a complex is likely to present an elastic dipole of high
relaxation stability due to local (short-range) ordering of the system. The weak pin-
ning of dislocations by barium and strong interaction of Ba with excess vacancies
(with the binding energy around 0.5 eV) result in the formation of the locally ordered
and thermally state structure of short-range order with the participation of excess
vacancies, for example, generated by hydrogen or pre-strain.

3.5. Kinetics of Cluster-Induced
Age-Hardening

Isotherms of dislocation damping A in the Cottrell-Bilby coordi-
nates for hcp metal crystals such as unalloyed titanium and beryllium are presented
in Fig. 3.12. According to the results obtained, the dislocation damping plotted
against the time obeys the traditional Cottrell-Bilby time law [119] as thermally acti-
vated kinetic process with a time exponent of 2/3. The Cottrell-Bilby relation is cer-
tain to be valid only for normal solid solutions (Fig. 3.12), e.g., technical grades of
hcp metals containing free dislocations that interact with isolated solutes in early
stage of aging. This means that kinetics of the Cottrell dislocation locking seems to
occur provided that the isolated inevitable impurity solutes move to the free disloca-
tions by long-range (diffusion-controlled) mechanism [120].

However, in irregular solid solutions containing excess (strain-produced) va-
cancies, another mechanism operates. Indeed, the occurrence of the time and tem-
perature-dependent maximum on the kinetic curves-isotherms for some selected
hcp metal alloys cannot be assessed in terms of the Cottrell-Bilby time law and Cot-
trell locking (Fig. 3.13). Disagreement for hcp solid solutions enriched with excess
vacancies by Cottrell-Bilby concept is observed at later stage of the dislocation damp-
ing in the substitutional alloy hcp Mg—Ba, H. Kinetic curves-isotherms are charac-
terized by long-range ordering mechanism with large diffusion length required for
migration of solutes towards free dislocations, at early stage of decay.

The kinetics of the irregular damping formation in interstitial hcp Be—C, Fe, H
solid solutions is similar to that observed in the substitutional hcp Mg—Ba, H solu-
tion after their high-temperature annealing at 923 K for 10 hours to neutralize the
influence of substitutional Fe atoms in the hcp Be—C, Fe system. The process is con-
trolled by bulk (long-range) diffusion of the interstitially soluble carbon with an a.e.
of about 0.65 eV and its binding energy with dislocations equal to 0.34 eV in the
early stage of low temperature aging in the temperature range of 393-573 K (Fig. 3.13,
insert). The dislocation damping passes through temperature-dependent maximum
at a later stage of aging which is likely to be due to Be,C cluster formation [121]. It is
reasonable to suppose that the origin of these maximums is attributed to the transfor-
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Fig. 3.12. The Cottrell-Bilby time law tes-
ting at the earliest stage of dislocation dam-
ping for hep Be (1, 2, 3) and hep Ti (4) at
aging temperatures of 453 (1); 498 (2);
523 (3), and 723 K (4) under the data of
amplitude-independent internal friction
designated as A by the Cottrell-Bilby ter-
minology
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Fig. 3.13. Kinetics of decomposition of primary a-solid solutions based on the free dislocation
blocking by solute segregations at the earliest stages of dislocation damping for hcp solid solutions
with activation of short-range (cluster-forming) mechanism at later stages of aging (at 423 K (1) and
763 K (2)) for Mg—2.1Ba (Mg, ,,Ba ) alloy; insert: for Be—0.1Fe—0.1C alloy at aging tempera-
tures of 523 (3), 498 (4) and 453 K (5)

mation of the pre-cluster separations of vacancy-containing pair defects into pre-
phase cluster compounds (Mg Ba_and Be_C ) by a pre-precipitation (short-range)
mechanism with aid of excess vacancies at the later stage of aging. Moreover, it is
important to note that in this case the temperature location of the so-called A B
cluster-induced peak in the discrete temperature spectrum of internal friction Q*(T)
does not depend on the vibration frequency in the range of 0.5-3.5 Hz (Fig. 3.11).
With this provision, the nanophase transformations in the metal alloy systems under
investigation are believed to occur finally by a cluster-forming nucleation mecha-
nism. In particular, under the data of mechanical spectroscopy and amplitude-inde-
pendent internal friction there are two metastable states of nanoclusters involving
primary Mg complexes associated with excess vacancies V, (n > 2) and resulting
nanoclusters Mg Ba_ (n =8, 18 => Mg, Ba,).
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Vacancies affect the kinetics of cluster transition, for example, fcc — bcc transition
in alloys of the Fe—Ni system [122]. Vacancy clusters and other complexes of point
defects create around themselves asymmetric deformations, or rather, atomic dis-
placements in the vicinity of this defect and thus become centers of local loss of sta-
bility of the crystal lattice, providing, in particular, the diffusion-free nature of struc-
tural (martensitic) transformations [123].

New regularities of the kinetics of decomposition with clustering of the crystal-
line structure of solid solutions relate to the following*. When studying the kinetics
of blocking of dislocations in bec and hep metals containing accompanying and tech-
nologically unavoidable impurities, it was found that bulk (long-range) diffusion of
impurity atoms to fresh dislocations with the formation of Cottrell atmospheres is
the controlling mechanism of the earliest (pre-decay) stage of aging. The activation of
this mechanism obeys the Cottrell-Bilby time law for all investigated objects — nor-
mal solid solutions. However, the isotherms of the kinetic curves at the later stages of
the decomposition of hcp substitutional (Mg—Ba) and interstitial (Be—C) solid
solutions doped with cluster-forming elements show anomalies in the form of ma-
xima, the time position of which (with different incubation periods) depends on
temperature (Fig. 3.13).

Deviations from the Cottrell-Bilby law, t*”, and the Arrhenius ratio are explained
by the formation of a primary cluster structure of a new local (short-range) order,
which partially destroys the primary (long-range) order of the crystal structure of
solid solution (Mg—Ba, Be—C). Thus, the formation of short-range order in a cluster
structure is a kinetic process.

There is a group of metals prone to the formation of atomic groupings (clusters),
which are an integral part of the crystal structure of the primary a-solid solution.
With the introduction of the so-called cluster-forming AE (Ti, Gd, Ba, etc.) in the
melts, weak (alternating) heat effects are observed, detected by the DTA method in
Mg—Ba cast alloys, Mg—Al—Ca—Ti and Mg—Al—Ca —Gd systems with a high
accuracy of 0.01 J/g and caused by the synthesis and decomposition of the so-called
non-crystallizable cluster (chemical) compounds A B :MgBa, Mg Ba,Al Ti. The
insignificant energy required for the formation/decay of an A_B_cluster (~0.05 J/g) is
several orders of magnitude lower than the energy of the first-order phase transition
(crystallization-melting ~200-300 J/g).

Therefore, energetically favorable cluster structures are formed in the process of
crystallization of a primary a-solid solution, being embedded in its crystal lattice as
an irregular structure with different chemical bond lengths and aperiodic interatom-
ic distances. In the studied solid solutions, including Mg—2.1Ba, the energy of cyclic
deformation is an acting force of local order, when the first neighboring atoms reach
essential own excess. The resulting clustering of the structure should be considered as
one of two ways of local (short-range) ordering of a solid solution [117].

* The question is under discussion.

62



3.5. Kinetics of Cluster-Induced Age Hardening

At 423 K, there are enough excess vacancies involved in the formation of the
Mg Ba_cluster (8 min). Annealing these vacancies at higher temperatures (673 K)
slows down the clustering reactions (from 8 to 70 min.). As a result of short-range
ordering at 423 K, primary isolated associates (0.7-1.5 nm) of the Ba atom — excess
vacancy type are formed with a binding energy of about 0.5 eV. After some time,
depending on the temperature, they gradually (by the self-assembly mechanism)
transform into stable nanoclusters 8-15 nm in size with their own electronic struc-
ture [124]. Due to over 40% of the size mismatch between the atomic volumes of Mg
and Ba, their displacement occurs with the participation of excess vacancies accord-
ing to one of the possible reactions Mg _+ Ba_+ V, => Ba V;: primary cluster, Mg, +
+ Ba, => Mg Ba, metastable cluster, Mg+ Ba, => Mg Ba, is a quasi-equilibrium,
thermally stable cluster. It is known that the theory of dislocation damping relates the
mechanism of energy dissipation to the vibration frequency.

At low temperatures (up to 423 K), the clustering process is quite rapid (up to
5 min), since it is limited by the easily activated formation of primary associates
bound by excess vacancies, for example, an atom Mg-excess vacancy (n = 2). At 673
K, thermal activation makes a significant contribution to the structural rearrange-
ment of the cluster, accompanied by self-organization (self-assembly) of primary as-
sociates “Mg atom — excess vacancy” into clusters with their own electronic struc-
ture. The binding energy increases with the growth of the cluster, Mg Ba, (n = 18),
which is accompanied by the formation of a stronger (hybrid) chemical bond as a
result of the overlap of electronic wave functions (s, p-states of Mg and d-states of Ba),
increasing the density of electronic states near the Fermi energy. It is important to
emphasize that the time for self-assembly of a cluster of critical size increases by an
order of magnitude and reaches 50-70 min (Fig. 3.13).

In our studies of the Mg-Ba alloy, it was found that the stability of clusters
increases with an increase in the number of atoms (n = 2, 8, 18...). Interaction of
primary associates — isomers of Mg—V (n = 2) during the formation of an iso-
lated cluster of critical size (n = 8) is accompanied by a decrease in surface energy
and an increase in the time of structural rearrangement by almost an order of
magnitude.

The absence of a frequency shift of the Q!(T) peak in the mechanical spec-
trum of the Mg—2.1Ba alloy (Fig. 3.11) means that the relaxation process in this
system can be described by a continuous spectrum of relaxation times (due to the
formation of atomic groupings (clusters) during measurements) with self-orga-
nization of the solid solution structure under thermodynamically and kinetically
nonequilibrium conditions [124]. The need for a large number of static displace-
ments for clustering the structure of the Mg—Ba alloy with partially broken long-
range order is associated with over 40% size mismatch between the Mg and Ba
atoms, their negligible mutual solubility, and the elastic resistance of the a-Mg
matrix. Clustering of the structure is provided by statistical displacement of at-
oms in the field of cyclic stresses. This displacement (in one direction) is con-
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Fig. 3.14. Microhardness and nanoparticles size as functions of heat treat-
ment time [96]

trolled by the binding energies of the primary Ba—V, defects and Mg Ba_ clus-
ters. This effect manifests itself under conditions of chemical diffusion, when the
redistribution of dissolved atoms and the diffusion coefficient are determined by
chemical activity rather than concentration, if the energy of interacting atoms
decreases. In other words, the law of such a redistribution can increase the prob-
ability of barium atoms hopping towards a high concentration for the Mg Ba_
atomic group formation.

Therefore, in the considered metal systems with distributed parameters, i.e.
with an infinitely large number of degrees of freedom, clustering of the a-Mg
solid solution structure is accompanied by the formation of nuclei of primary as-
sociates Ba—an excess vacancy (n = 2) and their growth by the mechanism of
self-organization of Mg Ba, inside the solid solution through metastable states n =
= 8, to the cluster Mg, Ba, (n = 18). Under the action of the applied cyclic stress,
the phase shift between stress and strain is provided by the structural rearrange-
ment and movement of the cluster “walls”. The stable electronic structure of the
valence band formed in Mg Ba_ clusters as a result of hybridization of the s, p-
electronic states of magnesium and d-electronic states of barium atoms creates a
“shell” structure of the cluster (n = = 2, 8, 18...), eliminating the minimum on the
density of states N (E) curve and increasing the quantum yield of photoemission
in the UV spectral region by 2-3 orders of magnitude. Barium as an emission-
active element in the Mg—Ba system causes a sharp absorption of laser UV ra-
diation if the packing density of 8-10 nm nanoclusters (quasi-intermetallic com-
pounds Mg, Ba ) reaches 10'/m’.

It can be seen that the structural (cluster) transition develops with time and in-
creases with the transformation temperature. According to the data of mechanical
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spectroscopy and amplitude-independent internal friction (Fig. 3.13), two stages of
the formation of a short-range order cluster structure were found in the Mg—Ba
system: (a) the formation of pair defects — primary associates “Ba —excess vacancy
V" at 423 K and (b) the formation of Mg, Ba, nanoclusters at 673 K (near the stoi-
chiometric composition Mg Ba ). In a stable hcp a-Mg lattice, intermediate states of
a nanocluster (for example, Mg Ba,) gradually lose stability in the field of cyclic
stresses and, as a result of short-range ordering, transform into a Mg, Ba, nanocluster
with an hcp crystal-like short-range order structure, which is essentially a weak dis-
tortion of the hcp lattice of a-Mg (in equilibrium conditions for the a-Mg—Mg, Ba,
eutectic and the Mg, Ba, cluster).

Summing up, it should be emphasized that at interatomic distances, the short-
range interaction in solid solutions is most likely almost instantaneous and, there-
fore, we can expect a deviation from the Cottrell-Bilby law t** for long-range AEs/
impurity diffusion to “fresh” dislocations. Internal friction data confirm the forma-
tion of local short-range order in these so-called open systems with partially bro-
ken long-range order. A cluster as a crystal-like atomic group manifests itself at the
mesoscopic level of collective interactions as a result of distortion of the crystal lat-
tice and violation of the packing order. Based on the results of studies of the Mg—
Ba system, there is every reason to assert that the high rate of collective interaction
of defects in a stress field, i.e., fast kinetics of synthesis or decay of cluster com-
pounds is a sign of activation of short-range controlling mechanisms. In this case,
structural transformations include only short-range (0.2-0.3 nm) exchange of at-
oms, and not full-scale (at 300-500 interatomic distances) bulk diffusion of AE. In
this regard, in contrast to the slow kinetics of the solid solution decomposition, the
segregation of AEs at dislocations under conditions of short-range diffusion be-
comes extremely fast. Thus, a decrease in lattice (bulk) diffusion (upon introducing
more refractory AEs) and a slowdown in the activity (limitation of mobility) of
dislocations in slip systems are essentially the only prerequisites for a drastic de-
crease in the rate of dislocation microyielding (creep for slow dislocations) of the
primary a-solid solutions under study. Microhardness (Hy) measurements of an
aluminum alloy with 10 nm particles indicate that the two-step aging produces a
complicated structure, which contains observed coarse precipitates (at early stages)
with low Hy and the clusters nucleation (at the later stage) with increasing Hu due
to their growing contribution (Fig. 3.14).

Concluding Remarks

The great value of results obtained resides in strengthening effect of
the short-range order (SRO) which is related to destroying SRO in solid state (substi-
tutional) alloys by moving dislocations. This should lead to an additional increase in
the strength of alloys by Fisher mechanism [125]. The stress 1, to destroy short-
range order is described by the following expression
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_Agy =T -AS, ’

Tsro = Iz
where Ag  and AS denote, respectively, changes in the internal energy and entropy
(per atom) due to slip through a distance equal to the Burgers vector b; f =~+/3/4-a°

is the slip surface area corresponding to one atom; a is the lattice parameter; b= a/2
for {111} <110> fcc lattice.

(3.4)
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Chapter

LATTICE STRENGTHENING

4.1. Two Alternative Approaches Based

on the Contributions of Peierls Barriers

and Interstitials to Temperature Dependence
of Macroscopic Yield Stress

There are two commonly discussed viewpoints which attempt to
explain the rapid increase of macroscopic flow stress T in bcc met-
als, for example VA and VIA groups, at low temperatures [126].
According to one of them, the observed strong temperature de-
pendence of T (Fig. 4.1) is most likely to be caused by intrinsic lat-
tice properties as high Peierls barrier that controls the thermally
activated movement of dislocations [127]. Peierls stress as a lattice
stress is the force first discovered by Peierls and modified by Frank-
Nabarro [128]. It is needed to move a dislocation within a plane of
atoms in the cell. The magnitude varies periodically as the disloca-
tion moves within the plane. Peierls stress depends on the size and
width of a dislocation and the distance between planes. Therefore,
Peierls stress decreases with increasing distance between atomic
planes. Yet since the distance between planes increases with planar
atomic density, slip of the dislocation is preferred on closely packed
planes. It is generally accepted that the Peierls stress also relates to
the temperature sensitivity of the yield strength of a material be-
cause it too depends on both short-range atomic order and atomic
bind strength. As temperature increases, the vibration of atoms in-
creases and thus both Peierls stress and yield strength decrease as a
result of weakening atomic strength at high temperatures. From a
second standpoint [129-131], the cause of the observed low tem-
perature hardening (Fig. 4.1) is interaction of mobile dislocations
with tetragonal distortions due to impurity interstitials (O, N, and/
or C) [129, 130]. However, there is a third standpoint which until
now has not received so much attention. Accordingly, there exists
an inherent lattice hardening, but interstitial impurities modify
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Fig. 4.1. Temperature dependence of yield stress for bcc metals having the effects of dynamic strain
aging (I, 2) under the data of mechanical spectroscopy (1', 2")

Fig. 4.2. Impurity-induced increase in the flow stress At as a function of temperature for tantalum-
nitrogen system: Solid lines: At = o (T) - \¢; dashed lines: At,=a,(T) - c [126]

the hardening process, giving rise to an additional increase in the flow stress with
decreasing temperature [131, 132].

The stress components a, ~cand a, -¢ formally describe the influence of impurity
interstitials on the flow stress (Fig. 4.2). The impurity models by Fleisher and Frank
[128, 133] predict approximately T ~ Vc for the solute concentration c at low tem-
peratures and T ~ ¢ at higher temperature. It is noteworthy that the expressions T ~ V¢
and T ~ ¢ describe the short-range interaction of mobile dislocations with impurity
interstitial solute concentration in the slip planes and their long-range interaction
with Snoek impurity interstitial atmospheres [128, 134].

Experiments carried out on carefully purified and doped with interstitial impu-
rity (nitrogen) tantalum single crystals are in qualitative agreement with the predic-
tions of the impurity hardening models [133, 135]. The equations derived by Lachen-
mann and Schultz [126] assume implicitly that the intrinsic and the impurity-induced
stress components are additive (Fig. 4.2). Thus, there exists an inherent lattice hard-
ening giving rise to a strong increase in the macroscopic flow stress with decreasing
temperature. Impurity interstitials induce a further increase in the thermal compo-
nent of the flow stress at low temperatures. Above r.t. there is also a temperature in-
dependent hardening caused by impurity interstitials.

4.2. Smoothing of the Peierls
Potential Relief by Interstitials

The appearance of (1, - 1,) thermal component in interstitial
solid solution of the Mo—C system reasons that carbon atoms as thermally acti-
vated obstacles smooth out the potential relief of Peierls (a = -1) with the aid of
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thermal fluctuations. Parameter value of a = -1 indicates a greater width of dislo-
cation, lesser value of Peierls’ barrier and hence a higher mobility of dislocations
in the bcc lattice.

As shown theoretically by Frank and Sestak [135], dynamic dragging of free
(fresh, unlocked) dislocations at thermally activated obstacles [139] is the controlling
mechanism responsible for low-temperature properties of bec interstitial solid solu-
tions. At low (cryogenic) temperatures below critical temperature (T < T ) strong
temperature dependence of t° for Mo—C alloys is determined by the strengthening
dynamic braking and by the growing influence of the Peierls-Nabarro forces on the
mobility of free dislocations. In this connection, variations of T(T) do not depend on
the carbon concentration (Fig. 4.3, a). Taken account of the predominant inherent
(lattice) contribution, it is unlikely in such circumstances that dissolved carbon, as
well as H and H-like impurities might be the source of transcrystalline brittleness of
bce Mo at low (cryogenic) temperatures.

At the same time the existence of concentration dependence of athermal
stress T, (Fig. 4.3, b) indicates the interaction between mobile dislocations and
carbon atoms, i.e., interstitial solution hardening contribution. Monotonous
growth of the T, and t(c) curves for Mo—C alloys is attributed to a considerable
extent by the growing solid solution saturation which increases the differences
between the matrix shear modulus and the tetragonal distortion of lattice do-
mains. In this case the contact (power) interaction between mobile dislocations
and dissolved carbon atoms influences only the athermal components of the flow
stress and of resistance to free dislocation motion (frictional stress). Such a me-
thodological approach allows one to separate the predominant inherent (lattice)
and the predominant impurity (solutes) contributions, as well as the correspond-
ing controlling mechanisms.
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In other words, it is significant that at T < T the energy barrier created by forces
of contact interaction appears to be less essential than the one for nucleation of dou-
ble kink of critical length. Weak trend to reducing the critical temperature (T, ) with
increasing carbon content demonstrates that Peierls mechanism (Seeger approxima-
tion) controls the mobility of dislocations in bcc solid solutions of the Mo—C, H
system at low (cryogenic) temperatures.

First experimental evidence is obtained to indicate that interstitial solutes can
smooth out a potential relief of bcc lattice with high barrier of Peierls. This effect
becomes appreciable after clustering a structure reducing a number of centers of dis-
location dragging and increasing the relaxation ability of matrix, but does not cause
temperature impurity softening phenomenon because of prevailing influence of the
Peierls barrier.

Working up and comparative analysis of the data for Mo—C, H alloys in the
theoretical coordinates of Dorn and Raynak [127] and Seeger [136] for thermally
activated Peierls mechanism of the plastic deformation, as well as of Feltham [137]
for contact interaction of dislocations with impurities indicate that Seeger concept,
more precise for bec solid solutions, provides for the best coincidence of theoretical
and experimental curves t*/1, = f (T/T ) in the case of smoothing potential relief of
Peierls (a = -1) rather than in the case of the usual (sinusoidal) potential relief of
Peierls (a = 0). Seeger’s theory based on the model of thermally activated motion of
screw dislocations takes into account the interaction of the next single kinks and in
this approach is presented by the following relations:

3 1/2
T-f(T):Uk—{a'Z'CO} Y (4.1)
and
FT)=H(@)/T =k-nled&t, (4.2)

where H(t') is the a.e. for Peierls mechanism of plastic deformation; U, is single
kink energy (Uk = 0.4Gb? and U =0.6eV for Mo, refined up to 99.999 %); a is the
lattice parameter; b is the Burgers factor; C, = f(d, b); T* is the thermal component
of flow stress.

Seeger approximation predicts the exponential dependence of t*/ 1, = f (T/T))
and becomes valid for Mo—C, Hata =-1 and t*/ T,<T/71, It should be emphasized
that in the region of quasi-brittle transition and in the linear coordinates of v/t —T
by Seeger temperature dependences of flow stress coincide with the temperature
dependence of resistance to dislocation motion within the accuracy of observation.
It means that Peierls’ mechanism of formation of double thermal kinks in screw
dislocations (Seeger approach) does operate in bcc interstitial Mo—C solid solu-
tions. In this case temperature changes of " and 1, for Mo and its solid solutions
with carbon are controlled by a single dislocation mechanism responsible for the
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Concluding Remarks

thermally activated overcoming of Peierls” barrier indicative of smoothing poten-
tial relief in bcc lattice by mobile screw dislocations.

Concluding Remarks

In the Mo—C, H solid solutions the dissolved interstitial atoms
contribute to the change in thermal component of the resolved critical shear
stress smoothing out a potential relief of bec lattice with aid of thermal oscilla-
tions and facilitating thus thermally activated overcoming of Peierls’ barriers by
dislocations.
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GRAIN BOUNDARY AND
INTERFACE STRENGTHENING
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5.1. GB Glide and GB Relaxation

GBs are important because they have a controlling effect on the
creep properties and premature fracture in metallic alloys. They
are expected to provide the principal limit on structural cohesion
and GB sliding, and hence their detailed structure consisting of
GB dislocations is vitally important in understanding the creep
properties of the magnesium alloys studied. GB diffusion creep
regime corresponds to the Coble creep mechanism at higher
temperatures.

It is considered that grain boundary diffusion in fine-grained
materials is the rate controlling mechanism at elevated temperature
with activation energies much lower than that for self-diffusion in Mg
to be 1.35 eV [138]. Microyielding in this case takes place through
a glide along the high angle grain boundaries (Fig. 5.1). Stabilizing
this grain structure by means of a dense distribution of particles
results only in the best superplastic behavior of metallic alloys. For
example, Norsk Hydro A/S (Magnesium Divission, 3900 Porsgrunn,
Norway) has successfully utilized the rapid solidification technique
to produce extremely fine-grained magnesium alloy AZ91 having
an elongation of up to 1000% in the temperature range of 548-573 K.
However, a high density of pores developed during the process led
to reduction in the strength for materials with extremely fine grain
size which remains stable at the temperature deformation.

The GB-inelastic relaxation for bicrystalline Al (sliding mecha-
nism) (Fig. 5.1) is evolved in the form of H* ~ const - T_,, which is
equal to resolved shear stress at GB. These results obtained are con-
sistent with the GB-inelastic relaxation measured for hcp magne-
sium of high purity (Fig. 5.2). Observed relaxation occurring in
grain boundaries relates to the GB dislocations having the Burgers
vectors of about 1/3 that for lattice dislocations.
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Fig. 5.1. The dependence of the normalized GB-peak height H* on the angle 0, [139]

Fig. 5.2. Grain boundary peak of internal friction and modulus change in the region of relaxation
spectrum

Atomistic computer simulations have shown [140] that unlike the dispersed phase
particles observed in the disintegration structure after alloy aging, the interfaces in
crystallizing-out eutectics contain misfit dislocations. Interfacial energy for the
boundaries is determined by sum of two components

YQBZYQ+YB’ (5~1)

where y_is the specific energy of the misfit dislocations, y, is chemical contribution
attributed by different chemical potential of the two phases. When slided into matrix,
the misfit dislocations can relax part of energy intrinsic in coherent stresses. In the
so-called immiscible systems (hcp Mg—Ti, fcc Al—Y, fcc Cu—Zr, etc.) the contribu-
tion of y increases essentially to form Me AE _ clusters with the participation of ex-
cess vacancies V, to be recombined.

5.2. Increment of Solubility

Enhancement of solid solubility in a solid solution can be achieved
by several different methods involving non-equilibrium process such as rapid quench-
ing, high energy ball-milling and supersaturation in nanophase/nanosolids as an ex-
treme case for grain refinement in polycrystals. Following the Gibbs-Thomson equa-
tion [141], the increment of solubility AC is described by the relation
4QYint

KTd
where C is the equilibrium solute solubility (in a coarse crystal); y is the interfacial
energy, y = f (t_,); d is the grain size (upon grinding); 2 is the atomic volume of the
crystal; k is Boltzmann’s constant.

The intrinsic reason for the enhancement in the solubility during grain refine-
ment (up to nanocrystallites) is the increase in Gibbs free energy due to forming
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Fig. 5.4. Diffuse contrast on the grain boundaries of Cr—
1Gd alloy (x15000)

< Fig. 5.3. Strip-like contrast on the cell boundaries of Cr—
1Gd alloy (x25000)

high-energy grain boundaries (Figs. 5.3 and 5.4). In fact, the large volume fraction of
the GB and/or interfaces in the nanocrystallites provides a great potential for the
solubility enhancement.

The grain boundary structural transformations induced by solute segregations
present a new subfield of materials science perhaps called interface science and engi-
neering to come into use [142]. Precipitate-free zones (PFZ) along grain boundaries are
often observed in age-hardening alloy systems (Fig. 5.5). Of the main interest has been
the kinetic aspect of the process by which these PFZ are formed. These findings have
been put together in a unifying theory [143] which seems to explain most of the met-
allographic observations.

Though it is generally realized that the PFZ should modify the mechanical prop-
erties in some way, there is no general agreement upon the nature of this modifica-
tion, and few experiments have been done to elucidate the background of this point.
Moreover, since the aging process is very often studied by hardness measurements,
such investigations’ could give no direct information on the variation in ductility-the
property relationship.

The dislocations have never been observed within the PFZ due to high internal
stresses from the slip-band and relatively low lattice friction, so that the dislocations
could leave the foil prepared for TEM studies. Very little is known about the nature of
the atomic mechanisms involved in the annealing-out of quenched vacancies in metals.
Solute-depleted PFZs adjacent to the GBs reveal a tendency toward strain localization,
since they are weaker than the matrix and therefore can be the sites of preferential de-
formation leading to high stress concentration at GB triple junctions and low ductility.

Impurities as well as alloying elements in highly supersaturated nanophases will
be in a non-equilibrium state even relative to the nanocrystalline state and will dis-
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solve from the nanophase under
proper conditions such as annealing
to establish a thermodynamic equi-
librium by means of solute precipi-
tating from the solution and segre-
gating on GBs, following the phase
transformation theory and the John-
son-Mehl-Avrami analysis, in par-
ticular.

Owing to supersaturation with
vacancies, the lattice cell unit of na-
nocrystallites will expand with an
evident increment of lattice param-  Fig. 5.6. TEM electron micrograph (x100000) of re-
eter in intermetallic compounds [144] crystallized beryllium with dislocation pile-up for-
as well as in metal solid solutions ~ mation on the grain boundaries [147]

[145]. The P-concentration determi-

ned according to the Vegard’s law by lattice parameter measurements is found to be
10-15 times that for equilibrium solubility in nanocrystalline Ni—P materials syn-
thesized by crystallizing their amorphous state [146].

Another experimental evidence, for example, for the Pd—H nanocrystalline sys-
tem [147] implies that one may expect a significant enhancement of the solid solubil-
ity in nanocrystallites relative to the equilibrium solubility in single crystals. Several
other effects can influence the lattice structure of a nanophase, among which the lat-
tice distortion and/or expansion of nanosized crystallites might play a significant role
in variation of the lattice parameters.
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Grain and subgrain boundaries generally inhibit dislocation motion, and their
presence is a source of strength. The Petch-Hall equation describes the yielding in
polycrystals with a conventional grain structure. GB strengthening is based on the
interaction of dislocation pile-ups with GBs acting as long-range barriers to disloca-
tion motion (Fig. 5.6).

The effect of GB strengthening is given by

o,=0,+K, -d "% (5.3)

where o, is the resistance to dislocation motion in the grain matrix, i.e. friction stress;
K, is the measure of GB strengthening. Indeed, as can be seen from the analysis of the
structural sensitivity of yield stress for the grain size >1 um, the yield stress follows
the Petch-Hall relation (5.3) with K, = 0.35 MN/m**for Fe and K, = 0.20 MN/m*"?
for Ni. It has been reported that grain boundary strengthening can be very pro-
nounced for most nanocrystalline materials [148-150].

Concluding Remarks

When deformation is continued to large enough strain for signifi-
cant dynamic recovery to occur, marked increases in boundary dislocation pile-ups
and disorientations are observed. These results suggest that the GB structural trans-
formations induced by solute segregations are certain to regulate the precipitation-
free zones in age-hardening alloy systems.

The nanoscale grains even in dense pure metals are thermally unstable and tend
to coarsen above the recrystallization temperature. Therefore, the use of such objects
is limited to relatively low temperature applications. On the other hand, it is believed
that a very low impurity level is required which minimizes the potentially destructive
properties associated with phase segregation at GB. Indeed, this is a promising ap-
proach for the production of sintered (consolidated) nanocrystalline oxide ceramic
materials possessing, in this case, novel mechanical properties including low tem-
perature creep and superplastic deformation at relatively low temperatures. However,
for metal solid solutions with high creep resistance, an alternative process route is
required based on the GB strengthening by favorable segregations.



Chapter

SOLID SOLUTION
STRENGTHENING

The dislocation dynamics in solid solutions is interesting from a
physical standpoint when point defects such as excess vacancies V,
are generated by the non-conservative motion of jogs on mobile
dislocations during straining [151]. A solid solution is considered
for one or more solutes in a solvent when solutes and solvent are
close on the periodical table. Substitutional solute and solvent at-
oms are roughly of the same size, and therefore solutes will replace
the solvent atoms. Interstitial solute atoms are smaller than the sol-
vent ones, once they occupy interstitial positions in the solvent lat-
tice. Impurity solute atoms impose lattice strain and elastic stress
fields on surrounding host atoms. Lattice strain field interactions
between dislocations and solutes result in restriction of dislocation
movement. This is one of the most powerful reasons to make alloys
which have higher strength than pure metals.

Unfortunately, large lattice distortion restricts solid solution
strengthening in most commercial alloys having a high solid solu-
bility of the alloying elements with a significant size difference from
the solvent matrix. Solute element additions having high liquid
solubility, low solid solubility and low diftusion rates are being used
either individually or in combinations. In particular, these include
Co, Fe, Ni, Ca and Cr for aluminum alloys.

6.1. Dislocation Dynamics in Solid Solutions

Yield drops and serrated yielding indicate strong effects of solid so-
lution strengthening. It is generally excepted [152, 153] that the
Portevin-Le Chatelier effect and other phenomena of dynamic strain
ageing (DSA) arise from the elastic interaction of moving disloca-
tions with mobile solutes in unordered solid solutions. The discon-
tinuous flow implies a Portevin-Le Chatelier (P-L) effect which has
been revealed in Ni-C alloys and many other solid solution-hard-
ened alloys [154]. The P-L effect as a serrated yielding is most likely
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150 Fig. 6.1. Serrations observed on the stress-
strain curve at 423 K for commercially
available magnesium alloy AZ91D stre-
ngthened by 1% Ca and 0.3% Sr

to be caused by the appearance of
50 - dynamic instability due to the drag-
ging of dislocations by nonequilib-
rium solute atmospheres which
0 0.'01 0.|02 0.|03 0.04 provides resistance to dislocation
-8 motion. However, for iron alloys
with long-range order, the activa-
tion energy of the phenomenon which controls the appearance of serrations typical
for the P-L effect is comparable to the vacancy migration energy, while the energy
which governs the disappearance of the phenomenon is similar to the self-diffusion
energy [155]. One of the reasons for structure instability within the province of DSA
is the stress-induced and structure-sensitive interaction between mobile disloca-
tions and diffusants (solute atoms). Under these conditions the P-L effect is succeed-
ed by the sharp decrease in the creep strain, with negative strain rate and positive
temperature dependence of the flow stress [156].

Observed post relaxation effect due to DSA is caused by the change in the con-
centration of solute atoms on dislocations with the temperature and strain rate. Un-
like slow kinetics of solid solution disintegration, the kinetics of segregation of solute
elements or their desegregation is extremely rapid, suggesting short-range diffusion
of segregants [157]. Thus, the causes for the huge decrease in creep rate could be:
(a) a decrease in the bulk (lattice) diffusion coeflicient due to introducing more re-
fractory additions, and/or (b) a slowdown in dislocation activity due to the solute-
induced dragging.

The measurable effect of jerky flow is determined by the serrations on the smooth
curve o - € at strain rate £ = const (Fig. 6.1). This should be considered as indication
of some limited dislocation activity due to pinning dislocations by Cottrell mecha-
nism with formation of dislocation atmospheres. Strain delay to the onset of serrated
yielding depends on the strain rate, while dislocations are arrested at nanoparticles.
The delay time is inversely proportional to the dislocation velocity, 1/v,.

The initial jerks take the form of increment Ao in load. The magnitude of jerks
first abruptly falls in load recorded. The test of validity of stress decrement Ao as a
criterion for determination of the activation energies (a.e.) is consistent with the
process of dislocation atmosphere pinning. The decrement Ao is defined as the stress
differential between the breakaway stress at which dislocations escape from their at-
mospheres and the stress at which they move easily through the lattice before being
pinned again [158]. The a.e. for solute migration was found to be 0.57 to 0.68 eV,
which is consistent with the activation of solute atmosphere forming mechanism.
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6.1. Dislocation Dynamics in Solid Solutions

Nevertheless, in the course of tensile tests, serrations typical for the P-L effect are
observed in magnesium alloys containing Ca, Ti, Sr, Gd additions at a strain rate of
about 10 s7! (Fig. 6.1). Besides, the a.e. of the phenomenon which controls the ap-
pearance of the serrations is comparable to the vacancy migration energy (~0.8 eV),
while the energy governs its disappearance is similar to the self- diffusion energy
(~1.35 V) [159].

The appearance of serrations in the smooth curve (Fig. 6.1) records the onset
of a jerky flow. Point defects are generated during straining by the non-conservative
motion of jogs on mobile dislocations. Following the modified versions of Cottrell
model for the P-L effect [160], it is deduced that repeated (serrated) yielding is
caused by short-range diffusion of clusters “excess vacancy-solute” which ensure
the dislocation locking with the participation of strain-produced vacancies. An-
nealing of the excess vacancies at appropriate sinks and their annihilation give rise
to deviations of experimental data from Cottrell's model by primary cluster-in-
duced mechanism [161].

There is an evidence that jerky flow (P-L effect) occurs while introducing alloy-
ing elements with large positive heat (enthalpy) of mixing, A H, such as Ti, etc. For
the Mg—Ti system AH_ makes up 16 k]/mole [162]. The measurable effect of jer-
ky flow is determined by the serrations on the smooth curve o - ¢ at strain rate £ =
= const. This should be considered as indication of some limited dislocation activity
due to pinning dislocations by Cottrell's mechanism with formation of dislocation
atmospheres. Jerky flow in Ti-containing magnesium is observed during tensile tests
at £= 107 s7'. With this provision, regular serrations are certain to occur in the tem-
peratures range of 403-523 K.

6.1.1. Long-Range Interactions

It is reasonable to expect that the excellent increase in creep resist-
ance and long-term strength might be attributed to dynamic (stress-induced) drag-
ging the dislocations by nonequilibrium Cottrell’s dislocation atmospheres in full ac-
cordance with physicochemical Le Chatelier-Braun principle of mobile equilibrium
shift [163]. It is noteworthy that Cottrell's model has been successfully employed for
explaining the experimental data associated with the delay of plastic deformation in
the region of serrated (repeated) flow as well as for evaluating the critical strain rate,
g , responsible for the appearance of serrations on the temperature curves in the o - ¢
coordinates, i.e.

& =kp,-C,-exp (-E,/RT), (6.1)

where k is the constant; p is the density of mobile dislocations; C, is the concentra-
tion of vacancies; E_is the a.e. for vacancy migration. With this provision, the long-
range interaction of slow dislocations with solutes is believed to occur by Cottrell’s
diffusion rate-controlling mechanism. However, the results obtained do not affect the
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problem of embedding the complexes and A_B_ clusters in the crystalline structure
of a primary solid solution so far as elastic interaction lowers the enthalpy of solution,
and, on the contrary, filling of the electronic states increases it. Furthermore, the
long-range interaction is shown to be independent of the chemical reaction course.
These results are far from being conclusive at least for solid solutions enriched with
excess vacancies, the more so these calculations are clearly not in agreement with the
idea of short-range interaction. Nevertheless, all the data published in the literature
are theoretical premises for developing a unified concept of the short-range cluster-
ing inherent in a solute-defect-vacancy structure.

The observed inelastic stress-induced pair relaxation (Fig. 2.2) and other evi-
dences of pairing of solutes with excess vacancies (Figs. 2.3-2.6, Table 2.1) demon-
strate that a different mechanism operates in the cluster-forming solid solutions. Un-
der the data [164, 165], an apparent migration energy for vacancy/ solute complexes
gives a good fit to experimental data compared to that of solutes. The complexes have
a higher mobility with smaller a.e. which differs substantially from that of isolated
solute atoms and individual defects. The formation of pair defects and their com-
plexes enables them to be relaxed by rapid (short-range) mechanism with the par-
ticipation of bound vacancies.

6.1.2. Short-Range Interactions

Analysis of the kinetic equations predicts that activation of the
Snoek short-range order may precede activation of the Cottrell long-range diffusion-
controlled mechanism with increasing strain rate, proportional to dislocation veloc-
ity. In such a case thermally activated rapid strengthening by short-range mechanism
(Snoek and Schoeck approaches) appears to be energetically favorable. Thus, for slow
dislocations, the interaction of solutes with moving dislocations is controlled by Cot-
trell locking whereas for fast dislocations, rapid (short-range) strengthening is gov-
erned by Snoek mechanism. Rapid kinetics of strong strengthening is a feature pecu-
liar to the activation of the short-range mechanism responsible for the alloy ingredi-
ent in the stress fields of rapid dislocations. Snoek and C.ttrell assumptions have
similar shapes of dependence, i.e., similar and 6/nv,/d7" with the same activation
energy. Besides, the serrations attributed by the activation of Snoek short-range
mechanism are believed to occur at lower temperatures than that associated with
Cottrell long-range (diffusion) mechanism.

The interstitial solute atmospheres are boiled out with increasing temperatures.
A theory of strengthening by the fields of short-range stresses, e.g., from the dipoles
consequent to intercepting forest dislocations, was put forward by Gilman [166] and
then modified by Hirth [167] in terms of sitting ledges on screw dislocations.

Bcc Group A metal solid solutions exhibit indeed the clustering-type local order
and, as consequence, solution strengthening by the short-range (Fisher) mechanism
[168]. As the size difference increases, the phase diagrams change from the ultimate
clustering limit, the solubility gap type, to the ultimate ordering limit, the intermetal-
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lic compound type. While exhibiting, clusterized solid solutions also exhibit negative
deviations from Vegard’s law [169]. In this case, lattice parameters versus the compo-
sition behavior is not a reliable clue to the state of local order. Another measure of
bond energy is the elastic (shear) modulus.

The exact nature of the chemical bonding strength in cluster compounds is not
yet completely understood. Nevertheless, chemical binding in B V_ complexes and
the A_B_nanoclusters made of them are certain to depend strongly on the chemical
type of the surrounding atoms. A strong atomic attraction causes the effect of short-
range order (SRO) in the molten state lowering the configuration entropy and chang-
ing the a.e. for crystallization. Otherwise, the chemical SRO originates in the liquid
state (Fig. 1.3). The nature of chemical bonding is changed with the addition of AE
with higher cohesive energy.

Therefore, the magnitude of the chemical energy is thought to play the major
role in clustering of atomic structure to nucleate chemically bonded luster com-
pounds A_B_with own (hybridized) electronic structure.

6.2. Rate-Controlling Dislocation
Dragging Mechanisms

It is noteworthy that long-term features exhibit some correlation be-
tween creep strain rate £ and time to a given creep strain for all alloys under investiga-
tion [8]. Somehow the ¢ level indicates their survival probability. Weabandon the idea
that one should not carry out all the cycle of creep testing (up to 200 hr) to save time
and resources provided single rate-controlling mechanism can operate. A analysis un-
ambiguously displays the source data as creep strain rate rather than time interval. It
might therefore be expected that solute-induced dragging is the most probable rate-
controlling mechanism responsible for delaying the dislocation activity at the 10 s™
level. This assumption is supported by the appearance of regular serrations on the
smooth curve during tensile test of magnesium alloy containing strengthening addi-
tions (Fig. 6.1) as well as by dislocation damping investigations (Figs. 3.3 and 3.4).

By its general sense, the apparent a.e. U is not a critical event for the choice of a
rate-controlling mechanism, whereas the a.v. of V is directly related to the physical
mechanism. The thermal stability of structure not containing the sources of disloca-
tion multiplication is therefore a mandatory condition for the correct theoretical cal-
culations and experimental estimations to clear up a rate-controlling mechanism.
Since the dislocation density is kept constant, such an approach makes it possible to
estimate the accuracy of the above parameters, provided that the dislocation struc-
ture of a given alloy remains unchanged under investigation. Using an Arrhenius
type relation which should produce straight lines, the a.e. U* for creep involved is
calculated from the line slopes.

The process of the dislocation (Cottrell) locking is accompanied by releasing the
elastic energy of oscillations and, as sequence, lattice relaxation, while process of the
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dislocation breaking off, being reversal, is controlled by absorbing the elastic energy
of oscillations. According to current concepts, the self-adjusting synthesis of struc-
tures in the bifurcation points under system instability is attributed to the properties
of absorbing and releasing energy. In our case, at lower temperatures a system which
trend to stability (quasi-equilibrium) is controlled by the action of reverse-feedbacks
(-E,). Meantime at higher temperature the structure in bifurcation points is deter-
mined by positive feedbacks (+E,) (heat of dissipation, dissociation). Thus, thermal
dislocation pinning by Cottrell's mechanism is caused by energy release whereas
thermal dislocation unpinning, i.e., releasing from binding is caused by thermal en-
ergy absorption. It is reasonable to suppose that the jump-like motion of dislocation
under conditions of -E, = +E_ in the serrated yielding region is a main premise to the
onset of a jerky flow by short-range mechanism. This can best be seen by an example.
According to our experimental data, the values of binding energies E, for both -E,
and +E, are the same and equated to 0.45 eV for hcp Mg—H system and to 0.34 eV
for hcp Be—C system [170].

The extent of smooth plastic strain preceding (by short-range mechanism) jerky
flow is evaluated in the In¢ — 1/T coordinates [171]. Besides, measured effect of ser-
rated yielding is defined by stress oscillation amplitude, i.e., height of regulated serra-
tions on the smooth o-¢ curves at € = const. In the case, the jump-like movement of
dislocations is sure to occur by a short-range mechanism.

The mechanism of delayed discontinuous plastic flow in an age-hardened Ni-
based solid solution-hardened alloy was proposed by authors [158]. It was found that
there is a critical strain, e, providing an anomalous strain delay to the serrated yield-
ing as a result of activation of a carbon atmosphere mechanism. At the same time,
according to the hypothesis [172] supporting experimental approach, the stress dec-
rement o, may be a more fundamental measurement of strain-aging than the strain
to start of serrated flow (o). It is determined as the stress differential between the
breakaway stress at which dislocations escape from their atmospheres and the stress
at which they move easily through the lattice before being pinned again. In terms of
the stress-strain curve, o is simply the height of the individual serration.

Concluding Remarks

In spite of their implication in the strength properties of structural
materials, solute-induced and structure-sensitive interactions of dislocations remain
a poor known mechanism. It has however been shown that:

o Under the serration yielding conditions, one should expect a huge increase in
creep resistance while introducing more refractory additions and solute-induced
dragging to be activated.

« The serrations are a measurable effect of jerky flow on the stress-strain curve.

« Strain delay to the onset of initial jerky flow is likely to be determined by solute-
induced dislocation core dragging by a short-range mechanism.
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DEFORMATION (SUBSTRUCTURAL)
STRENGTHENING

The process of dislocation sliding at early stages of plastic deforma-
tion has a fundamental significance for further deformation behav-
ior of metal alloy polycrystals at higher strains (beyond the yield
stress) as it often determines the subsequent microstructural evolu-
tion and, as a result, the mechanical properties of polycrystals dur-
ing strengthening. It has been agreed that elastic fields of internal
stresses attributed by dimension or modulus misfit, interact with
dislocation cores and contribute to processes of dragging the mo-
bile dislocation and solid solution strengthening by local ordering
the structure.

7.1. Contribution of Cell Structure

Distance between misoriented enough boundaries is equal to the
free path length of moving dislocation, A, i.e.
L,~A~K.p'2 (7.1)

In other words, low-energy boundaries would be expected to
be formed from dislocation density, p. It should be noted that the
cell size is not given by Eq. (7.1) when the dislocation mobility is
insufficient for a low-energy dislocation configuration to be ap-
proached or when the dislocation mobility is high enough to allow
considerable dislocation annihilation with positive and negative
Burgers vectors.

The so-called cellular structure presents energetically favorable
configurations of dislocation densities in deformed polycrystals
(Fig. 7.1, a, b).

During deformation of metals and their alloys, the mobile dis-
locations cluster into cell walls separating relatively dislocation-
free regions due to decrease in the total elastic energy (Fig. 7.1, b).
The stability of a uniformly dense dislocation distribution with re-
spect to periodic fluctuations in dislocation density p was examined
by Holt [173]. It was shown that an array of dislocations modeled
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Fig. 7.1. Typical dislocation structure formed in the grain bulk and transformed in the cell con-
figuration (x15000) (a) and typical cell structure formed in the Cr—0.8Y alloy (x15000) (b)

by parallel screw dislocations of uniform density is unstable, and the mobile disloca-
tions move to form a structure having a modulated dislocation density. With this
condition, clustering of dislocations will convert their uniform distribution into a
cellular structure (Fig. 7.1, b) which should be considered as an energetically favora-
ble structural state with a periodical modulation.

The study is concerned with the case in which most of the dislocations have
formed themselves into cell walls. The athermal resistance to the dislocation motion
contributes to the plastic flow mainly at high temperatures. At elevated temperatures,
besides the athermal resistance, the thermal resistance to the dislocation motion is
added to the flow stress. The athermal resistance should be considered in terms of
activation by a long-term (strong barrier) mechanism whereas the thermal resistance —
in terms of short-range (thermal obstacle) mechanism.

Under the data by Thompson [174] strengthening by cells or subgrains as slip
barriers obeys the modified equation similar to Eq. (5.3).

7.2. Contribution
of Nanosized Structure

A new category of materials, called nanocrystalline (nm) materials,
containing ultrafine grains up to 100-300 nm in size gives rise to a huge number of
interfaces (about 50% for 5 nm grains) which distinguish them from conventional
coarse-grained polycrystalline materials. Many macroscopic properties of nm-mate-
rials (nanosolids) are therefore determined by the interfacial structure. The synthe-
sizing procedure for bulk nanocrystalline materials proposed by Lu et al. [175] is
based on the crystallization of amorphous solids and named the crystallization meth-
od. That is, upon heating amorphous ribbons, wires or powders, crystallites will nu-
cleate and grow within the amorphous matrix. The grain size in the products can be
easily controlled by different annealing procedure. Nanostructural materials have
unique properties compared to conventional materials with microscale (mesoscopic)
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structures. A large fraction of atoms located at interfaces is expected to play an im-
portant role in determining the unique properties of nanocrystalline materials. How-
ever, some fundamental subjects concerning their interfacial structure and structure-
related properties are still controversial. So far, two major structural interface models
have been proposed, i. e. the «gas-like» structure with neither long-nor short-range
order by Gleiter [176] and similar to the common interfacial structure in polycrystals
by Siegel [177].

7. 3. Structural Sensitivity of Yield Stress

7.3.1. Hall-Petch Relation for Traditional
Crystalline Materials

It has been established experimentally and theoretically that the
grain refinement increases mechanical strength and hardness in terms of pile-up-
based Hall-Petch relation for polycrystalline materials [178, 179] to be considered as
a modification of the Griffith concept.

The basis for this improvement is that the macroscopic yield stress/flow stress is
inversely proportional to the square root of the grain diameter that is normally de-
scribed by the classical Hall-Petch relation

c=0,+Kd" (7.2)

where o is the resistance to dislocation movement in the matrix or the friction stress
telt by a dislocation in the pile-up; K is the Hall-Petch slope or stress intensity factor
(constant for the material). The dislocation model of the Hall-Petch equation de-
scribing the yielding in polycrystals with a traditional grain structure is based on the
interaction of dislocation pile-ups formed by dislocation Frank-Read sources within
the grain [180].

It is considered that dislocation sources inside grains can operate only down to a
grain size of typically about 1 pum, since the size of a Frank-Read source cannot ex-
ceed the grain size, and the stress needed for its operation to be inversely propor-
tional to the source size [181] Nevertheless, at grain/subgrain (cell) sizes less than
200...100 nm we observe regular Hall-Petch law manifestation (Fig. 7.2), i.e. the
strength increase with decreasing grain size due to the activation of conventional
dislocation-slip (pile-ups) mechanism [182]. Indeed, if subgrains (well-developed
cell walls) are effective cross-barriers for dislocation pile-ups providing transmission
of matrix slip (from cell to cell) by Stroch mechanism, they perform the function of
grain boundaries (GBs) and obey the well-known dislocation (barrier) criteria of
Hall-Petch and Mott-Stroch for macroscopic yield stress (6 =~ o, + K d ') and true
fracture stress (o, = 6+ K.d '), respectively [183, 184].

It becomes obvious that other dominating deformation mechanisms may be op-
erational in the nanosized grain regime, at least below 200...100 nm. If energy ab-
sorption occurs without relaxation, for instance, in brittle materials (during bull mill-
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I0um 100 nm 10 nm Fig. 7.2. Schematic representation of the
variation of yield stress as a function of
grain size in microcrystalline, cellular and
nanocrystalline metals and alloys

ing), one can observe gradual evolu-
tion from a dislocation cell structure
to a nanostructure. Below a critical
grain size (100-50 nm) GB sliding
Nanocrystalites may be responsible for the grain-
0 size dependence of the macroscopic
yield stress, according to [185].

Some appealing characteristics of nanocrystalline (nc) metals and alloys with
potential significance for engineering applications include ultra-high yield and frac-
ture strengths, decreased elongation and toughness, superior wear resistance, and the
promise of enhanced superplastic formability at lower temperatures and faster strain
rates compared to their microcrystalline (mc) counterparts. Consider, for example,
the variation of flow stress as a function of grain size from the mc to the nc regime,
which is schematically shown in Fig. 7.2. In many mc and nm metals and alloys with
average grain size of 100 nm or larger, strengthening with grain refinement has tradi-
tionally been rationalized on the basis of the so-called Hall-Petch mechanism [186,
187] with pile-up of dislocation process underlying an enhanced resistance to plastic
flow from grain refinement. As the microstructure is refined from the mc and ufc
(ultrafine crystalline) regime into the nc regime, this process invariably breaks down,
and the flow stress versus grain size relationship departs markedly from that seen at
higher grain sizes (Fig. 7.3). With further grain refinement, the yield stress peaks in
many cases at an average grain size of about 10 nm. Further decrease in grain size can
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Fig. 7.3. Redistribution of the local overstresses on the boundaries of course and nano-polycrystals
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cause weakening of the metal. Although there is a growing body of experimental
evidence pointing to such unusual deformation responses in nc materials, the under-
lying mechanisms well understood. Consequently, there is a concerted global effort
underway using a combination of novel processing routes, experiments and large-
scale computations.

Microstructural evidence is given which shows that the well-known relations of
Hall-Petch and Mott-Stroch are valid for a wide range of highly pure metals (bcc Cr,
hcp Be, hep Ti) with well-developed cellular structure (up to 200-100 nm) [188, 189].
The conventional dislocation pile-ups mechanisms responsible for observed increase
in strength with decreasing grain and cell sizes (down to 20-10 nm) are further de-
generated in the nanoregime where strengthening mechanism in crystal physics re-
mains controversial because of blocking bulk dislocation sources.

GB sliding based deformation mechanisms opens the new opportunities for fur-
ther strength increase even in coarse-grained polycrystalline systems (hcp Be—Co
[190]). Below a critical grain size (100-50 nm) GB sliding may be responsible for the
grain-size dependence of the macroscopic yield stress. According to [191-193] GB
sliding involving atom shuffling and stress-induced diffusion may be also responsible
for the grain-size and cell-size dependences of the macroscopic yield stress and the
true fracture stress caused by activated intercrystalline failure. For example, GB slid-
ing in hcp polycrystals such as magnesium is revealed at 77 K [191]. As GB sliding
and atom diffusion are two independent types of GB process, the physical founda-
tions, if any, of such macroscopic behavior remain to be exploited [192]. Thermally
activated and stress-induced GB sliding has been shown to lead to a d™! grain-size
dependence of the strain rate [193, 7]. The data are in good agreement with the steady
state creep rate by Coble and Nabarro-Herring mechanisms which become essen-
tially indistinguishable in nanosolids, and the a.e. for GB sliding is equal to the a.e. for
GB diffusion.

7.3.2. Deviation from Hall-Petch Law
for Nanocrystalline Materials

In the available relevant literature, there is an expressed doubt as to
the possibility of conventional dislocation mechanism of plastic flow being operative
in nanoscale polycrystals as theoretical shear stress [177]. Indeed, it is much easier to
activate the GB dislocations at the GB ledges by the James Li mechanism [194] than
dislocation sources within the grain matrix. Nevertheless, some additional mecha-
nism, for example, GB sliding enhanced by GB diffusion similar to the high tempera-
ture creep mechanism, may be operative in the plastic flow of nanocrystalline materi-
als [195]. The mechanism may result in the softening of nanophase materials with
decreasing grain size to nanoscale regime, as observed in a number of the nanocrys-
talline materials [196]. Therefore extrapolation of the Hall-Petch equation to na-
nograin size ( <10 nm) not founded theoretically will result in overestimated values
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e Fig. 7.4. Yield stress as a function of grain
T 1000 i - and nanograin sizes in the Hall-Petch co-
L i ordinates [195]
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nanocrystalline metals and their alloys, further investigations of nanograin size and
temperature dependences of the yield stress and true fracture stress are required.

In view of the importance of the Hall-Petch relation in predicting material
strength and the new availability of ultrafine grained materials, it is important to as-
certain whether the Hall-Petch relation should be obeyed down to nanocrystal di-
mensions. A variety of models have been proposed to explain the grain size strength-
ening. It has been postulated that if the Hall-Petch relation is valid for a nanograined
structure, grain refinement is expected to provide an increase in the strength which
could reach the theoretical elastic limit, i.e. theoretical shear strength [197]. Never-
theless, although in most cases, the Hall-Petch relation seems to be obeyed, there
have been some cases (Fig. 7.4) where different and even “inverse” Hall-Petch slopes
have been reported [198]. Effective yield stresses are sometimes obtained via hard-
ness measurement instead of directly measuring the stress-strain behavior. There is a
growing body of experimental evidence pointing to such unusual deformation re-
sponses in nc materials, and the underlying mechanisms are not well understood.
Consequently, there is a concerted global effort underway using a combination of
novel processing routes, experiments and large-scale computations.

Indeed, as can be seen from the analysis of the yield stress dependence on the
grain size >1um (Fig. 7.4), the yield stress follows the Hall-Petch relation with K =
= 0.35 MN/m?*” for Fe and K =0.20 MN/m®” for Ni, but extrapolating these depend—
encies to the nanometer graln size region predicts deviation from Hall-Petch law, i.e.,
a considerably larger increase in the yield stress than that actually observed. It is
noted that some softening mechanism, e.g., the GB sliding, is involved in the plastic
deformation of nanocrystalline Fe and Ni, partially neutralizing the effect of the GB
strengthening. Since the GB sliding is governed by surface diffusion, it should be sup-
pressed at lower temperature (argument to elevated temperature creep properties
and transition to high temperature creep behavior). The incorporation of defects in
nm-grains could activate dislocation sources other than Frank-Read’s one.

So called inverse Hall-Petch relation H ~ d™'* is observed for the Fe—Mo—Si—B
nanocrystalline alloys synthesized by crystallization of an amorphous state when grain
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size is less than 45 nm (Fig. 7.4)
[199]. The results for the posi-
tron life time indicate great in-
fluence of nanovoids in the in-
terfaces on the microhardness at
d <45 nm.

Unfortunately, up to now the-
re has been very little informa-
tion on the subject and, moreo-
ver, this information is often con-
tradictory (Figs. 7.5 and 7.6). That
is why it is necessary to have re-
liable experimented data in or-
der to understand the mecha-
nism of mechanical behavior of
nanocrystalline materials.

It should be pointed out that
if we extrapolate a linear func-
tion beyond the very narrow
grain size range, the relationship
H,=H_ +K'd_ - will be vio-
lated. It means that there are dif-
ferent mechanisms of plastic de-
formation leading to the Hall-
Petch relation, or for nanosized
structures there are other mech-
anisms, for example grain slid-
ing [200], which are not descri-
bed by the Hall-Petch equation.
At present, the available infor-
mation is not enough to discuss
the problem.

Decrease in the effective elas-
tic modulus upon heating nano-
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Fig. 7.6. Compiled yield stress versus the grain size plot
for Cu ranging from coarse to nanograin size. The plots
show different trend as the grain size falls below a critical
size [205]

crystalline solids of 5-15 nm in size is explained by contribution of disordered inter-
facial structure [201, 202]. The contribution becomes much smaller with increasing
the nanograins during annealing. At the same time, their disordered interfacial struc-
ture is not likely to be the only cause of such modulus behavior.

An accommodation mechanism is required for GB sliding responsible for the
macroscopic behavior of nanosolids. However, in this case, dislocations are unavail-
able to accommodate GB sliding, and thereby to ensure continuous deformation while
avoiding submicrocracking, since theoretically below a threshold stress (2.3 GPa for
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pure Al) mobile dislocations cannot be nucleated from GB or grain junctions [203].
Apart from partial dislocations to be inevitably nucleated from GB, GB diffusion creep
seems to offer the only viable accommodation mechanism to facilitate GB sliding [204].
GB sliding and GB diffusion creep mechanisms are considered as two different aspects
of the same deformation-rate controlling process. We believe that novelty of the near
GB-strengthening is that the ability to GB time-dependent deformation (creep) resist-
ance is principally controlled by impeding mechanisms with longitudinal barriers act-
ing along the grain boundaries and correlating with a.e. for the GB diffusion of the al-
loying elements rather than with strengthening cross-barriers mechanisms connected
with the formation of strong dislocation pile-ups against grain boundary (by Hall-Petch
or Mott-Stroch models). It does mean inevitable transition from dislocation pile-ups
mechanism to unconventional deformation mechanism in nanocrystalline materials to
be most likely a GB based deformation mechanism.

7.4. Strain Rate Sensitivity of Yield Stress

The most important source of strain hardening is thermally activated
obstacles providing the maximum force between them and gliding dislocations at a
distance of the order of the Burgers vector. The main contribution to the strain harden-
ing of fcc metal crystals is made by long-range elastic interactions between parallel lat-
tice dislocations with the formation of pile-ups on Cottrell-Lomer barriers and reverse
stress field [32], which virtually exclude the reversibility of plastic deformation.
Atomic computer simulations have shown that below a critical grain size (20-30 nm)
nanograin boundary (nm GB) sliding as an accommodated process becomes the
dominant deformation mechanism responsible for macroscopic behavior in pure na-
nometals (Ni) and in dense nanoceramics [205, 206]. If the entire macroscopic defor-
mation arises from the GB sliding, viscosity of which is governed by stress-driven,
thermally activated nm GB sliding rate transforms into the steady-state creep rate,
shown to lead to the d! grain-size dependence of € ~ 1/a,,

é = d_o . exp (_ %)Slnh (%), (73)
d KT KT

where U, is the a.e. for GB sliding; V is the GB activation volume. The experimen-

tal data are in good agreement with the well-known Coble creep mechanism for

coarse-grained metals and alloys as creep resistance requires a large grain size.
According to [207], the GB sliding rate can be described by the expression:

€., =A,0" " exp(Q_, / RT), (7.4)

where the stress exponent for the GB sliding n_, =n - 1.

A transition from low stress to high stress behavior can be observed in creep rate,
time to rupture ductility and fracture mode. The stresses at the transition in creep rate and
in time to rupture almost coincide with each other indicating the same change in the
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fracture mechanism. The results are explained by the hypothesis that the transition is due
to change in the deformation mode from one of the predominant uniform matrix defor-
mations at high stresses to one of the localized deformations near GBs by GBs sliding, at
low stresses. A higher stresses of GBs sliding is postulated to be negligible and constant,
while at lower stresses GBs sliding is the rate controlling mechanism. Nevertheless, the
strain due to the two processes are additive as they operate inconsequently. Based on all
the experimental observations in the literature, the total creep deformation (g) can be
resolved into the matrix deformation (g_) and grain boundary sliding (e,) components.

7.5. Up-to-date Analysis of Strengthening
Accommodation Mechanism

To ensure continuous deformation while avoiding submicrocracking
and nanopores, different deformation and diffusion processes such as dislocation emis-
sion, (GB) stress-induced atom diftfusion, GB sliding, etc. have been identified in many
models as viable stress accommodation mechanisms beginning from the pioneering works
of Herbert Gleiter. It is widely accepted that there are at least three major accommodation
mechanisms that promote grain-size and subgrain-size strengthening in solids.

Dislocation accommodation mechanism.
Bulk (Frank-Read) relaxation sources

Concerning dislocation accommodation, it is considered that dis-
location sources inside grain can operate only down to a grain size of typically about
1 pm, since the size of a Frank-Read source cannot exceed the grain size and the
stress needed for its operation is to be inversely proportional to the size of the source.
Nevertheless, at grain/subgrain (cell) sizes less than 200...100 nm we observe regular
Hall-Petch law manifestation, i.e., the strength increases with decreasing grain size
due to activation of conventional dislocation-slip (pile-ups) mechanism.

Indeed, if subgrains with well-developed cell walls are effective cross-barriers for
dislocation pile-ups providing transmission of matrix slip (from cell to cell) by the
Stroch mechanism, they perform the function of GBs and obey the well-known dis-
location (barrier) criteria of Hall-Petch and Mott-Stroch for macroscopic yield stress
(0y =0 + KY d_?) and true fracture stress (o, = 0 , + K.d 7?), respectively. It be-
comes obvious that other dominating deformation mechanisms may be operational
in the nanograin size regime, at least below 200...100 nm. If energy absorption occurs
without relaxation, for instance, in brittle materials (during ball milling), one can
observe gradual evolution from a dislocation cell structure into a nanostructure.

GB based accommodation mechanism.

GB (James Li) relaxation sources

Below a critical grain size (100-50 nm) GB sliding may be respon-
sible for the grain-size dependence of the macroscopic yield stress. GB sliding involv-
ing atom shuffling and stress-induced diffusion may be also responsible for the grain
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size and subgrain size (cell-size) dependences of the macroscopic yield stress and the
true fracture stress caused by activated intercrystalline failure. For example, GB slid-
ing in hcp polycrystals such as magnesium is revealed at 77 K. As GB sliding and
atom diffusion are two independent types of GB process physical foundations, if any
of such macroscopic behavior remains to be exploited. An accommodation mecha-
nism is required for GB sliding responsible for the macroscopic behavior of nanosol-
ids. However, in this case, dislocations are unavailable to accommodate GB sliding,
and thereby to ensure continuous deformation while avoiding submicrocracking,
since theoretically below a threshold stress (2.3 GPa for pure Al) mobile dislocations
cannot be nucleated from the GB or grain junctions. Apart from partial dislocations
to be inevitably nucleated from GB, GB diffusion creep seems to offer the only viable
accommodation mechanism to facilitate GB sliding. GB sliding and GB diffusion
creep mechanisms may be considered as two different aspects of the same deforma-
tion-rate controlling process. We believe that novelty of the near GBs strengthening
is that the ability to the GB time-dependent deformation (creep) resistance is princi-
pally determined rather by strengthening cross-barriers mechanisms connected with
the formation of strong dislocation pile-ups against GB (by Hall-Petch or Mott-Stroch
models) than by impeding mechanisms with longitudinal barriers acting along the
grain boundaries and correlating with a.e. for the GB diffusion of the alloying ele-
ments. It does mean inevitable transition from dislocation pile-ups mechanism to
unconventional deformation mechanism in nanocrystalline materials which is most
likely to be a GB based deformation mechanism.

Stress accommodation mechanism
in nanocrystalline solids (metals and ceramics).
Fewer relaxation sources

Microstructural evidence is presented which shows that the well-
known relations of Hall-Petch and Mott-Stroch are valid for a wide range of highly
pure metals (bcc Cr, hep Be, hep Ti) with well-developed cellular structure (up to
200-100 nm). The conventional dislocation pile-ups mechanisms responsible for ob-
served increase in strength with decreasing grain and cell sizes are further degener-
ated in the nanoregime where strengthening mechanism in crystal physics remains
controversial because of blocking bulk dislocation sources. GB sliding based defor-
mation mechanisms opens the new opportunities for further strength increase even
in coarse-grained polycrystalline systems. However, we believe that in the nanore-
gime providing a large number of surface atoms (up to 30%) more than one accom-
modation mechanisms is believed to need for GB sliding to operate beyond matrix-
slip. It should be noted that GB diffusion is a very powerful stress-relaxation mecha-
nism. Its potential of the true nanostructures is not used completely for structural
and functional purposes. It does also mean that the inevitable transition to the other
accommodation mechanisms, particularly, GB diffusion accommodated GB sliding
must occur where GBs play decisive role in nanograin-size strengthening.

94



Concluding Remarks

Thermally activated and stress-induced GB sliding has been shown to lead to a
d™ grain size dependence of the strain. The data are in a good agreement with steady
state creep rate by Coble and Nabarro-Herring mechanisms which become essen-
tially indistinguishable in nanosolids and the a.e. for GB sliding is equal to the a.e. for
GB diftusion. Nevertheless, the above GB diffusion accommodation mechanism is
thought to be activated with the participation of excess (strain-induced) vacancies,
responsible for the atom shuffling and stress-induced diffusion at low temperatures.

In summary, the picture of substructural strengthening which has been devel-
oped above is as follows. Subgrain (cell) structures tend to exhibit the dependence
d-2. After reaching the nanosize scale, they may exhibit a transition to another de-
pendence including function of d™'. One way of rationalizing these observations is in
terms of the behavior of dislocation sources which appears to be responsible for sub-
structural strengthening mechanisms.

Concluding Remarks

The Hall-Petch relation is believed to be not enough to describe
time-dependent deformation in nanocrystals; the lattice dislocations are unavailable
to accommodate GB sliding. There is a competing dislocation-based deformation
process attributed to the activation of dislocation sources to affect the GBs with nu-
cleating the partial and complete dislocations.
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Chapter

STRENGTH AGAINST FRACTURE

8.1. Fracture Mechanisms
in Crystalline Materials

Modern ideas about the physical nature of fracture were formulated
on the basis of the concepts of Stroch, Ioffe-Davidenkov scheme
and the Hall-Petch dislocation (barrier) criteria for the macroscop-
ic yield stress and Mott-Stroch for the macroscopic breaking stress
[208-211]. For brittle failure, the sum of the kinetic and the elastic
energy must be at least as large as the fracture surface energy. Meth-
ods for estimating the theoretical strength of solids (~E/10) based
on a balance of the elastic strain energy and a measure of the mate-
rial cohesive energy are familiar. Similar arguments are used to fo-
cus on extending similar energy concepts to be necessary for pre-
dictions of strength and failure time for brittle and ductile crystal-
line materials. For example, the Orowan approach is based on a si-
nusoidal representation of the cohesive force.

By the classic failure theory based on the Stroch-Griffith fun-
damental concept of brittle fracture and the Ioffe-Davidenkov sche-
matic diagram of brittle transition, the temperature development of
brittleness (under the bending or tensile testing) is accompanied by
sudden (athermal) breaking of section without any plastic defor-
mation, in particular, for isotropic crystals with one critical sliding
system. According to macroscopic principles of hard to activate
sliding flow stress appears to be a critical parameter at point of brit-
tle fracture. A large stress concentration necessary for critical Grif-
fith crack nucleation is provided by slip bands held up at grain
boundaries in the form of pile-ups. Subcritical crack growth (mi-
crocracking) is believed to occur at stress intensities as low as 60%
of the critical stress intensity. Particularly, cold brittleness of bcc
metals (in VIA group) with high stresses of Pieirls is explained on
the basis of dislocation theory of sharp temperature dependence of
the flow stress due to the growing lattice resistance to the genera-
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Fig. 8.1. SEM electron micrograph of fracture sur-
face for molybdenum of high purity (~0.001% C,
N, O) after tensile testing at 77 K

tion and motion of sliding dislocations at
low temperatures.

True brittle fracture is modeled by
the nucleation of atomic-sharp submicro-
cracks from dislocation pile-ups by the
Stroch mechanism and their spontaneous
propagation by the Griffiths mechanism.
It is assumed that the fracture is a kinetic
process which does not depend on the nature and conditions of fracture. Neverthe-
less, published discussion indicates more complicated nature of brittle transition,
general universal comprehensive development and variety of the brittleness and em-
brittlement phenomena. First of all, the formation of an embryonic (spontaneous)
Stroch submicrocrack is an insufficient criterion for the activation of general (com-
plete) fracture due to the effective absorption of energies by stable microcracks on
barriers of various physical natures. Unfortunately, all of these foundational ap-
proaches reflect or characterize the structural sensitivity of strength, measured, as a
rule, by reduction in area and elongation in tensile (short-term) tests. Since long-
term strength is determined by the dynamic structure which should be formed dur-
ing prolonged loading rather than the initial one, it is very difficult to apply these
approaches under certain temperature — strain rate conditions, especially at stresses
below the macroscopic yield stress. Besides, brittle behavior and week absorption are
associated with the covalent component of interatomic bond which reduces the dis-
location mobility and results in the low symmetry crystalline structure formation in
insufficiently active slip systems.

Starting from the unique experiments of Sargent [212], who discovered disloca-
tion relaxation at 77 K, in the periodic literature the critical (hard-to-activate) stage of
quasi-brittle fracture is considered to be the propagation of dislocation microcracks
rather than their nucleation, for example, by an easily activated basic cleavage.

Intercrystalline brittleness is considered to be the main problem limiting the use
of many metals and their alloys with bcc and hcep lattices (Figs. 8.1 and 8.2). The
power law for creep (Fig. 8.3) in terms of GBs fracture was analyzed in a series of
works by Otsuka M. and Horiuchi P. [213].

1/t,= Bo™ exp(-U,/ RT), (8.1)
where U, is the a.e. for fracture; n is the stress exponent; T, is the time up to the GBs
fracture [214].

Fracture occurs along the GBs, and growth and coalescence of the GB micropo-
res is observed on the GBs facets (Fig. 8.4, a, b). Ast,-¢ = C,/dlaw is valid for the
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Fig. 8.2. Relation between minimum creep rate (¢) and time to rupture (t) in the temperature
range of 783-893 K for different metal alloy systems [211]

Fig. 8.3. Dependence of ¢_ - T, 0n grain size for different Al—2+5.2Mg alloys (1, 2, 3) by Otsuka M.
and Horiuchi P, Japan, 1985-1993 [213]

GBs fracture, then one should expect better creep properties after the transition to
nanostructures (with C, = 20 um for Al—5.2Mg alloy).

The results of original theoretical and experimental researches in a field of
strength physics, micro and nanoyield kinetics, and mechanisms of the delayed frac-
ture and impurity embrittlement of light metals (hcp Mg, hcp Be, hep Ti and fcc Al)
are generalized in our works [214-216]. Some of them are concerned with scientific lega-
cy of outstanding physicists-academicians V.N. Gridnev, V.I. Trefilov and A.A. Smir-
nov. It is deduced that existing traditional approaches to the problem of low-temper-
ature brittleness of metals and their brittle strength based on power (athermal) crite-
ria of the fracture nucleation do not provide valuable information for the under-
standing of the origin of the temperature dependences of true fracture stress to be
observed in the temperature range of quasi-brittle transition in hcp and bec metals,
their solid solutions and eutectic metal alloy systems. On the basis of the thermally-
activated analysis of microyield, which as a precursor accompanies the fracture prop-
agation, another approach is proposed to estimate the athermal and thermally-acti-
vated contributions at a subcritical stage of the microcrack growth as well as interac-
tion of structural defects with a goal of improving the strength characteristics of these
metal alloy systems.

In our works, the restrictions were lifted for the first time in the development of
a more general theory of quasi-brittle (thermally activated) fracture [215, 216] based
on the activation of a hard to activate stage of defect growth. A new schematic dia-
gram of the quasi-brittle transition of metals and alloys is constructed, in which the
well-known Ioffe-Davidenkov scheme becomes a particular case of this approach
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Fig. 8.4. Microstructure (a) and fracture surface (b) of Al—2Mg alloy after creep testing at 523 K
and 98 MPa (d = 0.3 mm) [213]
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Fig. 8.5. Schematic diagram of principle for describing quasi-brittle transition of metals and alloys.
Here: o is the yield stress; 6, — stress for microcrack growth; o — stress for microcrack nu-
cleation; y . — fracture energy; L — microcrack length; L, — i nitial microcrack length; y, — sur-
face energy; T, — brittleness temperature for fracture nucleation; T,“> — brittleness tempera-
ture at the microcrack growth stage

(Fig. 8.5). The proposed physical (dislocation) theory of the ductile-brittle transition
describes the thermally activated resistance to subcritical fracture at the difficultly
activated stage of microcrack subcritical growth.

Stroch’s physical theory [208] of brittle fracture which describes in the theoreti-
cal coordinates 1/T; — Ind the nucleation of submicrocrack in dislocation pile-ups is
not consistent with experimental data obtained for bcc Cr—0.8La and hcp Be.

The results of T, calculation for low-alloy Cr—La and Cr—Y systems processed
in the Stroch coordinates are deviated from the straight-line dependence adopted for
embryonic submicrocracks, especially in the region of coarse-grained states.

The validity of new approach is confirmed by studying the structural sensitivity
of T, for chromium and beryllium processing of these data in new coordinates (Figs.
8.6 and 8.7) reveals a high convergence of theory and experiment. The proposed ana-
Iytical solutions make it possible to perform a complete comprehensive analysis of
the gradual brittle transition of partially covalent metal crystals with a bcc and hep
structure using all the Hall-Petch and Mott-Stroch structural parameters reflecting
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Fig. 8.6. Structural response of brittleness temperature T, for bcc Cr-0.8La alloy with different
grain sizes: I — 102 —2-10%3—5-10%4 —10%5—2.5-10" m

Fig. 8.7. Structural response of brittleness temperature for hcp Be (99.9%); 1 — experimental data;
2 — theory (for basal submicrocrack nucleation); 3 — theory (for stable microcrack growth)

the interaction of the matrix and boundaries at the stage of plastic deformation and
dynamic fracture of polycrystals. This approach predicts improvement in the physi-
cal and mechanical properties and opens up new prospects for the creation of tech-
nological alloys with a low brittleness temperature.

Theory of delayed thermally activated (subcritical) fracture [214, 216] describes
the stable (subcritical) growth of microcracks in terms of the athermal and thermally
activated contributions to the fracture energy:

-1

1/n ~
(AEvD) +T,, (8.2)

U
TCe = ZCe |y

k| [ro, - pSTGbI 2R,

where p_is the density of mobile screening dislocation in the microcrack tips; U, is
the apparent a.e.; n is a parameter, controlling the value and shape of the potential
barriers for the activation of growing microcrack; R is the radius of plastic zone in
the crack tip at T_ = const; p®" is the density of screening dislocations in crack tip; A
and T are constants for a given crystalline material.

The newly developed physical (dislocation) theory of temperature dependence
of the true fracture stress appears to be valid for bcc and hcp metals (Table 8.1). In
contrast to the generally accepted Ioffe-Davidenkov scheme, operating at a constant

Table. 8.1. Evaluation of the activation parameters
for different metal crystals

Me Mg Zn Be Cr-0.8%La Mo
ae, U, -10"] — 0.15 0.1-0.2 0.5 0.3
av, V. /b’m 50 — 70-400 80 30-50
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breaking stress, 6" = const, independent of the rate £ and deformation temperature T,
and being considered as a special case of a new, more general approach, the new sche-
matic diagram of a quasi-brittle transition is modelled by the temperature depend-
ence of the true breaking stress G}; [216]. The presence Gbe'(T, £€) manifests itself as
contribution of thermally activated (short-range) processes at the stage of subcritical
fracture resistance under the influence of a thermal component (with degradation of
mechanical properties). On an offset circuit of equal stresses, the a.e. for motion re-
sistance of free dislocations equates to the a.e. for motion resistance of screening
dislocations at the early stages of dislocation microyield, preceding and accompany-
ing a fracture. The proposed theory of the barrier structure of alloys, based on the
physical principles of the formation of the temperature dependence of the true frac-
ture stress, predicts the possibility of transferring subcritical microcracks into harm-
less, dislocation relaxed or equilibrium configurations that no longer satisfy the Grif-
fiths criterion for brittle fracture.

8.1.1. Dislocation Nature
of Fracture Resistance Mechanism

The fracture resistance may be considered in terms of the Griffith-
Orowan equation for fracture of a semiductile material [217]

[E .
& (rs+7y)_ |E G% (8.3)
¢ ¢

where o,is the fracture stress, E is Young’s modulus, C is the half flaw length, Y, is the
energy per unit area required to form a new fracture surface, and y_is the energy
expended in plastic deformation per unit area of fracture, G_is the critical value of the
crack extension energy and contains both the plastic and the surface energy terms.

The solute segregation may change both y and y . If the fracture happens at GB,
then the GB is destroyed following a relation

Y. =Y~ Ve ! 2- (8.4)

If solute segregation at the GB has occurred, then y , reduces causing an in-
crease in y; however, since the solute atoms are found on the fracture surface the
surface energy is also reduced. In brittle metals y will control fracture stress 0. Seg-
regation may lower or raise y depending upon change of local plasticity. Localized
changes in bonding leading to a brittle region or a localized reduction in ductility due
to intense solid solution hardening are possible explanations for the decrease of y . It
thus seems likely that the major effect in reduction of o, by solute segregation is the
effect on y of the chemistry change in the surface, although the driving force for the
segregation is reduction in the surface energy.

A fracture theory has been developed which is an analogue of the Griffith one for
a deformable crystalline solid [218]. In this theory the processes of bond breaking
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and dislocation emission at the crack tip are treated as concomitant so that the local
plastic work at fracture and the cohesive energy are established. This gives criteria for
unstable microcrack extension in terms of the relevant plastic properties of the crys-
tals and the cohesive energy.

It is well-known that bec transition metals undergo a transition to brittleness at
low temperatures. Normally, this manifests itself by the intervention of transcrystal-
line cleavage before extensive plastic deformation occurs. It seems to be the direct
result of the decrease in dislocation mobility with decreasing thermal activation. Seg-
regation of certain solute elements, mostly from Groups IVB to VIB, emerges at GBs
reducing their cohesive strength. It follows that a phenomenon of brittleness should
be considered as state of a solid, i.e., an inherently ductile polycrystalline material can
become brittle due to at the segregation of the harmful solute impurities on the GBs.
The definitions of brittle and ductile microcrack growth are derived from the nature
of failure at their tips. The former involves a cleavage process with little or no plastic
deformation while the latter displays pervasive plasticity through local ductile whole
growth and link up. The ductile crack growth is a fracture toughness which is observed
at low strain rates. Continuum measure of fracture dissipation is determined by the
parameters such as fracture toughness, surface tension flow stress or viscosity.

In search for correlation between the dislocation microyielding prior to the mac-
roscopic yield point on the stage preceding with fracture (precursory of fracture) and
the dislocation microyielding accompanying the initial fracture, in the crack tips, on
their delayed (subcritical) growth, a series of experiments has been carried out using
the techniques of stress relaxation, internal friction, and tensile tests [219]. Bcc met-
als of VIA group have been shown to undergo a transition from ductile to quasibrittle
behavior with decreasing temperature. Besides, low temperature brittleness is accom-
panied by a rapid rise in yield stress (Fig. 8.8) as a result of influence temperature on
the resistance to plastic flow. There is,
however, certain evidence (Fig. 8.8) o, MPa
which suggests that in some metals
the transition is closely related to a
rapid decrease in true fracture stress 800
as a result of influence of decreasing
temperature on the fracture resist-
ance caused by plastic (dislocation) 600
deformation at microcrack tips. Un- ——O0—0—0 e
like the bcc transition metals hav-

400
obe
Fig. 8.8. Determination of the brittleness
temperature (T,) using the experimental 200 o
temperature curves o, (T) and o, (T) for | | | | Oy |
bec Mo and hep Be 173 323 523 773 T,K
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ing the strong temperature dependence of yield stress (Fig. 8.8), the ductile-brittle-
ness transition in hcp metals of II A group (Mg, Be, etc.) is characterized by a week
temperature dependence of yield stress, but by the strong dependence of fracture
stress. It is a matter of principle, the more so in previous works there is considerable
speculation discrepancy as to the treatment of the observed effects.

In our works it has been deduced that the activation of fracture inhibition mech-
anism is a rate-controlling process providing the delayed fracture of metals to sup-
press their embrittlement. In this case, for example, creep strain rate is taken propor-
tional to growth crack rate.

A quasi-brittle dynamic fracture theory has been developed for metallic crystals
on the base of new concept considering the self-organization in dislocation ensembles
at the crack tip plastic zone and formation of spatial dissipative structures at the stage
of microcracks subcritical growth before their spontaneous failure. A model of crack
tip-screening dislocations dynamic system has been suggested for describing the evolu-
tion of the dissipative structures taking into account the short-range and long-range
contributions of mobile dislocations and specific mechanisms of their energy dissipa-
tion. This makes it possible to explain the dislocation mechanism of gradual quasi-
brittle transition in terms of temperature dependence of true breaking stress.

Thus, from the standpoint of dislocation physics of fracture, these is a funda-
mental possibility of stabilizing fracture resistance and preventing brittle fracture by
thermal obstacles and stronger barriers of various nature and efficiency. This makes
it possible to formulate methods of low-temperature hardening and increasing the
plasticity of the most brittle metals such as bcc Cr and hcp Be, based on the struc-
tural and temperature dependence of the true breaking stress. The presence of a tem-
perature dependence of fracture resistance means in fact the existence and the pos-
sibility of activation of thermally activated (short-range) mechanisms responsible for
more efficient plastic relaxation and rapid hardening of metal alloys based on a stable
equilibrium of defects in the field of local overstresses (dislocation accumulation of
pile-ups and dislocation submicrocracks).

8.2. Time Delayed Fracture

The relationship between plastic deformation and fracture is uni-
versal and manifests itself at various stages and structural-energy levels. Martensite-
hardened carbon steel has an increased tendency to delayed fracture, which includes:
(a) easily activated initiation of submicrocracks in the presence of residual stresses
arising from matrensite transformations; (b) slow growth of microcracks (along the
boundaries of austenite grains); (c) brittle fracture in non-carbon complex-alloyed
maraging steels (after aging at 723 K) [220]. The phenomenon of subcritical fracture
is observed only at relatively low temperatures. In this case, the subcritical growth of
microcracks in samples with artificially introduced defects is recorded on tensile os-
cillographs. The idea of controlling interface chemistry to control properties has been
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used successfully to prevent the GBs embrittlement of metals and their alloys includ-
ing low alloy steels where undesirable trace elements, i.e., potential segregates are ei-
ther avoided or, if present, are kept in solid solutions by appropriate heat treatment.
The same applies to sufficiently disoriented cells, the walls of which serve as grain
boundaries. The RE such as Y binds the inevitable impurity, first of all, nitrogen into
non-hazardous and harmless compounds, reducing their concentration at the grain
boundaries and cell walls.

Nevertheless, the factors affecting the ductile fracturing of pure metals and their
alloys with harmful impurities have not been clearly established or separated. Under
the data [221], the effect of decreasing brittleness temperature, TB) in pure a-Fe is at-
tributed to decreasing dislocation pinning, as interstitial carbon segregates to GBs, and
to the strengthening of subgrain boundaries by carbon segregation. When carbon is
allowed to segregate to GBs it could act to break up the Fe—O complexes by preferen-
tially bound with the oxygen. Nevertheless this behavior might be caused by either the
interaction between carbon and residual grain boundary oxygen or the binding effect
due to the carbon itself, and possibly by both. Locking of dislocations by foreign solute
atoms, especially by undesirable interstitials, would be expected to be unimportant at
high temperature because the diffusion rate of interstitials is extremely high.

Diffusion-dependent fracture and time-delayed failure of polycrystals under
stress was analyzed in experiments by Wilcox, Smith (Fig. 8.9) and Charles and Hay-
es [222, 223].

Temperature dependence of the delay time to fracture for hydrogenated nickel pre-
strained by 15% at 1073 K and £ ~3.3 x 10~ sec™! with the estimated a.e. for H diffusion
in Ni is shown in Fig. 8.9. The stress during delayed fracturing does not exceed 0.95 c.

The delayed fracture mechanism consists in nucleation of nanovoids, their
growth and coalescence at the GBs to form GB dimpled facets, which then are con-
nected by shearing (Figs. 8.10-8.15). The mechanism observed conforms with that
suggested for GB fracture (Figs. 8.13-8.15).The interfaces appear as preferential frac-
ture paths at any temperature studied. However, a little has been done to clarify the
nature of delayed creep fracture in slow strain conditions under constant creep stress
and constant creep temperature. Further strengthening concept development should
concentrate on the formation of crack-absorbing matrices, e.g., in eutectic alloys and
metal matrix composites (MMCs) with a new developed structure which provides
significant strengthening and, as a consequence, thermally activated (delayed) frac-
ture. The crack -absorbing matrix permits subcritical crack growth in a wide range
of stresses and cycling loads without immediate failure.

Our research suggests that the low ductility is most likely associated with the
deformation behavior in alloys. The extent of strain localization appears to be much
worse in hep alloys than in other age-hardenable alloys. This may be due to very low
interfacial energies and lack of coherency strains of the precipitates. TEMs taken dur-
ing in situ deformation studies show strain localization in deformed precipitate free
zone (PFZ) as well.
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Fig. 8.11. Crack tip distribution of the normal (c,) and shear (1)) stresses caused by the rupture of
interatomic bonds (Elliot approximation)

Fig. 8.12. Transcrystalline cleavage of the deformed Be—1.5Co alloy after tensile testing at
293 K (x600)

The observed decrease in macroscopic ductility can be explained qualitatively
by the corresponding increased tendency for planarity and inhomogeneity of slip.
The intense slip bands produce stress concentrations at grain boundaries [4] and
in many cases, can shear the boundaries producing grain boundary offsets (ledg-
es). When a small amount of sliding occurs along the grain boundary due to re-
stricted slip and grain rotation, cracks form at the ledges. Once the crack has nu-
cleated, it concentrates the stress, and more intensive localized deformation oc-
curs in the vicinity [224]. The crack then expands transgranularly along the in-
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Fig. 8.13. Coalescence of microcracks relaxing on viscous grain boundaries for
recrystallized hcp Be—0.5Co alloy during tensile testing at 293 K

Fig. 8.14. Localization of fracture on the grain boundaries for recrystallized al-
loy Be—1.5Co at 293 K (extraction replica) (x600)

tense slip bands or intergranularly along the grain boundaries. The PFZs which
form in the late stages of aging are related to the age-hardened matrix, and plastic
deformation can be localized in these regions [225]. High-voltage electron micro-
scopy in situ deformation studies on lithium-containing aluminum alloys illus-
trates this point [226]. All of the materials have planer slip and a tendency toward
strain localization for the aging conditions studied. The slip bands impinge upon
grain boundaries and cause stress concentrations across the boundaries the mag-
nitude of which depends on the slip length [226, 227]. There is a high probability
that the stress concentrations will not be easily relieved by the transfer of plastic-
ity to adjacent grain (Fig. 8.11).

The fracture surface is formed as a result of stepwise displacements caused by
shifts within the grains and the emergence of slip lines (bands) on the intergranular
surface (intercritical fracture). The effect was first described by Utevsky and Orlov in
1961 when studying the temper brittleness of steel [228] and is considered as a char-
acteristic of polycrystals with low cohesive strength of boundaries under stresses at
the level of the yield point. The steps caused by matrix sliding form the surface of a
viscous grain boundary cleavage.

However, the activation of viscous sliding in the area of GB, cell boundaries is an
effective means of reducing the temperature of the ductile-brittle transition. The pres-
ence of shear processes at the boundaries is confirmed by studies of grain-boundary
and cell-boundary relaxation (Fig. 3.8) caused by the boundary dislocation motion.
Localization of shear deformation at the boundaries can lead to the formation of ductile
fracture along the boundaries. Lueders stripes create regions of rapid local deforma-
tion, which is responsible for the rapid hardening of polycrystals. The lack of active slip
systems provides conditions for local deformation around grain boundaries.

109



Chapter 8. STRENGTH AGAINST FRACTURE

Fig. 8.15. Viscous fracture of the recrystallized Be—1.5Co after tensile testing at 1000K (x600)

Fig. 8.16. A spiral of rolled 40 um thick strip made of Cr—0.8Y alloy with a cellular structure pro-
duced by the method of gradual decreasing rolling temperature up to r.t.

Great care should be taken in assessing the long-term operation of units and
structures based on the results of short-term tests, since, with a decrease in the creep
rate, their fracture can occur at any time due to the appearance of micro-flow of GBs
and interphase surfaces. Further developments in physics of short-term strength en-
large the scope of the power law for creep to cover the grain boundary fracture (Figs.
8.13 and 8.14). As can be seen from the photograph, the dimple pattern which is ob-
served on the fracture surface shows that fracture occurs by the Tetelman-Robertson
mechanism [229]. The analysis of blunted fracture indicates a dimpled surface of
ductile fracture.

This product (Fig. 8.16) has outstanding characteristics namely

« plastic state is up to 77 K;

« cell size does not exceed 100-150 nm;

« ultimate tensile strength reaches 1500 MPa at 293 K.

The room temperature brittleness of the polycrystalline refractory metals of the
VIA group is a result of their high ductile-brittle transition temperatures T, which can
be attributed principally to the influence of grain boundaries on plastic flow and frac-
ture [230, 231]. The segregation of impurities to grain boundaries is assumed to be the
most important mechanism controlling the ductile-brittle behavior of these metals.

The same applies to sufficiently disoriented cells, the walls of which serve as grain
boundaries. The RE such as Y binds the inevitable impurity, first of all, nitrogen into
non-hazardous and harmless compounds, reducing their concentration at the GBs
and cell walls.

8.3. Mechanism of Hydrogen Embrittlement

The Griffith condition for existing crack is never satisfied in plastic
and quasibrittle solids. As could be expected, hydrogen-induced cracking, e.g., of
commercial high-strength steels is developed as intergranular. When an impurity-
segregation effect is sufficiently weakened, hydrogen-induced cracking occurs by a
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transgranular (brittle) mode. The results of experimental study of the mechanism of
hydrogen embrittlement are therefore generalized on the base of a theory of ther-
mally activated (quasi-brittle) fracture. The notions about the nature of continuous
quasi-brittle transition of Me—H solid solutions are made more precise. It is found
that the evolution of hydrogen brittleness for polycrystals appears to be controlled at
low (cryogenic) temperature by sliding screening dislocations overcoming segregated
H atoms at the microcrack tips with activation energy of 0.05-0.1 eV typical for the
critical (difficult-to-activate) stage of fracture propagation. If the concentration of
excess (hydrogen- and deformation-induced) vacancies exceeds that of thermally
equilibrium vacancies by 2-3 orders of magnitude, clustering the structure of Me—H
solid solutions is observed within thermally activated area of dynamic deformational
aging. In such a case, the formation of strong “H atom-excess vacancy” pair defects
with higher binding energy (up to 0.6 eV) prevents the hydrogen segregation at the
structural defects. The methods for elimination of hydrogen brittleness, repair of
plasticity and strength properties of Me—H systems are suggested in terms of the
formation of the new barriers for propagating microcracks in well disoriented cel-
lular structures in clusterized hard solutions with large number of active sliding sys-
tems for screening dislocations (Ti—H, Zr—H, Al—H) or supersmall cellular struc-
tures in superplastic and plastic states of clusterized substitutional alloys with a lack
of active sliding systems for screening dislocations (Mg—Ba—H, Be—Co—H).

The most precise structure-sensitive methods (electron-positron annihilation,
electric resistivity and internal friction measurements) yield in the first experimental
evidence for existence of hydrogen-induced lattice vacancies and hydrogen-stimulated
diffusion in hcp and fcc Me-H systems which is accompanied by forming pair defects
“H atom-excess (non-intrinsic) vacancy” (Chapter 2). The new method for analyzing
high-temperature dependence of Me-H systems electric resistivity is developed in
terms of the model for clustering a structure in solid solutions Me-H oversaturated with
excess vacancies. It should be pointed out that partial thermally activated dissociation
(decay) of pair defects with low binding energy (0.2 eV) appears to be a rate-controlling
mechanism for hydrogen-stimulated diffusion in hydride-forming systems (Ti—H,
Zr—H) (Fig. 2.3). Thermally activated association of pair defects with high binding
energy (0.5-0.6 eV) is found to be a rate-controlling mechanism for hydrogen-stimulat-
ed diffusion in non-hydride-forming systems (Al—H) (Fig. 2.3). Clusterization of ex-
cess defects simplifies formation of hydrides at significantly lower temperature.

In search for a generalized approach, the results of investigation of the structural
transformations in decaying hydrogenated solid solutions on the base of hcp Mg, Mg-
Ba, fcc Al, and Al—Li are summarized and analysed in terms of hydrogen-induced diffu-
sion concept and of clustering a structure model with the estimates of the relaxation
rate and the activation parameters of diffusion in the temperature range of 293-900 K
by means of structure-sensitive methods of measurements. It is found that observed
accelerated (short-range) diffusion is realized in interstitial and substitutional solid so-
lutions with cluster-forming structure responsible for the high rate of decay and for the
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transience of the hydride nucleation at low (room) temperatures. In accordance with
this, mixed (excess hydrogen vacancy-solutes) diffusion attributed by participation of
the mobile diffusive cluster is considered to be one of the most probable and rate-con-
trolling mechanism which causes the anomalous deviation of hydrogen diffusivity from
classic (Arrhenius) behavior at low (room) temperatures.

The activation parameters of solutes diffusive mobility, inelasticity, microyield-
ing, and plastic deformation of hydrogenated, interstitial, and substitutional solid
solutions have been measured for metals with low (fcc Al), average (hcp Mg), and
high (bcc Mo) barriers of Pierls, hydrogen-free, H-like doped, and hydrogenated alloys
(Mg—Ba, Al—Li, Mo—C,H) using exact structure-sensitive methods of internal fric-
tion and mechanical hysteresis loops in the temperature range of 293-800 K (Figs. 3.3,
3.7 and 3.8). It is deduced that short-range diffusion accelerated by activation of hydro-
gen vacancy-solute clusters is one of the most probable rate-controlling mechanism of
the decay for hydrogenated hcp metals and alloys with cluster-forming structure.

8.4. Suppression
of Hydrogen Embrittlement with Recovery
of Strength and Ductility

The significant improvement in ductility is associated with a change
in fracture mode from the predominately intergranular rupture observed in poly-
crystals to transgranular dimpled rupture (Figs 8.10 and 8.15). It is clear that stress
concentrations at the grain boundaries, resulted from the planar deformation, are
relieved in the highly textured material by shear in neighboring grain. The low degree
of disorientation between the neighboring grains reduces the effectiveness of GB as a
slip barrier and guarantees nearly parallel slip systems.

A recently observed grain size dependent fracture mode transition triggered by
GB sliding is thought to be related to many of the improvements in mechanical prop-
erties of ITA, IV, and VIA group metals [232]. GB sliding is especially extensive in
hexagonal metals, and it has been observed at as low temperature as 78 K in high
purity magnesium [233]. In very grained and pure (oxide free) beryllium GB sliding
alone without the operation of other slip systems could produce extensive permanent
deformation without fracture at r.t. [192, 234]. At elevated temperatures GB sliding
has been revealed to produce over 90% ¢ of the total deformation. The presence of
fracture mode transition indicates the activation of another mechanism.

Hydrogen in the hcp Ti-H system has been implicated in slow strain embrittle-
ment during tensile testing [37, 235]. The following factors have been found to affect
ductility in the presence of hydrogen: (a) hydrogen concentration; (b) strain rate, &,
(¢) a-Ti grain size; (d) types of alloying elements and B-stabilizers. It has been found
that a fine equiaxed microstructure possesses a high resistance against crack initia-
tion. Nevertheless, no evidence of hydride precipitation was found and thus appar-
ently the observed effects were due to dissolved hydrogen.
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In many cases the intergranular fracture and associated low ductility of alloys
was attributed to embrittling tramp elements such as hydrogen segregated at grain
boundaries. Measurements of internal friction in the low frequency range were car-
ried out on deformed specimens of nominally pure a- and a-Mg containing inevita-
ble interstitial impurity concentrations (O, N, H, C). The pinning of dislocations by
the interstitials is likely to be responsible for solid solution impurity (hydrogen) em-
brittlement observed in hcp metals at low temperatures.

Phenomenon of thermal depinning of dislocation is attributed to reducing ap-
parent concentration of thermally activated barriers to the dislocation movement
to act by short-range mechanism. The author suggests that H is pick-up by struc-
tural defects such as dislocations and strain-produced excess vacancies. To rein-
force the hypothesis, discrete temperature spectrum of hcp Mg was measured and
analyzed. No peaks were positively identified after quenching as being to H-substi-
tutional atom pairs or their pileups. H is likely to be more strongly bound to an-
other type of lattice defects such as excess vacancies in the primary H-V_cluster
[236]. Hydrogen is assumed to be distributed between normal interstitial sites and
sites adjacent to dislocation.

Two structure-sensitive (barrier) Hall-Petch (for macroscopic yield stress) and
Mott-Stroch (for fracture stress) basic for “athermal” theories of short-term strength
can be united into the convertible (dislocation) criterion of stable microcrack growth
(Fig. 8.18). The criterion includes the contributions of dynamic fracture dragging or
the serrated growth of microcrack by the Tetelman-Robertson mechanism. The for-
mation of diffusion traps in the o-Ti—H system is associated with (i) the primary
capture of hydrogen atoms by excess vacancies with the binding energy, E,, of about
0.6 eV/atomy; (ii) the release of screening dislocations (in the crack tips) from hydrogen
atoms (E, ~ 0.2 eV); and (iii) structural preparation of a subcritical (belayed) fracture.
The change of observed fracture mechanism (Figs. 8.19-8.21) is attributed to the forma-
tion of a cell structure with the plastic relaxation of walls free of hydrogen segregation
and to the increase in resistance to mobile dislocation. At elevated temperatures GB
sliding has been revealed to produce over 90% & of the total deformation.

The zone of stable regrowth of microcracks develops in microshocks as a result
of Ao fluctuations of the critical Griffiths stress of 6 > o, (Fig. 8.18), which is neces-
sary for microcleavage of the plastically deformed crystal volume. The fracture sur-
face resembles the “grooves” that occur during fatigue. The process is described by
the well-known Bilby-Cottrell-Swinden model [237] concerning regeneration of sus-
pended relaxed plastic microcracks as brittle objects or Tetelman’s concept of repeat-
ed re-nucleation of viscous defects [238]. In this case (Fig. 8.18), surface energy, y,
becomes reversible due to the ruptures of interatomic bonds (Fig. 8.11) in the ab-
sence of energy scattering.

In the theory of Bilby, Cottrell and Swinden (BCS) the plastic yielding at the
crack tip was modelled by a continuous distribution of dislocations along the crack
plane. The plastic zone was described by a linear pile up of dislocations. The theory
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Fig. 8.18. Zone of stable regrowth of microcracks by a Tetelman-Robertson mechanism (x600) [229]

Fig. 8.19. Effect of testing temperature on the true fracture stress (1, 3) and on the flow stress (2, 4)
for a-Ti—H alloy after low temperature and high temperature annealing treatment at 923 (I, 2)
and at 1073 K (3, 4)

Fig. 8.20. Typical microstructural mechanism of brittle transcrystalline fracture at 77 K for Ti—H
microalloy: SEM electron micrograph of the Ti—H sample fracture surface after annealing for 1 hr
at 923 K

Fig. 8.21. The microstructural mechanism of viscous fracture at the relaxing cell boundaries acting
as strong barriers to crack growth at 77 K: SEM electron micrograph of the Ti—H sample fracture
surface after annealing for 2 hr at 1073 K

has since been widely applied to various aspects of elastic-plastic fracture. The direct
observations have been made of the distribution of dislocations in the elastic zone
during in situ tensile deformation in the electron microscope [239]. These observa-
tions were generally in good agreement with the BCS theory, but as more careful ex-
amination was made of the region immediately in front of the crack tip it was found
that this region was often a tree of dislocations. The dislocations were observed to
emit from the crack, pass through the dislocation-free zone (DFZ) and accumulate in
the plastic zone.

114



8.4. Suppression of Hydrogen Embrittlement with Recovery of Strength and Ductility

Fig. 8.22. Viscous (transcrystaline) fracture (a) and fracture fol-
lowed by plastic relaxation of mobile microcracks on viscous cell
boundaries (modification of J.C.M. Li scheme for tensile test-
ing). (b)?

It is noted that the DFZ is formed when the dislo-
cation emission mechanism is stopped after a certain
number of dislocations have accumulated in the plastic
zone. In order to form a DFZ, a material must be capa-
ble of generating dislocations at the crack tip before the
crack propagates. The mechanism by which the cracks
grow into the DFZ is not well understood at present.
The brittle versus ductile fracture for the present mode
can be related to the theory of Rice and Thomson [240]
who proposed a criterion for the generation of disloca-
tions at the crack tip.

The time dependent thermally activated growth or sub-critical crack growth at
stresses below the Griffith value is of very considerable technological interest. There
can exist a certain range of crack length in which purely thermally assisted (slow)
crack growth can occur in the form of a lattice trapping around the point of fracture
instability [241]. Although sub-critical crack growth at stresses below the Griffith
value violates the second law of thermodynamics, but that considerable thermally
activated crack growth is possible at the Griffith stress level in cases of lattice trapping
of a crack where the change of surface free energy is not a smooth function of the
increasing crack length [242].

The large difference in ductility can be explained in terms of the crack nucleation
and fracture. Research results indicate the fracture mechanism change (Figs. 8.19-
8.21). The presence of fracture mode transition is certain to testify to the activation of
another mechanism (Fig. 8.22). The GB dislocation sources trigger GB sliding and as
consequence GB fracture mode mechanism based on the correlations between strain
rate, & o and time to rapture, T, as well as between cells and grains, d and & ~d!
[230]. Transmission electron micrographs obtained by Thompson [231] show appar-
ent dislocation sources in cell wall of nickel. The cells decrease susceptibility of tita-
nium to the hydrogen embrittlement (Fig. 8.19) giving rise to load fracture toughness
(Fig. 8.21).

Such a process in the form of the conventional viscous (transcrystalline) struc-
ture and the GB fracture is shown in Fig. 8.22. The latter follows the microplastic re-
laxation of the growing microcracks interacting with the viscous (relaxing) cell
boundaries by James C.M.Li modified scheme. It is valid for solid solutions with well
disoriented cell structure being formed during tensile test.
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8.4.1. Complex Hydride-Forming Systems
for Hydrogen Storage

There has been considerable scientific interest in chemically active
metal-hydrogen systems motivated by technological problems such as hydrogen stor-
age and hydrogen embrittlement [243, 244]. The reasons for this research activity are
to a large extent visible in the engineering consequences of the presence of hydrogen,
which is a promising medium for both energy transmission and energy storage.

Among metal hydrides studied as possible solid-state hydrogen storage materi-
als, magnesium hydride is one of the most promising candidates for hydrogen stor-
age due to its high hydrogen storage capacity (7.6% in MgH,), low cost and abun-
dance. However, its practical application for hydrogen storage is hampered by its
high thermodynamic stability and sluggish hydrating-dehydating kinetics. A great
deal of research has shown that the hydrogen storage performance of MgH, could be
improved by adding other hydrogen storage materials and doping with appropriate
catalysts by ball-milling, such as transition metals, transition metal oxides and tran-
sition metal fluorides [245].

The disadvantages of the known reversible metal hydrides (LaNi,H, TiFeH,
etc.) are the high costs for intermetallics and alloys applicable for hydrogen storage
which combine with their 4-5 times lower storage capacities (1.5...1.8 mass% H)
with respect to MgH, (7.6 mass% H). At the same time, the relatively inexpensive
metal hydride storing such large quantities of hydrogen has slow Mg-H reaction
kinetics and is too stable for most practical applications. These two major obstacles
prevent its widespread usage [244, 246]. From this point of view proposed alkali
metal aluminum hydrides (NaAIH, Na,AIH, ) with higher storage capacities (2.1...4.2
mass% H) should consider as potential novel reversible hydrogen storage materials
based on complex hydrides of light metals (Al, Na, Li). However, the unsatisfactory
rates of the Ti-catalyzed dehydrogenation-rehydrogenation at relatively high tem-
peratures (> 423 K) and hydrogen pressures (60-150 bar) as well as cyclic instability
eliminate them from storage application.

Further improvement of the systems can be expected by variations of the hy-
dride composition and the catalysts responsible for catalytic acceleration of reac-
tions in both directions (hydrogen dissociation and chemisorption). A better un-
derstanding of surface processes, such as segregation, contamination, chemisorp-
tion etc., using analytical advantages of UV- and X-ray photoelectron as well as
Auger electron spectroscopies results in developing more efficient hydrogen stor-
age materials. They include the appearance of lower temperature reversible hydro-
gen storage materials based on complex hydrides of light alkaline earths (Mg, Ba,
etc.) with cluster-forming microstructure, which promote the increase in reaction
rates and hydrogen capacity.

The presence of bimetallic magnesium clusters alloyed with barium and titanium
may be of major importance in dealing with catalytic properties at the segregated
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GBs in eutectic alloys. In cast alloys passing through a pre-precipitate stage, the seg-
regated Ba atoms, indeed, produce cluster-type trapping centers with a new electron
structure (excess valence electron density at the Fermi surface) retaining their isola-
ble properties in solid solutions and controlling hydrogen dissociation. They should
be regarded as complex hydride-like separations, i.e. pre-nanophases embedded in
the a-Mg matrix near the GBs as well as at the dislocations, with saturated chemical
compositions close to corresponding chemical compounds.

Criteria are formulated under which metallic systems including eutectic alloys
(Mg—Ba, Mg—Ti, Mg—Cr) with positive mixing enthalpies can be used for these
purposes. Synthesis of the novel complex hydrides with a nanocomposite structure
by mechanical alloying is considered as one of the most effective approach to produc-
ing complex magnesium hydrides.

8.4.2. Structural and Phase Transformations
in Alloys of the Mg—Y—Ni—H System

Magnesium-based alloys have attracted increasing interest as struc-
tural metallic materials due to their high specific strength. Nevertheless, corrosion
resistance is an important attribute of a number of magnesium-based alloy systems,
and the mechanisms that control their behavior in hostile environments must be
understood for design of novel alloys. In this study we aim to carry out comparative
analysis of structural and phase transformations in as-cast Mg, Y Ni . alloy, liquid
quenched as well as their hydrogenated states.

The microstructure of a ribbon obtained by TEM is presented in Fig. 8.23. It can
be seen that it manifests crystalline domains (from 25 up to 500 nm in size) in amount
not exceeding 5-8% in a single amorphous phase. This is evidenced by analysis of the
electron-diffraction pattern and dark-field images obtained in ring reflections of
point and diffusive character.

XRD research was carried out on a diffractometer DRON-UMI1 in monochro-
matic CuK  radiation. A graphite single crystal as a monochromator was established
against the diffracted beam. For high-temperature XRD researches, an add-on device
UVD-2000 was installed to operate in a helium atmosphere. Processing diffractom-
eter data was carried out with use of Powder Cell 2.4 programs for analysis of XRD
spectra from a mix of polycrystalline phase components.

Amorphous halo and weak maximum peaks of some crystal phases, in particu-
lar magnesium oxide MgO (Fig. 8.24), are fixed on the initial material XRD patterns.
Saturation by hydrogen results in shift of the amorphous halo toward small diffrac-
tion angles. XRD ‘in-situ’ examination no changes in diffraction patterns of amor-
phous and hydrogenated specimens revealed up to temperature 423 K.

The first maximums of crystal phases are registered with increasing temperature
up to 473 K. The analysis of XRD patterns shows that they belong to the Mg Ni and
Mg phases. There is a broad peak of yttrium hydride YH, with the cubic lattice pa-
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Fig. 8.23. A bright field electron micrograph showing ribbon microstructure of the Mg, Y Ni,_ alloy
produced by single roller melt spinning (a) and electron-diffraction pattern from this region (b)
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Fig. 8.24. XRD patterns for initial Mg, Y_Ni . after liquid quenching (1) and after hydrogenating (2)

Fig. 8.25. XRD ‘in-situ’ patterns of Mg, Y.Ni _ alloy after hydrogenating and annealing. Designa-
tions of maximums: * — Mg; o — Mg NiH; + — YH,; x — additional peaks

rameter a = 0.5178 nm in the hydrogenated alloy. The temperature increasing up to
573-673 K results in increasing of the intensity and narrowing of peaks from crystal-
line phases (Fig. 8.25). It should be noted that in both samples up to temperature 573
K a number of additional weak peaks are fixed which do not belong to any of known
crystal phases. As a first approximation these peaks can be described within the
framework of a tetragonal cell with the periods a = 0.7103 nm, ¢ = 1.0050 nm.
Investigations of temperature dependence of electric resistance of as-cast and
hydrogenated alloy states (Fig. 8.26) are confirmed by results of the XRD analysis.
The occurrence of a maximum around 573 K on curve 3 is accounted for the decay of
hydride phases, probably Mg NiH or an unknown phase, the reflections of which also
disappear after 2 hr annealing at this temperature. The electric resistance jump at 783
K'is connected to the decay of conducting phase Mg Ni and observed in both cases.
The electrochemical behavior of alloy Mg, Y. Ni . in as-cast and amorphous
states was investigated in alkaline and neutral chlorine-containing electrolytes. Ano-
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Fig. 8.26. Temperature dependences of elec-
tric resistivity of as-cast alloy Mg, Y.Ni . for 140 -
heating (1), cooling (2) and after saturation i
by hydrogen (3) 120 I
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dic and cathodic voltage-current curves - I'
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The obtained dependences testify 20 | AT T

to full identity of cathodic behavior of
cast and amorphous alloys in alkaline
electrolytes of both concentrations. Cathodic emission of hydrogen proceeds with
a high overvoltage; the linear section slope Igi-E is equal to 0.13-0.16 V. Activation
of amorphous alloy surface by cathodic reduction at five-multiple cycling potential
1.2 V in changing cathodic process parameters. The cathodic curves obtained on elec-
trodes after activation of surface in a solution 0.5 M H,SO, are characterized by es-
sential decrease in overvoltage of hydrogen emission (by 0.3 V) and the slope of li-
near section 0.12 V.

Analyzing the data, it is possible to draw a conclusion that the cast alloy owing to
higher structural heterogeneity and presence of grain boundaries possesses lower
corrosion resistance in chloride solutions and is declined to formation of less perfect
passive film in alkaline electrolytes.

Thus, according to the temperature dependence of electric resistivity and XRD
researches, the effect of hydrogen on the amorphous alloy structure has been estab-
lished. The analysis of phase transformations has shown the presence of an unknown
phase, it is probably hydric phases which delays at 573 K. The results strongly suggest
the conclusion [1] that amorphous magnesium-based alloys exhibit higher corrosion
resistance than crystalline ones. The alloys of the Mg—Y—Ni system can be used in
various application fields where high strength along with light weight and corrosion
resistance are required.
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Concluding Remarks

The physical interpretation of the criterion for the nucleation of
critical (atomic-sharp) Stroch submicrocracks in the field of dislocation clusters
(pile-ups) and their self-propagation according to the Griffiths mechanism becomes
more obvious if we consider this athermal process from the standpoint of dislocation
physics of hard-to-activate slip. However, Stroch’s dislocation theory, based on the
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physical principles of hard-to-activate slip, essentially considers only truly brittle
fracture as a result of spontaneous propagation of nucleation defects. In this case, an
incipient submicrocrack, critical to its grain, is not critical to the entire polycrystal-
line aggregate as a whole. Therefore, the experimental data processed in the coordi-
nates of the Stroch T-Ind deviate from the linear law for the structural sensitivity of
the cold brittleness temperature.

With an increase in temperature, the nucleation of microcracks in metal poly-
crystals turns out to be an easily activated stage of fracture, which develops according
to the thermofluctuation (Orlov-Vladimirov) mechanism, and the subcritical growth
of these defects precedes the macroscopical final destruction.

Developed by us together with V.I. Trefilov and I.N. Maksymchuk in the 90s, the
dislocation theory of the temperature dependence of the true breaking stress de-
scribes a new schematic diagram of the quasi-brittle transition, in which the well-
known scheme of the truly brittle Ioffe-Davidenkov transition is a special case.

In the first approximation, a unified activation law was established for the devel-
opment of microplastic deformation at the stages preceding and accompanying frac-
ture, i.e. equality of the activation energies of microyielding at the tips of dislocation
clusters (with the e.a. for motion of primary dislocations) and at the tips of relaxing
microcracks (with the e.a. for motion of screening dislocations). The theoretical re-
sults are confirmed by the activation analysis of the fracture processes in bcc and hep
metal crystals.

From the standpoint of the dislocation physics of fracture dragging, the concept
of two critical difficult-to-activate fracture stages is introduced. Subcritical (hard-to-
activate) growth of microcracks occurs at stress intensities that are as low as 60% of
the intensity of Griffith’s critical stresses. The universal nature of the relationship be-
tween plastic deformation and fracture has been substantiated at the stages (at the
hard-to-activate stage) of these processes. The dislocation nature of thermally acti-
vated subcritical fracture is also emphasized.

In recent years, the theoretical and cognitive situation has changed, according to
which long-term characteristics (creep, fatigue, stress relaxation), based on the con-
trol of the resistance to microyielding and associated with the problem of heat resist-
ance, acquire paramount importance. In particular, magnesium ranks first among
structural metals in terms of fatigue characteristics. A physical model of dislocation
creep resistance is proposed to describe a new concept of useful long-term strength
preventing the premature fracture of metal crystals.

Experiments indicate an important role of the state of boundaries in the mecha-
nism of formation of mechanical properties of metal crystals; however, the physical
nature of grain-boundary mechanisms that control the strength and fracture of ma-
terials has not yet been established or insufficiently justified. According to Armstrong
and Lames Li, who estimated the density of dislocation sources at the boundaries, slip
transfer may arise more likely as a result of the generation of dislocations by grain
boundaries than from the action of Read-Frank dislocation sources at some distanc-
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es from pile-ups. The observed types and patterns of fracture are based on the physi-
cal models of shear fracture. In this case the final fracture is a stage that is difficult-to-
activate, including the subcritical propagation of stable microcracks with thermal
relaxation, in particular, at viscous (relaxing) boundaries.

Finally, bec transition metals, hcp metal crystals, and even ferritic steels undergo
brittleness at low temperatures. The physical basis of embrittlement is discussed us-
ing input from other field of solid state research. We have shown that it is possible to
analyze its physical nature and fracture behavior in terms of the different concepts of
brittle and quasi-brittle fracture in metals and their alloys.

A theoretical treatment of the brittle fracturing is associated with the hypothesis
concerning the breaking of bonds and the emission of screening dislocations in crack
tips. Susceptibility to embrittlement by hydrogen may be additionally reduced when
forming strong metallic bonds across the GBs and increasing electronegativity of the
non-metallic elements.
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9.1. Physical Premises

Today and even more so in the future, microyield/creep in shear
appears to be one of the fundamental material properties (Fig. 9.1)
and key factors limiting service conditions for a new generation of
metal alloys [247-250]. The increasing dynamical application of
solution-hardened alloys as cost-effective structural materials stim-
ulates extensive research to reveal the rate-controlling mechanisms
responsible for improving their pre-yield (creep) resistance and
long-term strength below macroscopic yield stress [250-252].

These areas of research acquire special meaning if we take into
account that the characteristics of long-term strength and creep re-
sistance make it possible to calculate the time of safe operation (re-
source) and outline the main tasks for solving the problem of re-
ducing the weight of structural elements.

Nevertheless, over the years, research works under review
[253-255] have been mainly performed to study the macroscopic
variations in strain for a better understanding of the serrated yield-
ing as a macroscopic phenomenon arising from the dislocation-
solute interaction by a long-range diffusion-controlled mechanism.
This type of discontinuous and repeated yielding commonly re-
ferred to as the Portevin-Le Chatelier (PLC) effect is attributed to
dynamic strain aging (DSA), in which the isolated solute atoms in-
teract with mobile dislocations during straining. However, up to
now, there has been no evidence of a relationship between PLC
banding and shear banding [255, 256]. According to Cottrell’s con-
cept [257], the DSA effect has first been associated with the drag-
ging stress caused by the formation of dense solute atmospheres
around moving edge dislocations at the same velocity of alloy con-
stituents. DSA in solid solutions is described as the diffusion of sol-
utes to mobile dislocations temporarily arrested at obstacles [254].
It was suggested that a PLC effect expected from solute atmosphere
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dragging [258] arises from the dynamically unstable region with the jerky flow and ser-
rated yielding subsequent to its formation. Following Cottrell’s concept of jerky flow,
the thermally activated process of serrated yielding should occur with the activation
energy (a.e.) for solute migration towards dislocations by a diffusion-controlled mecha-
nism. In contrast, the a.e. of the PLC effect which controls the appearance of the serra-
tions is comparable to vacancy migration energy, while the a.e. which governs the dis-
appearance of the phenomenon is similar to self-diffusion energy [253].

There have been several attempts [259-261] to modify the Cottrell concept and
to ascertain a DSA effect and jerky flow origin but neither of them can explain quan-
titatively the rapidity of the hardening in metals with decreasing temperature. Be-
sides, much of on-going theoretical models describe the related PLC and DSA effects
at long-term loads close to or above macroscopic yield without respect to the ob-
served short-range interaction of point defects [261-264]. Much as these works have
contributed to the elucidation of this problem but our knowledge of it is still far from
being complete. At last, there is a long-standing argument that macroscopic changes
in strain are accompanied by the multiplication of dislocations so that the thermoac-
tivation (numerical) analysis is certain to become impossible by reason of the fine
structural variations. It has been until very recently that the basic assumptions of the
Cottrell theory [257] have been seriously called in question [265, 266]. The disloca-
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tion atmospheres forming and the bound dislocations dragging are considered to
occur during microyield at stresses dt/dvD > 0 while the PLC effect arises during
plastic instability at dt/dvD < 0 [263, 267], i.e., achievement of critical dislocation
rate v_ at their density appears to be critical condition for the appearance of the effect
associated with discontinuous pinning of dislocations [253]. This is a starting ad-
vance as compared to the classical concept which was current two or three decades
ago. Nevertheless, nearly all previous studies on the interaction between dislocations
and solutes have been limited to investigations of the long-term diffusion-controlled
mechanisms. With this provision, despite considerable research efforts in the past the
main source of the rapid increase in solid solution strengthening is still a matter of
controversy. In any case, current theories do not appear to account for the observed
dislocation microyield/creep resistance leading to an increase in long-term strength.
The rate of rapid solid solution strengthening in hcp metal crystals, e.g., a-Ti at ele-
vated temperatures [268], is associated with short-range mechanism rate-controlling
the thermally activated overcoming of solute interstitials by dislocations (on the first-
order prism planes). The activation process of the short-range mechanism is thought
to occur in the dislocation stress field at less than atomic spacings (~0.1 nm) without
long-range diffusion and to enable the elastic energy of a system to be reduced. Thus,
there are many questions that remain unanswered in the known approaches to dislo-
cation dynamics problems where other mechanisms will clearly need considering.

There is a correlation between the activation energies calculated by amplitude-
dependent internal friction (ADIF) and that for creep, i.e., there is an experimental
correlation between metallurgical effects and physical mechanisms by which the ef-
fects are generated. First of all, there has been revealed a correlation between activa-
tion energies for creep, stress-rupture and self-diffusion for the most metallic systems
[269]. This argument implies, as earlier proposed, that all the processes are correlated
phenomena. Moreover, the dislocation creep and the ADIF are different aspects of
the same phenomenon — microyielding, which is attributed to dislocations [270]. Al
last, a.e. for climb of dislocations by self-diffusion mechanism is calculated or derived
using either high-temperature background growth of internal friction or dislocation
creep approach [271, 272].

Abnormal temperature dependence of shear stress (Fig. 9.2) is observed in alloys
with a strong strengthening of their solid solutions due to the thermally activa-
ted dragging of mobile dislocations by interstitial/substitutional solutes (Fig. 9.3).
With this provision, a serrated (repeated) yielding occurs in solid solutions in the
form of the Portevin-Le Chatelier effect, caused by the appearance of dynamic insta-
bility of plastic deformation by reason of the dislocation dragging by atmospheres.
This effect is confirmed by a decrease in the shear stress with increasing strain rate
(insert in Fig. 9.2).

According to the model concepts [273, 274], at the peak temperature T, (region
BC? in Fig. 9.2), the dissolved substitutional atoms are carried away by mobile dislo-
cations in the form of Cottrell atmospheres, exerting a restraining influence on their
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Fig. 9.2. Temperature dependence of the critical resolved shear stress, 1. for alloys with strong ef-
fect of solid solution strengthening [258]. Insert: Dragging stress, T by the Cottrell dislocation at-
mosphere as a function of the dislocation velocity, O,

Fig. 9.3. Dynamic dragging of basal dislocations by carbon Cottrell atmospheres

mobility and activity providing the maximum resistance force of this constant dislo-
cation velocity.
Here start stress o is determined by the Friedel law from the equation

U . =U,-(c-0)V*, (9.1

m

where binding energy U, = 0.20...0.34 eV; V' is the apparent activation volume.

Attemperatures T < T and T > T, (Fig. 9.2), the dislocation velocities are different,
but there is no retardation effect. In addition, in region B, the drop in yield (a sharp de-
crease in the load) is accompanied by a jump-like motion of dislocations by a short-range
mechanism. However, after unblocking and releasing from the atmosphere, the disloca-
tions go through a stage of hardening and obey the Cotrell-Bilby law t** for long-range
diffusion of dissolved atoms [275]. Such ideas about the activation of the mechanisms of
interaction between defects are contradictory, especially since a mobile dislocation in a
stable state, according to the authors of [276], is always surrounded by an atmosphere of
dissolved atoms. Under these data, the drag stress of dislocations increases with increas-
ing dislocation velocity, which depends on the internal stresses of other dislocations and
grain boundaries. Moreover, the slowest of them can be completely immobilized by dense
atmospheres [270, 275]. Thus, the microyielding is carried out by fast dislocations, and
the effect of slowing down of mobile dislocations is accompanied by the Portevin-Le
Chatelier effect, i.e. repeated flow in a plastically unstable region (dt/dv , < 0) at compara-
ble values of the rates of diffusion and mobile dislocations. As known, the deformation of
substitutional alloys is accompanied by an increase in the concentration of vacancies. The
measurable effect of discontinuous flow is determined by the amplitude of the stress oscil-
lations, i.e. the regulated serrations on smooth o-¢ curves at a constant stress rate, and
thus indicates a limited activity of dislocations due to their pinning by the Cottrell
mechanism with the formation of dislocation atmospheres.
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controlled by the dragging of dislocations by solutes with the force law of the interac-
tion of defects (n = 3) and e.a. for their including. As for either group, the creep rate
is determined by the climb of dislocations at n = 5 with e.a. equal to e.a. for self-dif-
fusion. In conditions of ascent, the dislocations cannot preserve their atmospheres.
In this case, the slip of dislocations is controlled by diffusion and does not contribute
to the processes of defect dragging and strengthening.

The Portevin-Le Chatelier effect is characterized by a sharp decrease in creep
strain (&), a negative creep rate (¢), and a positive temperature dependence of the flow
stress [278]. On this basis, it is logical to expect that a significant increase in the re-
sistance to microyielding (creep) and long-term strength is determined by the dy-
namic (stress-induced) dragging of dislocations by nonequilibrium solute atmos-
pheres, in full accordance with the physicochemical principle of Le Chatelier-Braun's
mobile equilibrium [279].

The flow stress at a given strain rate is shown to be primarily a function of the
corresponding elastic modulus when comparison is made at a temperature when
atom mobility is the same (Fig. 9.4). The small scatter shown is primarily attributed
to other factors such as subgrain size and stacking fault energy. Following Sherby et
al. [264], an equation to calculate steady state creep in the power law region (€ ~ a x
x 6") can be written as

b? E
where D . is the effective diffusion coefficient, K is a material constant; b is the Burg-
ers vector; f (o/E) is a yet unspecified function of the modulus-compensated stress.
The impressive correlation, i.e. a linear relation (on log-log scale) is observed be-
tween high temperature creep strength and corresponding elastic modulus when
comparisons are made where atom mobility is the same (Fig. 9.4). Elastic modulus
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influencing creep is important because the rate of dislocation slide and climb are
strongly influenced by the elastic stress fields of dislocations obstructing the path of
moving dislocations. A twofold increase in modulus E will increase the creep strength
by a factor of two. Alloy design efforts to develop new creep resistance materials
should take into consideration a method of changing elastic constant as a means of
improving the creep properties in terms of the diffusion-compensated strain rate and
modulus-compensated stress.

Atom mobility (diffusion coeflicient) and elastic modulus are the two principal
factors influencing the creep rate (at a given stress) of polycrystalline metal above 0.4
T_. The creep rate is proportional to the effective lattice and dislocation pipe diffusion
coeflicient. The diffusion rate can be reduced by (a) decreasing the test temperature;
(b) increasing the melting temperature using alloying; (c) forming the more resistant
to diffusion (close packed) structures; (d) increasing the valence state (by solute ad-
ditions). At low values of 6 / E and high temperature T, the a.e. for creep it is around
the a.e. for lattice self-diffusion (1.4 eV) while at high values of 6 / E and low T it is
around a.e. for dislocation pipe diffusion (1.05 eV) [264]. These data suggest that the
concept of an effective diffusion coefficient controlling creep is valid. However, pow-
er law region is found at low values o/E while power law breakdown is revealed at
high stresses. Besides, f(c / E) is a still unspecified function.

Diagnostics of the material condition is considered to be one of the priority av-
enues for the improvement of reliability and in-service life extension of structural
elements and constructions. For some time past specialists of our country and abroad
in their predictions of physical materials science and modern metallurgy advance-
ment put forward the change in fracture resistance as one of the basic criteria of
evaluating the quality of new promising experimental alloys and commercial materi-
als [247, 249]. It should be noted that existing approaches to be justifiable for techni-
cal diagnostics methods and techniques are realized in terms of harmful defects (such
as microcracks, etc.) which should be detected or eliminated. The tendency still per-
sists. With that according to modern notions, the sustained ftime-dependent) load-
ing can result in macroscopic final fracture of real crystals at critical stresses that are
much smaller than the macroscopic yield stress [250, 251]. The general picture which
has emerged is the result of the joint effort by a large number of research groups [252,
256, 258]. In well-known theoretical approaches based on classical (Arrhenius) be-
havior of metal crystals there have been considered the active and fresh dislocations
as well as dislocations with fixed nodes of pinning [254, 255]. Incidentally results of
theoretical investigations are compared with experimental data for the short-term
tests to register the tensile curves at constant speed of loading &, However the level of
macroscopic (short-term) mechanical properties (c,, 6, K, etc.) produced by an
active deformation under continuous tensile condition hardly could be a sufficient
criterion for assessment of materials quality and proper construction modules work-
ing under long-term service conditions below the macroscopic yield stress G, when
the high specific stiffness E / p, low moment of inertia and resistance of time-depend-
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ent microplastic strain or microyield become controlling factors [252]. Therefore, in
accordance with the decisions of the International Conferences (Magnesium-2003
and Euromat-2005) higher demands were announced towards structural alloys to
allow for a great influence of relaxed time-dependent elastic modulus, microyield,
and long-term fracture resistance. Some tentative ideas were put forward to explain
the observed effects. Over the past several years, applied physics, successfully ad-
vanced in terms of dislocation theory on the whole, the new theoretical-cognitive
situation has shaped, which requires development of more accurate (quantitative)
criteria of improving mechanical properties. Following the situation, it is much ap-
propriate to develop a diagnostic approach to provide for opportunity of predicting
and preventing harmful and dangerous defects for safe long-term performance of
machinery. Since metallurgical effects and physical mechanisms are correlated phe-
nomena, the use of promising metal alloys in industrial applications requires a basic
understanding of their properties. With that despite the well-documented evidence
of validity for empirical relations, the physical nature of dislocation dragging needed
to provide microyield resistance during mechanical relaxation and to increase long-
term strength is still unclear especially for higher temperatures of thermal micro-
structure resistance. On the basis of such approach, investigations of the dislocation
(quantitative) criteria of long-term strength suitable for assessment of long-term
service becomes a physical promise for further search in the field theory. Following
the data [247, 250, 258, 259] the increasing dynamical application of light metal al-
loys as cost-efficient structural materials has stimulated extensive research to reveal
the rate-controlling mechanisms responsible for improving their creep resistance and
long-term strength.

For the last twenty years and so in dislocation strength physics the current mod-
els concern largely the structural sensitivity and structure-related (power-law creep)
properties which are controlled by long-range athermal barriers on the distances no
less 30-40 nm. In these cases, such a structural analysis and suitable empirical treat-
ment ignore the necessity of allowing for the short-range interactions between de-
fects which assist the microyield to operate at interatomic distances of about 0.1 nm
and to contribute to a long-term strength. In spite of a great deal of research effort
expending in the past decade to understand the physical aspects of long-term strength,
no information is available yet about the contribution of short-range dislocation-
solute interaction to time-dependent strain effects including the localized microyield
(creep) resistance. Furthermore, none of the researchers has been able, as yet, to de-
velop analytical theory based on models and quantitative criteria permitting numer-
ical thermoactivation analysis to quantify the activation parameters of long-term
testing in terms of lattice-defect physics.

The present work was undertaken to advance the physical knowledge of the dis-
location dynamics and defect kinetics in metal crystals under long-term stresses be-
low the macroscopic yield stress. The main purpose of the present study is to develop
a physical theory for useful, preventing the premature fracture, long-term strength
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based on a dislocation model of microyield resistance and to give the idea of physical
origin of microyield resistance and useful long-term strength (ULTS).

9.2. Processing of Experimental Data

Describing steady-state creep strain rate relates to the well known
experimental equation
u-t.v j

éEGn eXp (T

where n is the apparent stress exponent, i.e., n = dlné/dIno. The exponent n is ap-
proximately constant over several orders of magnitude in strain rate [272, 277]. The
power law & = ¢” by its nature characterizes the athermal contribution of the force
unactivated interaction of dislocations and the stage of deformation (dislocation)
strengthening at long-range distances (around 300 interatomic distances). It is ac-
cepted that the strain hardening coefficient n ~ 1 for diffusion mechanism; n ~ 3 for
mechanism of non-basal sliding; n ~ 5 for dislocation climb mechanism.

A typical creep curve is presented in Fig. 9.5. Kinetic curve-isotherm of disloca-
tion creep is one of the characteristics of the long-term strength of metal crystals.

Constant structure steady-state creep tests are normally performed to evaluate
the activation energy (a.e.) and stress exponent (n or m*) for creep rate and time to
rupture (Figs. 9.5 and 9.6). When an alloy is subjected to an applied stress which is
lower than that required for immediate fracture (c ~ 0.70,) (Fig. 9.7), it gradually
deforms plastically over time to give an allowable creep deformation. The creep de-
formation rapidly reaches a steady-state (secondary) condition I, the creep strain rate
of which, ¢, remains constant over time (Fig. 9.6).

In tests for long-term (time-dependent) strength of heat-resistant alloys, the de-
formation capacity of material or true plasticity (uniform deformation) is assessed by
the relation D = In[1/ (1 - y)] with the relative transverse constriction .

Unfortunately, due to necking, the main ductility is formed by concentrated defor-
mation under conditions where the ultimate strength slightly exceeds the yield strength.

(9.3)

Above-Creep pf high-purity polycrystalline Al:
typical creep curve

= : \
s Primary | Secondary |
o4l iSterss = 20.7 MPa T Tertiary
= i ! Rupture
R | !
~ | |
[5) 1
Eon i |
= 0. | Temp. =478 K |
Fig. 9.5. Creep curve at 478 K for high- 3 i emp. = 478 i
purity polycrystalline Al [280]: 1 — ini- (S . E . . i .
tial creep; 2 — steady-state creep; 3 — 0 2 4 6 8

tertiary creep Time under test, t, hrs

129



Chapter 9. PHYSICAL CONCEPT OF USEFUL LONG-TERM STRENGTH

9.3. Theoretical Background
of Novel Approach

A possibility for solute atoms to interact with dislocations if the
time is too short to activate the long-range diffusion-controlled mechanism was first
suggested by Snoek [281] and analyzed by Schoeck [282]. The most striking advance
in the understanding of the rapid interaction of individual solute atoms with indi-
vidual mobile dislocations was achieved by Fleisher [283]. Nevertheless, despite con-
siderable research efforts in the past, in any event, current theories fail to explain with
the present evidence the observed rapid kinetics of hardening in solid solutions as
well as the deviation of the fundamental equation for short-range order strengthen-
ing from experimental data. Some good work is underway along these lines, but orig-
inal diffusion rate equations can lead to serious discrepancies since the kinetic pa-
rameters are no longer consistent with the values taken from the diffusion data. The
correctness of such an interpretation is based on several grounds. Firstly, a dragging
effect is related to the direct solute-dislocation interaction with binding energy E,
rather than to the mobility D / kT by the Einstein relation, i.e. diffusion drift velocity
[263]. Unlike the theoretical aspects of macroscopic changes in diffusivity D describ-
ing in the form of diffusion drift macroscopic flows of substance, the binding energy
E, gives a result of short-range interaction at atomic distances. Secondly, since the
diffusion is not necessary constituent or integral part of high-temperature creep
[284], it is difficult yet to calculate the diffusion process numerically due to the va-
cancy mechanism which needs clarifying many yet unknown quantities. Only a few
theoretical approaches to this problem have been advanced in the literature. To il-
lustrate, according to Sherby with co-workers [264], the atom mobility and elastic
modulus-compensated stress ¢ / E are believed to be two principal factors influenc-
ing the creep strain rate € at a given stress. Nevertheless, although at the same diffu-
sion mobility of solutes, an excellent correlation between & and o/E has been observed
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Fig. 9.6. Change in strain rate during creep for high-purity polycrystalline Al [280]

Fig. 9.7. Dislocation relaxation of elastic stresses during microyielding below macroscopic yield
stress for solid solution of metal crystals (typical curve) [279]
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in many metal alloy systems, in the suggested rate-equations [264], the relevant to
this problem term f (c / E) is yet an unspecified function.

Unlike the Cottrell atmosphere, the ordered Snoek atmosphere is formed in the
effective stress field of dislocations by a short-range ordering mechanism [282, 285],
which causes the dragging force for dislocations moving against the energy gradient
depending upon their velocity. Since Snoek short-range ordering precedes the Cot-
trell mechanism of the solute atmosphere formation, the subcritical value of disloca-
tion velocity v, is attained for high-purity a-Fe crystals at € of 10 s™' even at r.t. [282].
This result is in reasonable agreement with the calculated values of v for high-purity
magnesium alloy crystals under examination at the same dislocation density [252]. The
Snoek-type dislocation atmosphere is believed to be formed as a complex consisting of
an excess vacancy and a solute element. The idea for a local loss of the crystalline lat-
tice stability near linear defects was first advanced by Clapp [284] for vacancy clusters and
complexes of point defects having elastic distortions around them. With that, the achieve-
ment of critical parameters for the store internal energy, e.g., the local critical density
of dislocations during time-dependent strain is thought to be caused by deformation
instability, first of all, by reason of loss of shear stability of a dislocated crystalline lat-
tice and localized shear below the macroscopic yield stress. These effects are accom-
panied by decreasing microyield/creep resistance and long-term strength.

The process of dislocation sliding at the early stages of plastic deformation has a
fundamental significance for further deformation behavior of metal alloy polycrys-
tals at higher strains (beyond the yield stress) as it often determines the subsequent
microstructural evolution and, as a result, the mechanical properties of polycrystals
during strengthening (Fig. 9.8). It has been agreed that elastic fields of internal stress-
es attributed by dimension or modulus misfit, interaction with dislocation cores as
well as by local ordering a structure, contribute to processes of dragging the mobile
dislocations and result in solid solution strengthening [259, 260].

The results of thermoactivated analysis presented in Table 9.1 are mainly based
on the experimental data obtained in the course of tensile (short-term) tests.

Table 9.1. The special features of current thermoactivation analysis

Current theoretical Creep Rate-controlling References
approaches testing equations and notes
Short-range properties (ac- | Continuous | - __ .V | Arrhenius type
. . . . > Tt .
tive deformations, free dis- | tension, €= NAby, eXF{— ij equation [286]
locations) of pure metals | o # const b
Dislocations with fixed pin- . AG o'V [287, 288]
ning nodes of the network €=2vexp - kT sh kT
Long-term strength Kinetic time- £=c"-expU/kT) Current approach
dependent (Brown-Ashby type
isotherms, empirical equation)
0 = const [248]
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Fig. 9.8. Schematic representation for de- 1.0 o,
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to localized (concentrated) strain during time-dependent microyielding in the pre-

yield region; (ii) € (2) is the ultimate transition from upper macroscopic yield stress

to multiplying of dislocations strengthening on set; (iii) €_ (3) is the ultimate transi-

tion from axial to combined (triaxial) tension before fracture.

Plastic deformation is a simple method of introducing dislocations and point
defects. Their concentration is larger than that required for thermodynamical equi-
librium. In the absence of impurities, temperature dependence of macroscopic yield
point is associated with high rate of work hardening in the microstrain range, i.e.,
between inelastic limit and macroscopic yield point.

Fundamental effect of interstitial solutes such as, e.g., hydrogen on the macro-
scopic softening and possible embrittlement relates to the increment of dislocation
mobility considered in terms of hydrogen-enhanced localized plasticity mechanism
[255]. Owing to these calculations, hydrogen enhances dislocation mobility (soften-
ing) due to the reduction of energy barrier or due to shielding effect associated with
the reduction of the interaction between edge dislocations. Nevertheless, shear lo-
calization and concentrated sliding may lead to premature fracture when internal
shear energy is quite enough to nucleate atomically a sharp submicrocrack providing
its spontaneous propagation by a cleavage mechanism. Thus, the susceptibility of the
polycrystalline materials to shear strain localization can be a main factor which limits
their tensile ductility, long-term strength and fatigue resistance [247, 249, 260]. Fur-
thermore, it should be considered as a criterion for assessment of useful, preventing
fracture and long-term strength. Luders slip bands propagate through crystal and
cause a yield phenomenon due to geometric softening of crystals in certain orienta-
tions [261]. The submicroscopic regions in which the active glide planes are concen-
trated should be considered as glide zones or a glide bands when the zones intersect
the crystal surface. This means that between two adjusted zones the crystal is de-
formed elastically (for one set of active glide planes).

For sufficient low rates of loading, plastic strain produced by nanoindentation of
amorphous metal becomes completely discretized, i.e., localized in a series of isolated
events of yielding [262]. A transition from discrete to continuous yielding is observed
with increasing the loading rate. The suitable transition from localized to homogene-

132




9.3. Theoretical Background of Novel Approach

ous plasticity seems to associate with the existence of self-organized narrow shear
bands which individually undergo local shear transformations.

Plastic deformation is localized in definite soft regions resulting in high stress
concentration, for example, in grain boundary triple points [263]. Strain localization
observed at the age hardening conditions is associated with formation of a two-phase
field as a result of structural decomposition of a supersaturated solid solution due to
the continuous precipitation of dispersoids coherent with the matrix and the appear-
ance of GB zones free of precipitates (PFZs). In this case many of age hardenable
metal alloys suffer problems associated with low ductility as well as inadequate frac-
ture toughness caused by strain localization. In order to overcome this problem, alloy
development efforts should be concentrated on the addition of dispersoids to refine
the grain size and to minimize strain location. In particular, in the USA the attempts
are being undertaken to develop the Al—Li—Mn and Al—Cu—Li alloys with fine
scale-grained structure and minimal strain localization.

As well known, a continuous theory describes well only long-range elastic strain
of a dislocation for length scale beyond a few lattice spacings because of problems
with singularity near the dislocation cores, whereas in strength physics the long-
range interactions responsible for structure-sensitive properties are independent of
strain rate (T, t*). Consequently, they represent the long-range internal stress field at
any given structure and relate to the assessment of athermal stress T, proportional to
the shear modulus G(T) resulting from crystal lattice resistance. There has been a great
deal of interest in describing accurately the short-range interactions between disloca-
tions and the structural defects, density of which exceeds that of thermally equilib-
rium by several orders of magnitude [258]. Seeing that thermally activated processes
of dislocation microyield/creep and the dislocation relaxation are controlled the same
mechanism responsible for the strain rate &, dislocation relaxation should be consid-
ered as a creep at variable stress. This allows one to unite activation (numerical) anal-
ysis of available data for testing a validity of the existing and proposed models.

9.3.1. Thermal Activation
of Short-Range Mechanisms

A thermally activated process in terms of the temperature depend-
ence of the reaction rate constant should obey the well known Arrhenius Equation:

& = A exp (-Q/RT), (9.4)

where A is the frequency factor, assumed to be a constant; Q is the a.e.; T is the abso-
lute temperature, R is the gas constant.

It is now generally accepted in many cases that deformation of metals is gov-
erned thermally activated processes. For single controlling mechanism for deforma-
tion, according to [290] the strain rate is given by

£ = A exp(-G / kT) = Aexp(S / R) exp (-H / RT), (9.5)
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where A is effectively the product of the rate at which attempts to overcome the bar-
rier are made and the strain produced by a successful fluctuation is obtained; G =
= H-TS is the Gibbs free energy of activation; H is the enthalpy of activation com-
monly termed as “activation energy”; S is the entropy of activation. A, G, H and S
generally depend upon stress, temperature and structure. H can be derived from ex-
perimental data only if certain simplifying assumptions are made.

Eq. (9.5) describes low temperature deformation, and consequently the a.e. is a
function of the effective stress T = 0 = 0 - 6, where o is the long-range internal
stress at any given structure and is proportional to the shear modulus G. Besides, the
a.e. H (T, %) may also be a direct function of temperature.

In discussing results of previous measurements of the steady-state creep rate
[291], it is suggested that they were interpretable in terms of the hypothesis relating
the creep rate of solid solutions to the coefficient of lattice self-diffusion, e.g., in mag-
nesium (~135 kJ - mol™) and diftfusion of Al solute atoms in Mg (~143 kJ - mol™). A
question arises whether their applied (shear) stress can be identified with the macro-
scopic yield stress responsible for the multiplication of dislocations. It is anticipated that
there will be a breakdown in power law behavior at high stress levels. It cannot be an-
swered from available data. There is no good agreement among reported values for other
hcp metals where the stress is considered as a parameter characteristic of the material. The
temperature dependence is also uncertain. Only thermally activated processes are consid-
ered in our study. The basic equation used in the literature for a quantitative estimation of
the reversible change in flow stress reduces to the following form [292]:

g=¢ exp [-U (t*) / kT], (9.6)

where ¢ is the strain rate; ¢, is the rate constant equal to pAbv; p is the density of
points of activation per cm? A is the area covered by the dislocation loop in one ac-
tivated jump; b is the strength of the dislocation; v is the dislocation jump frequency;
U is the a.e. of the process which is dependent only on the effective applied shear
stress T* at the obstacle, i.e.,

™=1-1 (9.7)

1

and

U)=U -1 V. (9.8)

In this case, the work done by the effective stress T on the dislocation loop de-

creases the a.e. U linearly. Besides, the activation volume (a.v.) V is assumed to be a

function of the stress. If the thermal obstacle depends on thermal component t* of
applied stress, the a.v. should be determined

V =-dU / dt* = const. (9.9)
For small * the stress dependence is described by the following assumption
V=V (1-ar"), (9.10)

where V_is the a.v. in the unstressed state.
The t* contribution disappears at temperatures above T . The forest dislocations
do not provide the necessary obstacles to dislocation movement. The two remaining
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possibilities are: (a) jogs in screw dislocations; (b) impurity atoms or their clusters.
According to Hahn-Rosenfield approximation [293],

™=1/2(c-5,)~1/2Kd", (9.11)

where o is the applied stress; G, is the stress required to move dislocations. The maxi-
mum value of t = 1/2 (o, - 5,) where o is the yield stress; Kd™"* is the interstitial
depinning parameter; d is the average grain diameter. However, this treatment is now
open to question.

Irregular (serrated) curves c-¢ caused by the impurity interstitials diffusion to-
wards mobile dislocations appear in changing macroscopic strain rate ¢. Besides, it is
accepted that the critical ¢ is proportional to the rate of lattice diffusion available for
interstitials by a long-range Cottrell-Bilby mechanism:

g =C-D/KkT, (9.12)
where C is the constant depending on the dislocation density and physical properties
of crystalline lattice; D is the diffusion coeflicient.

9.4. Physical Theory
of Useful Long-Term Strength

Since there is little information in the literature on the theoretical
dislocation long-term strength of solution-hardened alloys below the macroscopic
yield stresses (Table 9.1), it therefore seems appropriate to indicate the possibility for
continued work along these lines. The main purpose of the present study is to develop
a physical theory for useful long-term strength excluding the premature fracturing of
solution-hardened alloys below the macroscopic yield stress. The work is nicely mo-
tivated by first considering the theoretical microyield/creep resistance. The research
aims at a better understanding of the basic principles of dislocation creep resistance
responsible for the increase in the long-term strength of metal crystals. To provide
further in-depth insight into the physical origin of dragging effects, the on-going
study focuses on the theoretical analysis of the dislocation calculations based on
physical modeling and activation of the most probable (short-range) mechanisms in
order to identify them in the so-called multi-level solute defect structure enriched
with substitutional solutes and strain-produced excess vacancies. Besides, such an
approach evaluates the current understanding of relationships between microstruc-
tural parameters, dislocation pre-yield resistance and long-term properties of some
promising metal alloy systems. From this view, it would be appropriate to clarify the
subject of the pinning effects in rapid-hardening alloys and to reveal short-range
rate-controlling mechanisms acting in the selected metal alloy systems. This is like-
wise the intention of the study to subject the measurements to a complete analysis.

In this study, a new physical theory of useful long-term strength (ULTS) based
on a dislocation model of microyield/creep resistance adequately describes two rate-
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controlling dragging mechanisms responsible for the rapid (short-range) dislocation
pinning by solute/vacancy-containing atmospheres with the a.e. equal to that for ex-
cess vacancy migration at t* - V' > kT and the serrated (repeated) dislocation pinning
at T - V* << kT with the thermal a.e. for the excess vacancy/solute complexes migra-
tion reduced to a double binding energy. Besides, the theory enables the full-scale
(numerical) thermoactivation analysis of theoretical parameters in the kinetic rate
equations. The present approach is found to be adequate for the representation of the
stress relaxation including large values of time. The ULTS theory has been advanced
to formulate the quantitative (numerical) criterion of ULTS preventing a premature
fracture in a wide range of temperatures and stresses.

Our strength design relates to the edge dislocation theory for microyielding
where the dislocation sources operate prior to macroscopic yield stress. There has
been a great deal of interest in accurately describing the short-range interactions be-
tween dislocations and excess vacancies, the density of which exceeds that of ther-
mally equilibrium ones by several orders of magnitude [285]. Since thermally acti-
vated processes of dislocation microyield/creep and dislocation relaxation are con-
trolled by the same mechanism responsible for the strain rate, the dislocation relaxa-
tion will be considered as a creep at variable stress. A numerical thermoactivation
analysis permits the rate-controlling mechanisms to be revealed and allows a deci-
sion to be made concerning the thermal (short-range) obstacles. In this regard, the
thermal stability of structure is a main condition for the current determination of the
a.v. V' and consequently for clearing up the rate-controlling mechanism. This enables
the numerical termoactivation analysis of available data to be carried out using an
unchanged dislocation structure for modeling and testing as well as permits a single
activation process to be extracted from a more complicated pattern. Based on these
simulations, analytical rate-equations can be derived in order to reveal the rate-con-
trolling dragging mechanisms responsible for the increase in dislocation creep resist-
ance and long-term strength. Constant structure steady-state creep tests are per-
formed to evaluate the a.e. and activation volume (a.v.) for selected solution-hardened
alloys in the most promising hcp Mg— Al—Ca system and to compare them with those
in the fcc Fe—Ni—C system under the loading conditions of interest in this study.

A forefront of research activity in material science is the continued effort to rec-
ognize and develop materials that can supply creep resistance and long-term strength
as well as specific stiffness at as high as possible temperatures. To be useful, the po-
tential of high-temperature material must satisfy certain physical and chemical crite-
ria many of them are highly sensitive to resulting internal structure. This will require
overcoming a set of difficult problems related to dislocation dynamics and kinetics of
structural defects during straining.

Alloying was quite successful in the past in developing magnesium alloys for
high temperature service aerospace applications. This is evident in comparing the
“maximum usefulness temperature” of various metals. A measure of maximum use-
fulness temperature is arbitrarily defined as the temperature at which the alloy can
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withstand a stress of ~69 MPa (or 10.00 psi) for 100 hr without fracturing [247, 294].
Table 9.2 lists some of the metals (best possible alloys) with respect to this criterion.
It may be used to evaluate the effectiveness of an alloying element for pure metals. For
magnesium, it should be pointed out that the best alloys (mainly RE containing and,
in the past, thorium containing) can compete very well with aluminum alloys.

The Reed-Hill criterion is believed to destine for the qualitative assessment of
alloying effectiveness.

9.4.1. Dislocation Model of Microyield/Creep Resistance

For an ideal (defect-free) structure, the condition for the transition
to elastic instability of the crystal lattice follows from the relation

AT =U /¢, (9.13)

where U_ is the limiting elastic energy.
For the so-called defect structure, this ratio is converted to the form [295]

Attt =E -p, | &. (9.14)

For isothermal time-dependent strain ¢* - £ = const, and, hence, for so called
defect structure eq. (9.13) is converted to the form [295].

The elastic energy of crystal lattice distortions corresponds in hcp Mg to 0.03 eV
and 0.003 eV in dilute substitutional solid solutions (Cu—Si).

The classical Pieirls model assumes that the formation of double kinks controls
the mobility of dislocations. In accordance with the model of plastic deformation
proposed by Seeger [296], the rate of plastic shear deformation is controlled by the
intersection mechanism of forest dislocations and is characterized by a simple linear
dependence of the activation energy on the effective stress at dislocations

. U, -vt’
= NAF, e AL (9.15)
Y bv, EXP[ T ]

Here N is the number of obstacles for sliding dislocations (per 1 cm?); AF is the
area swept after activation, v, is the attempt frequency for a dislocation; U is the a.e.

Table 9.2. Maximum usefulness temperatures of the metals for potential alloys [294]

. . Maximum usefulness Absolute
Base metal Melting point, K temperature, K melting point, %
Mg 923 606 67
Al 933 581 60
Ti 1977 922 46
Fe (martensitic) 1811 1005 56
Fe (austenitic) 1811 1144 63
Ni 1728 1244 78
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for intersections (forest dislocations); a.v. V = bdl; shear stress T = T + 1; T, is the
effective stress on dislocations; _is the internal stress field. The predominantly expo-
nential function y (t*) dominates over any other dependence.

Following Seeger [296], sliding dislocations (on the slip plane) overcome inter-
nal long-range stress fields 1, (from other dislocations and their clusters), as well as
short-range (localized) thermally activated obstacles at lattice distances (t*).

We have to admit that the models based on recombination and splitting of screw
dislocations by Pieirls, Dorn-Rajnak and Seeger are not suitable for explaining the
results obtained. Our results are in the best agreement with models based on the mo-
bility of dislocations controlled by the thermally activated interaction of dislocations
with dissolved atoms.

The most aspect of dislocation dynamics is the velocity-stress relation. In the
model of plastic deformation proposed by Johnston and Gilman [297] the depend-
ence of dislocation velocity v, is given by

*

_ T -b
Up=— (9.16)
and
v, =B@E)™ (9.17)
Then . .
Y=p bo=p,.b(x) exp(— AG(x )j, (9.18)
nD kT
wherey=0.73 ¢ => €= 1.4y
Under the data [288], v can be calculated from expression
— ul. [TV
v, = . - 1
b =2Pp vexp( ijsmh{ o } (9.19)

The logarithm of v is used for convenience. In this case, the partial derivative is
given by o .
Onby M, (9.20)

61-* T T*

where stress exponent m* is equal to m at zero plastic strain. Then for macroscopic
deformation the equation is given in [26]
__o(nd) _ . a(npy)

= =m -———2~, (9.21)
a(Inc) a(Inc)

According to the Taylor-Orowan equation, the dislocation velocity is propor-
tional to the strain rate
&=abp, v, (9.22)

where a is a geometric factor; p_ is the density of mobile dislocations; v is the aver-
age velocity of the mobile dislocations; b is the Burgers vector.
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In the context, the present method is suitable to calculate the breaking process of
a dislocation from its atmosphere when the dislocation velocity v is accelerated. The
dragging stress T, effects on the dislocation by its solute atmosphere. There is a critical
value of v_ at which t,increases with increasing v . Below v_ it decreases contrarily
for v, >v_. Under the data by Schoeck [282], critical value of v, is attained in a high-
purity a-Fe at strain rate £ of 10* s~ even at r.t. These experimental data are in agreement
with the calculated values of ¢ and v, for high-purity magnesium alloy crystals with
a dislocation density of 10%/cm?*[298]. To attain higher values of strain rate (107 ...
102 s7"), it is necessary to expand the range of uniform strain.

The kinetic rate equations give rise to reveal the most probable drag mechanisms
responsible for increase in microyield/creep resistance to improve the dislocation long-
term strength of multi-level defect structure in solution hardened alloys, e.g. in the hcp
Mg—Al—Ca and Mg—Al—Ca—Ti systems. The model proposed was tested on se-
lected hcp and fcc metal alloys in the Mg—Al—Ca and Fe—Ni—C systems, respecti-
vely. The quaternary hcp Mg—Al—Ca—Ti system is the most promising of the inves-
tigated systems for application in automobile industry. Theoretical considerations re-
lated to jerky flow and serrated yielding are consistent with experimental data as well.

The reliability/validity of the model is confirmed by reliable experimental data. In
contrast to the models of Dotsenko and Sherby with colleagues [262, 279], which can-
not be verified by numerical methods and compared with experiment, our approach
makes it possible to perform a full-scale (numerical) thermoactivation analysis using
four activation parameters that are critical for the selection of control mechanisms.

It is widely accepted that strengthening mechanisms in physics of crystals remain
controversial. The proposed dislocation theory based on the model of microyield resist-
ance provides a means for accurate prediction of the time for uniform plastic strain
preventing a fracture by localized shear. Such an alternative approach is therefore be-
lieved to be based on the resistance to dislocations motion rather than straining in the
pre-yield region. The theoretical expressions derived are found to be in good agreement
with the experimental results. Unlike the theory of serrated yielding by McCormick
[261] connecting the distinction between the temporal and spatial instability, i.e. a loss
of homogeneity of strain with the effect periodic oscillation of the stress relaxation, we
consider the onset of the process at the earliest stage of jump-like movement of disloca-
tions. Therefore, the thermal stability of structure is the main condition for correct de-
termination of the thermal activation energy and effective activation volume, and con-
sequently for clearing up rate-controlling mechanisms.

Unlike the Cottrell concept of solute atmosphere, our model, like the new model
by Jingli and Sia-Nemat-Nasser [299] has been proposed to be used for describing
interaction between moving dislocations and mobile point defects at the earliest stage
of formation of core dislocation atmospheres.

The extent of smooth plastic strain preceding (by short-range mechanism) jerky flow
has been evaluated in the Iné - 1/T coordinates by Wilson and Russel [300]. Besides,
measured effect of serrated yielding is defined by stress oscillation amplitude, i.e., the height
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of regulated serrations on the smooth o-¢ curves at £ = const. In the case, the jump-
like movement of dislocations is sure to occur by a short-range mechanism as well.
The alternative approach is based on the existence of a dislocation microyield /
creep resistance at stresses below the macroscopic yield stress. It seems to be a powerful
framework to describe dislocation dynamics in metal systems with interacting struc-
tural defects and to account for short-range deviations from classical (Arrhenius) be-
havior in alloys with destroyed long-range order. The dislocation model of microyield/
creep resistance leads to the rate equations which can be applied best to metal alloy
crystals containing paired defects in solid solutions over saturated by excess vacancies.
A constitutive model has been proposed to describe the mechanisms based on
various types of material transport including lattice/GBs diffusion and dislocation plas-
tic flow occurring during microyield/creep resistance below the macroscopic yield
stress [298]. Shear localization may lead to the premature sliding when internal energy
of shear is quite enough to nucleate an atomically sharp submicrocrack (see Chapter 8).
From this point of view, the model of dislocation creep resistance considers the condi-
tions that prevent a premature fracturing. They are as follows: a) dislocation structure
is believed to remain invariable microyielding below the macroscopic yield stress. In
this case, multiplication of dislocations is thus excluded from consideration; b) a transi-
tion to dislocation climb at higher stresses when dislocations break the way from their
solute atmospheres is not considered either. As the relaxation can only be the result of
plastic deformation it seems evident that even at stresses well below temperature of
quasibrittleness some dislocation movement takes place and does proceed.

9.4.2. Newly Developed Analytical Rate Equations

A rate-controlling model for the resistance to microyield/creep
strain permits the short-range dragging effects to be recognized. The higher proba-
bility W, of the successful thermally activated jump for a dislocation in the force
direction during passive dislocation relaxation or dislocation creep resistance can be
calculated from the relation

U,=a L (W -W)=0 LV, (9.23)
where v is the average dislocation velocity during dragging; a is the proportional
coeflicient dependent on the obstacle nature and dislocation parameters; v is the at-
tempt frequency of the successful dislocation jumps (v = 10" s7!); A is the activation
distance between short-range obstacles where a dislocation is delayed during the

waiting time ¢ = v~' exp (U* / kT). Here the settled lifetime for an atom in the field of
minimal potential energy is given by

T =1,exp (U*/ kT), (9.24)
where 7, is a frequency factor dependent on lowering the potential barrier; U* is the

energy of thermal activation needed for overcoming a thermally activated obstacle by
a short-range mechanism.
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The relation (9.26) for an atom in the field of dislocation is different from well-

known relation (2) by the amount of the binding energy E,

t=1,exp (U* +E, / kT), (9.25)
where E, is the binding energy of a solute atom (a pair defect or an associate) with a
dislocation.

Some manipulation of equations (9.23) and (9.26) yields a dragging effect, if a
single activation process controls the microyield/creep resistance and the number of
places where the strain per successful fluctuation can take place. The rigorous de-
scription of the stress-induced dragging effect in terms of dislocation physics leads to
two types of differential kinetic rate equations which represent related phenomena
such as dislocation dragging during incipient pre-yielding and pre-yield (dislocation)
relaxation.

In the T - V* > kT pre-yield range there is no breaking off dislocations from the
atmosphere due to strong binding energy E, between them. By reason of enough pin-
ning of dislocations, the height of potential barrier U* increases by the value of E, i.e.,
becomes U* + E, with a fraction of line defects proportional to exp (E, / kT). Then for
describing thermally activated dynamical dragging by the dislocation atmospheres,
the equation for the shear microstrain rate can be reduced to the following form

p (9.26)

g, = 2p, (bAv) exp (— U+E -tV ],
where £ is equated to 2p,, (bAv); p,, is the average mobile dislocation atmosphere
density; b is the Burgers vector; v, = A - v is the velocity of dislocation atmosphere
dragging; V" = L b? is the dislocation activation nanovolume; L is the activation
length of mobile dislocation nanosegment between mobile nodes of pinning; t*(&, T)
is the thermal component of applied stress.

At higher stresses and elevated temperatures (t* - V* > kT), the dislocation creep
resistance for a given magnesium alloy in the Mg—Al—Ca system is found to be es-
sentially governed by a rate-controlling mechanism operating with an a.e. of 0.80
+0.02 eV or 1.28 x 107J for excess vacancy migration in the stress field of disloca-
tion atmospheres (Fig. 9.9). In addition, the value is in agreement with those esti-
mated for some alloy crystals [301-303] and constitutes roughly one-third of that for
self-diffusion (2.08...2.24 x 107"]). Snoek’s locking [281] is believed to be a stress-
induced ordering mechanism operating in these alloys with a high rapidity due to the
migration of excess vacancies to form solutes atmosphere around moving dislocations.
Strong pinning of dislocations should be expected when locally bound matrix atoms
find themselves part of a passing dislocation [304]. Aging is as caused by the vacancy
movement around immobile solutes and, as a sequence, by the rotation of solute-excess
vacancy pairs to form segregations around moving dislocations [258]. The rate equa-
tion (9.7) confirms the rapid nature of short-range interaction between dislocations
and solutes in solid solutions enriched with excess vacancies. According to the analyti-
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Fig. 9.9. Activation volume V* as a function of applied stress thermal component t* (a) for a dis-
located solid solution in hcp Mg—12.5A1—1.3Ca system (I, 2) compared with that of the fcc Fe-
32Ni—0.1C system (3): I — dynamical dragging of mobile dislocations by solute-excess vacancy
atmospheres with the a.e. of 0.8 eV at 423 K evaluated by Eq. (9.26); 2 — discontinuous (repeated)
pinning of dislocations in early stage of jerky flow conditions with the a.e. of 0.5 eV at 523K evalu-
ated by Eq. (9.27); 3 — dynamical dragging of dislocation by solute atmospheres under jerky flow
for Fe—32Ni—0.12C alloy [23]. Insert: variations of activation volume V* with the activation length
of mobile dislocation nanosegment L (b). Here v = 10" Hz; b=32x10"m; E =03eV kT =
=0.036 eV at 423 Kand 0.045 eV at 523 K; £ = 10.24 s7; p,=10"/m* L =6.0 nm (for V* =20b%),
L. =10.8 nm (for V* =36 b’)

cal estimations of rapid kinetics in the v - V* > kT range, the dislocation atmospheres
are certain to generate strain-produced excess vacancies in magnesium alloys.

In the temperature range corresponding to the manifestation of the Portevin-Le
Chatelier effect, i.e. under the conditions v - V* << kT, dislocations jerkily interact
with the Cottrell atmosphere causing their jump-like motion with limiting the mobil-
ity in solid solutions and abrupt flow of microyield/creep.

In this case, studies of the dislocation-impurity interaction, incl. the formation
of atmospheres from dissolved atoms (alloying elements) around mobile disloca-
tions, as well as the Portevin-Le Chatelier effect caused by the inhibition of disloca-
tions by atmospheres at the stage of dynamic strain aging are of great interest for
improving the long-term strength of heat-resistant alloys.

In the - V* < kT pre-yield range, i.e., at lower stresses and higher temperatures,
in crystals containing solute atoms of low pinning strength [301], the binding energy
E, makes possible the jump-like movement of dislocation typical for the onset of
jerky flow by strain to the first jerk. Therefore, the energylevel of ground state for the
potential barrier U might be split up into two energy level substates with the in-
creased a.e. of U* + E, > U and a fraction proportional to exp (E, / kT) for the disloca-
tions to be pinned as well as with the decreased a.e. of (U* - E,) < U and a fraction
proportional to exp (-E, / kT) for the mobile dislocations to be depinned. In other
words, the height of potential barrier U changes by the magnitude of E,, i.e., fluctu-
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ates within + E . Hence, exp (E, / kT) reproduces the attractive part of potential en-
ergy, while exp (-E, / kT) does its repulsive part, e.g. detachment of dislocation from
isolated atoms, paired defects or their complexes.

The motion of dislocation in its slip plane is, in general, a discontinuous process
[254], so that there are reasons to believe that the short-range dislocation dragging in
the onset of jerky flow is expected to be consistent with the well-known Le Chatelier —
Braun physical-chemical principle of mobile equilibrium shifting. Then the dynami-
cal dragging by the repeated pinning of dislocations will satisfy the equation for
microstrain rate where kT is the thermal energy of a solvent lattice. The original idea
for dislocation analysis is that T - V* < kT at the thermally activated energetic level is
split into two sublevels of the short-range potential obstacle due to the discontinuous
(repeated, positive and negative) increment of internal stress £At*. The latter arises
out due to the two dragging forces needed for the thermally activated depinning and
repeated thermally activated pinning of dislocations [305] to satisfy Eq. 9.27 and the
Le Chatelier-Braun principle.

¢ =2p, (bAv) exp {(_ U‘kaVj . sinh(f;j} 9.27)

From the physical point of view, over the 1* - V* < kT range splitting of the ener-
getic potential means its growth U* + E_atv, <v_and its decrease U* - E atv, <v_
[258, 267]. At TF - v* << kT the dislocation movement in the stress field is addition-
ally dragged by £_ - sinh (E, / kT) term which is not dependent on 1" and t. Thus, the
binding energy E, is one of the important parameters controlling dislocation creep
resistance in the solid solution systems with a mobile defect structure.

At lower stresses and higher temperatures (t* - V* << kT) the dislocation creep
resistance is assumed to be controlled by a dragging mechanism operating with a.e.
of 0.50 = 0.02 eV or 0.85 x 107*°] for migration of excess vacancy/solute paired com-
plexes in the stress field around mobile dislocations (Fig. 9.10). Its reliable value yielded
by the solution of Eq. (9.27) is significantly lower than that for self-diffusion (1.35 eV)
and that for isolated vacancy formation (0.8 eV) and diffusion of any alloying ele-
ment, i.e. another most probable dislocation mechanism is rate-controlling.

The relaxation spectra of internal friction in hcp magnesium alloy indicates that
solute atoms are expected to be paired with excess (strain-produced) vacancies, which
strongly attract them producing large (tetragonal) lattice distortions [252]. With this
provision, the vacancies remain in the solution being associated with the solutes. The
solute-excess vacancy complexes are actually elastic dipoles with different binding
energy. Published data and experimental evidence reported in the periodic literature
[303, 305] strongly support our identification of the dragging mechanisms proposed.
For example, under the data by Rose and Glever [301], the a.e. has been estimated as
the a.e. for vacancy migration (approximately 0.9 eV in the fcc Fe—Ni—C system).
However, the theoretical values of the a.e. for the vacancy migration (0.65 eV for FCC
Al) are essentially higher than those obtained from experimental data in the AI—Mg
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system (0.45 eV) due to the formation of a vacancy/solute complexes with binding
energy E_~ 0.2 eV [303].

As soon as an atmosphere consisting of the complexes is formed around a
dislocation, the activation short-range ordering mechanism in the stress field of
dislocations enables dragging effect to be enhanced much more compared to sin-
gle solute atoms. Taking into account that the delocking of pinned dislocations
and the motion of depinned dislocations are controlled by the same thermally
activated mechanism [281, 282], the thermally activated slip dragging by the ex-
cess vacancy/-solute complexes having a high rapidity of the short-range pinning
is believed to be the most likely rate-controlling dragging mechanism responsible
for the pre-yield resistance.

According to the kinetics of DSA [301], the observed rapid jerky flow on the ser-
rated stress-strain curves can be explained on the basis of the stress-induced short-
range ordering mechanism [281, 282] rather than Cottrell elastic approximation or
Suzuki chemical dislocation pinning mechanism. The rate equation (9.27) for repeat-
ed pinning of dislocations evaluates the extent of smoothening curves of plastic strain
at the initial stage upon occurring the first plastic deformation jerks in preceding
jerky flow. As a matter of fact, jump-like (discontinuous, repeated) pinning of mov-
ing dislocations is likely to facilitate rather than to cause the proceeding of jerky flow
or DSA. By reason of its general sense, the magnitude of initial jerks in the form of
stress drag increment and abrupt fall in load can be regarded as indicative of the
stress differential between the breakdown stress at which dislocations escape from
their atmospheres and the stress at which they move easily through the lattice before
being pinned again [262]. It is reasonable to assume that in the * - V* << kT range
the dragging effects under examination are typical for the onset of jerky flow by strain
to the first deformation jerk the jerkiness effect relates to mesoscopic phenomena oc-
curring below the macroscopic yield stress, our system of newly developed rate equa-
tions can be expected to give a good result for describing the onset of jerky flow.
Unlike the Cottrell concept for the solute atmospheres to activate beyond dislocation
cores, a new model by Jingli Cheng and Sia Nemat—Nasser [299] has been developed
for describing interaction between moving dislocations and mobile point defects
with the formation of dislocation core atmospheres.

9.4.3. Numerical Analysis
of Stress (Dislocation) Relaxation

Stress relaxation is determined by the following relation [279]:
dr*
dt

where t is the relaxation time for applied stress; K,, is the elastic rigidity in tension,
constant at any test conditions. For the thermally activated dislocation mechanisms
of dragging by solute atmospheres at T - V* > kT, the parameters of relaxation can be
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determined as follows. By combining Eqgs. (9.23), (9.26), and (9.28), one can obtain
the differential relaxation equation (9.29) of the form

_dt*

dt

We omit here some intermediate computations involving the mathematical treat-
ment of Eq. (9.29) by combined operations of separating the variables and setting up
a relevant integral equation to meet conditions T*(t) = t*__att=0and t*(t) = T,
(final time of relaxation). Then this relaxation equation was integrated and the loga-
rithm was found. After some manipulation, the expression obtained was re-arranged
into the equation of dislocation relaxation which can be described by the expression

At - V¥ =(U*+E) - kTIn(B - 1), (9.30)

(9.29)

. U'+E —-1" -V~
K €, exp(— ‘;{T}

B0l 8= 25, - bhv; V¥ = L% L = 26/Cpexp (-E, / KT L s the
length of dislocation nanosegment between mobile nodes of pinning; r is the radius
of curvature for a dislocation (r = Gb / t*); C is the initial concentration of solutes.
Taking the antilogarithm of Eq. (9.30), we get the modified equation for the re-
laxation time (

where =

=2 exp
p

In going from thermal to athermal component T, (at t* = 0), Eq. (9.30) of stress
relaxation reduces to the second-kind equation of relaxation

U*+E,= kT-In(Bt,). (9.32)

(9.31)

U +E, —AT -V~
kT '

By analogy with the above-mentioned procedure, the stress relaxation equations
can also be deduced for the discontinuous (repeated) pinning of dislocations in the
T - V* << kT range. For the case, the course of calculations is almost the same as that
used for T - V* > kT. Then the dynamic dragging of mobile dislocations is described
by the relation

E
ATV =U* - kTIn(Bt) —=In| ¢ =b |. (9.33)
B (go ij

The present stress relaxation analysis is found to fit generally semi-logarithmic
relationships obtained previously by Dotsenko [279] and Sargent [298]. Neverthe-
less, numerical analysis of the equations in the early models of relaxation [279, 298,
299] is absent which makes it difficult to examine their reliability and justification in
their analytical solutions. At the same time, all the terms in our newly developed
equations of stress (dislocation) relaxation have physical meaning.

A pronounced solid solution strengthening effect is attributed to the large
long-range stress fields due to the athermal stresses 1, while the relative strength
of the short-range obstacles produced by solutes is not so obvious. The energy of
dislocation, when unaided, is insufficient to get over a tetragonal (paired) defect as
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Fig. 9.10. Numerical analysis of the dislo-
cation relaxation for hcp Mg—12.5A1—
11.0 1.3Ca—0.1Ti alloy with separating the ti-
10.9— me-dependent contributions of the power
108 i AT - V*, (1 and 2) and thermal U - AT*- V¥,
107 :, (1"and 2") components to the net activa-
J06% tion energy for overcoming a short-ran-
105,  ge potential obstacle by a dislocation at
loa & 523K(Iand ') using Eq.(9.33) and 423K
o3, (2 and 2') using Eq. (9.30) in nanovolu-
1oz 2 mes 36b° and 201, respectively. Here U is
the full free (available) energy for therma-

40.1
) . . . . lly activated overcoming the short-range
0 2 4 6 8 obstacle; K, =4 x 10°] / m*% G = 17 GPa;
Int n=0.35

a short-range barrier. The extra energy to overcome it must be supplied by thermal
fluctuations. The present theory enables the net a.e. needed for overcoming the
height of short-range barrier potential to be resolved into two time-dependent
constituents associated with the partial a.e. for power (elastic) interaction between
alloy ingredients, and the partial a.e. for long-term thermal vibrations of a lattice
(Fig. 9.10). The observed logarithmic plot of stress (dislocation) relaxation at each
temperature is certain to consist of the two linear segments separating the data into
thermal and power (elastic) energetic contributions. The two energy-sharing com-
ponents acting at atomic distances (~0.1 nm) may be exemplified by two energy
terms: (i) the first term At* - V* is due to the work done by the drag stress compo-
nent ™ and (ii) the second term U - At* - V* in Egs. (9.26) and (9.27) should be
considered as energy of thermal vibrations for a crystal lattice. Thermal energy as a
driving force equal to the shaded area on the diagram will move dislocation at a
short-range distance by the energy of atomic thermal fluctuations linked to the
crystal lattice vibrations. The idea of separating the time-dependent contributions
concerning the thermal and mechanical breaking of dislocations is consistent with
the concept of thermally activated dislocation depinning by Saul and Bauer [305].
Numerical analysis of the dislocation relaxation following Eqs. (9.30) and (9.33)
shows that the power component t° decreases linearly with loading time and tries
to be as high as the athermal component 1 (at ™ => 0), while the energy when
supplied to the short-range obstacle by long-term thermal fluctuations, on the con-
trary, increases linearly with time up to the value of resistance to the dislocation
motion. The ordering forces exerted by a stress field around dislocation are op-
posed by the disordering forces of lattice thermal vibrations [301], the thermal en-
ergy of which tends to randomize a solute distribution. The growing contribution
of thermal activation energy (Fig. 9.10) signifies the increase in the time-dependent
strain produced by efficient thermal fluctuations. This theoretical calculation is a
good test for the physical sense of the model proposed.
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9.4.4. Dislocation (Quantitative)
Criterion of ULTS

Unlike the usefulness temperature criterion introduced by Reed-
Hill [294] for best possible alloys, we set forward a new (dislocation) quantitative
criterion to evaluate the effectiveness of alloying elements (AE) for pure metals. The
novel resulting microstructure formed dynamically during creep without fracturing
leads to useful long-term creep strength and thus the both microcrack nucleation
and propagation are eliminated. Accordingly, a measure of maximum useful long-
term (creep) strength is arbitrary defined as the stress at which a metal alloy system
can provide critical time with the requirement that time-dependent (creep) strain
under uniaxial tension occurs without necking to eliminate metastable structural and
phase transformations development.
Principles of effective alloying have been quite successful in the past in develop-
ing alloys for high-temperature aerospace applications. Following the concept [247,
294], a measure of “maximum usefulness temperature” during straining is arbitrarily
defined as the temperature at which the alloy can withstand the stress of about 69
MPa for 100 hr without fracturing. This qualitative criterion allows evaluating the
alloy-efficiency for pure metals. Over the past several years, in applied physics suc-
cessfully advanced in terms of preceding dislocation theory, on the whole, a new
theoretical-cognitive situation has shaped which requires the development of more
accurate (quantitative) criteria for further improving physicomechanical properties
of metal crystals below the macroscopic yield stress [249, 256, 265, 307]. Following
the situation, it is much appropriate to develop a diagnostic approach that provides
for the opportunity of predicting and preventing harmful and dangerous defects in
solution-hardened metal alloys for their safe long-term performance in machinery.
Some manipulation yields energy balance for the steady-state of dislocation creep € =
= ¢ - tand for the characteristic time t" to achieve a measured quantity of useful (uni-
form) strain before a localized shear, i.e. (At* - #*=E_ p_ /£),and t* = E_/ AT*bv,.
This makes it possible to combine the equations for the linear energy of dislocation
E,=[Gb’In(r/r)]/ [4n (1 - n)] and Eq. (9.23) for v, with Eq. (9.26) for strain rate
ém at - V* > kT. For the case, the general ultimate transition to the elastic instabil-
ity should be replaced with a newly developed dislocation criterion of instability for
a defect structure as

o« _| aGbn(r/b) exp(u* +E, —V*T*j. (9.34)

Attt < "
87(1— u)v T

cr

(9.35)

ATt <
KT

2 - * * *
v« | aGb%n(r/b)p, exp(u +E,-V'r J
87(l-u)e

cr
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With this provision, at T > T * and t* > 0
At < aGbin(r /b) Lex U+E,
87[(1_ ,u) “Ucr kT§

Here At* is the threshold dragging stress, under which transition from uniform
strain to localized shear is the most likely to occur at v, (t*, T) > v_; a — Schmidt
factor; u — Poisson’s ratio; Gb — the elastic shear stability (rigidity) of crystalline lat-
tice; aGb? = f (1%, T) — the linear tension (excess energy) of a dislocation with an a.e.
of about 0.2 Gb%; v_ (T, ) = A - v — the threshold dislocation Veloc1ty corresponding
to the measured strain rate & p,, — the density of dislocations; &  — the threshold
strain rate; T — the useful temperature by Read-Hill et al. [247]; T — the entropic
temperature, ‘under which thermal fluctuation are capable to overcome a short-range
potential obstacle without stress (t* = 0).

According to the criterion, the threshold stress of dragging is related directly to
the elastic shear stability of crystal lattice, strain rate, density, excess energy and ve-
locity of dislocations as well as to strength of interatomic bonds (through E/G modu-
lus). Interconnection of the subcritical parameters (&, GD, ED) with various rigidity,
i.e. the shear stability of crystal lattice (aG) and linear tension (excess energy) of dis-
locations (aGb?) enables one to predict the attainment of the dislocation strength at
short-range distances. The analytical equations with the same structure furnish a
consistent criterion of the useful long-term strength connecting the threshold stress
At* with properties of the crystalline lattice, elastic fields of mobile dislocations as
well as with the activation parameters that reveal the nature of the most probable
rate-controlling mechanism. Besides, the energy (dislocation, quantitative) criterion
describes a subcritical transition from the uniform elongation through a uniformly
dense dislocation distribution to the concentrated slipping and localized shear re-
sponsible for the loss of the shear elastic stability for crystal lattice and, as a sequence,
microplastic (dislocation) instability.

At low strain rates, dragging stress in steady-state increases almost linearly with
the dislocation velocity v only at the early stage of the solute atmosphere formation.
According to the inequality (9.34) at dv* / dv, < 0 the dragging stress is expected to
increase with decreasing the dislocation velocity v , when it exceeds the critical value
v, by a Cottrell solute diffusion-controlled (long-term) mechanism [258, 306]. The
delay time is inversely proportional to the dislocation velocity (~1/ v,) and has a
maximum at a critical dislocation velocity v, and hence for strain rate £ according to
Egs. (9.34) and (9.35). In this case, after passing a maximum atv_and p, = const due
to a partial unlocking of rapid dislocations, the system in the stable state turns into
dynamically unstable plasticity state in the region with rapid dislocation sliding. The
theoretical results obtained for dislocation velocities by inequality (9.34) fitting a
measured strain rate & < g_ by inequality (9.35) are in good agreement with modeling
study and theoretical calculation of the critical dragging maximum observed by
Yoshinaga and Morozumi [258].
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323K Fig. 9.11. Serrated yielding in magnesi-
2007, 373K um alloys of the Mg-Al-Ca, Ti system.
423K Insert: an example of enlarged serrations
Mg-12.5A1-1.3Ca-0.4Mn-0.2Ti |  on the stress — strain curve
150} 473K
§ By assuming that the density of
< 100 523K mobile dislocations remains un-

changed invariable during creep
tests, the rate equation for rapid-
hardening crystals thermally acti-
vated at T - V' > kT by a short-range
mechanism can be expected to be

50

0 c given by
* (r-1, "o U'(z)+E, -7 -V~
= ¥, EX , (9.37)
v ( G J 7o p{ KT
where ¥ is the shear strain rate; T is the effective shear stress; m” = 6lln - T, is the
nr

back stress in T° = T - 1,; E, is the binding energy; U* is the effective energy of thermal
activation; V* is the activation (dislocation) volume.

For heat-resistant alloys (at T - V* << kT), the rate equation (9.36) should be
modified to the following form

* (r-1, "o Uu'(z)-« v~ E,
= — - - sh . 9.38
(2] < (9:39)
For macroplastic deformation, the rate equation (at v - V* > kT) is given by
c (o)" ¢ U +E, -7 -V’
e=|—| & €X (9.39)
(EJ ° p{ KT }
where o is a constant; m= olne _ f(;‘); G,, is the athermal component of applied
stress: 0 o m m
m=—-m or —=— (9.40)
o o O
cs=0-0 =c(mM-m’)/m (9.41)

9.5. Evaluation of Results

Specimens for creep testing were machined from ingots of as-cast
crystalline materials. Before testing the specimens of 25.4 mm gauge length and 3
mm in diameter were annealed at different temperatures. Then they were tested at a
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constant loading rate in a machine type NICIMP until the load-elongation curve o-¢
was reached in the pre-yield region. The serrated (irregular) curve o-¢ manifests the
instability of plastic deformation occurring at higher temperatures and low strain
rates ¢ with a.e. equal to the a.e. for interstitials diffusion while regular (smooth)

Table. 9.3. Micromechanical properties of conventional
and newly developed experimental magnesium alloys at 423 K

Critical creep parameters
Alloy systems o, MPa Creep Load timing t*, hr Allowable Creep str a{iln
atr.t. . ratee , s
strength, creep strain m
MPa Exp. Theory &5, %

Mg—9Al—1Zn 170 35 200 185 1.93-2.50 2107
AZ91D (Dow Chemical
Corp., USA) 64 50-100 Fracture
AZ91D—1.3Ca 220 64 50 70 0.1 108
Mg—12.5A1—1.3Ca 157 65 160-180 220 0.17-0.24 >10®
Mg—12.5A1—1.3Ca— 180 70-80 150-200 277 0.2-0.4 =107
0.1Ti

Table abbreviations: r.t. (room temperature); hr (hours); Exp. (experiment).
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Table. 9.4. Dislocation creep resistance and long-term
strength of several RE-bearing magnesium alloys at 423 K

Alloy composition, Creep strain Cree Require(.fl

' masf% ratel,aés, s7! strength,pMPa & hr Creeg soﬁoram,
AZ91D (Dow Chemical Corp., 107 35 200 2.50
USA) 64 100* Fracture*
Mg—12.5A1—1.3Ca 1078 64 200 0.35
Mg—12.5A1—1.4Ca-0.3Y 1078 70 48 0.40
Mg—12.5A1—1.3Ca—0.5Y—0.9Fe 4x107° 70 200 0.24
Mg—12.5A1—1.3Ca—0.3Y—0.5Fe 1x107° 70 0.21
Mg—12.5A1—1.3Ca—0.3Y—0.2Gd 1x10° 70 200 0.40

curve indicates its stabilization at higher € to operate over the temperature range
considered (Fig. 9.11).

The validity of the present dislocation criterion was experimentally verified us-
ing a strain-rate change test which has been described in detail elsewhere [302, 305].
The creep rates & calculated with Egs. (9.26) and (9.27) and compared with experi-
mental data are summarized in Tables 9.3 and 9.4. It is noteworthy that the contribu-
tion of the short-range thermally activated mechanisms to the dislocation micro-
yield/creep resistance is thought to be enhanced with slowing strain rate (dislocation
velocity). The newly developed magnesium alloy in the hcp Mg—Al—Ca system is
found to have the best combination of short-term and long-term properties com-
pared with commercial alloy AZ91D.

The best result of improving creep resistance and useful long-term strength
(without fracture) for magnesium alloys of Mg—Al—Ca, Ti system: £ ~ 10°-10"1° s™! at
€, =0.2...0.4% and 70-80 MPa for 170-200 hr.

Concluding Remarks

A new first-order physical theory of useful long-term strength (ULTS)
based on a dislocation model creep resistance and analytical rate equations has been
advanced for describing dynamic (time-dependent) microyield/creep resistance re-
sponsible for a potentially useful uniform strain preventing a premature fracturing in
rapid-hardening crystals. The concept of ULTS relates to the rapid strengthening in
terms of the short-range dislocation mechanisms with the thermal activation that
provides overcoming thermal obstacles such as solutes and their clusters at lattice
distances. Such a diagnostic approach enables the short-range rate-controlling mech-
anisms to be identified for stressed crystals in terms of the thermoactivation nu-
merical analysis of rapid strengthening using constant structure steady-state creep
tests and dislocation relaxation techniques. A more accurate (dislocation) criterion of
useful long-term strength is formulated for solution-hardened alloys. The criterion
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could be used for the quantitative assessment of the short-range dragging effects pre-
venting a transition from the structurally uniform sliding to the localized shear strain
which governs a premature fracture of metal crystals.

The basic conclusions can be drawn from the results obtained and be stated
as follows:

o A physical theory of useful long-term strength based on mathematical mode-
ling of the thermally activated (short-range) resistance to dislocation movement and
on the Le Chatelier-Braun’s physical-chemical principle of shifting the mobile equi-
librium has been evolved for adequate describing solid solutions enriched with ex-
cess vacancies and their rapid-hardened alloys with hcp and fcc structure. The theory
furnishes an explanation of the above dragging effects at the early stage of their for-
mation including the onset of atom ordering and describes the direct interaction
between defects and solutes involving the jump-like movement of dislocations with
increasing temperature. This makes it possible to separate the time-dependent con-
tributions of power and thermal components to the net activation energy needed for
overcoming the short-range obstacles. It is shown that in case of the examined mech-
anism, the thermal component of stress tends to the athermal component over re-
laxation time, and energy, applied to the obstacles by the thermofluctuation mecha-
nism, increases linearly up to the potential barrier for dislocation motion.

« Judging the results obtained, at least two underlying types of the dislocation
dragging mechanisms were identified by using new model-based analytical rate equa-
tions when evaluating the activation energies intrinsic to creep-resistant alloys in the
hcp Mg—Al—Ca, Ti and fcc Fe—Ni—C systems. At higher stresses and elevated
temperatures (% - V* > kT), the movement of glide dislocations is most likely to oc-
cur jointly with their solute atmospheres so that for the case, the dynamic dragging
of microyielding is provided by the resistance of mobile dislocation atmospheres with
the a.e. for vacancy migration. At lower stresses and higher temperatures (t* - V* <<
<< kT) the dynamical dragging of creep strain is believed to be due to the constant
(discontinuous, repeated) interactions between mobile free dislocations and solutes
by a jump-like mechanism. For the case, of a peculiar interest is an enhanced effect of
dragging at the early stage of the jerky flow. It may be appropriate for improving the
long-term strength of high-temperature alloys.

« Over the time-dependent microyield/creep range, theoretical simulations and
experimental evidence predict a potentially useful measure of long-term strength
formed in the stress fields of mobile dislocations. The quantitative (dislocation) crite-
rion of useful long-term strength is proposed for quantitative assessment of the alloy-
ing effectiveness as to the best possible metal alloy crystals with minimum strain lo-
cation. The criterion describes material conditions that prevent a transition from
uniform strain to localized shear leading to the elastic and microplastic instability of
a dislocated crystal lattice. The present theory suggests that the transition state might
be considered as being a physical restriction in dislocation long-term strength. In the
context, a threshold dragging stress as a function of uniform strain resistance is di-
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rectly related to elastic (shear) stability of a dislocated crystalline lattice, line tension
(excess energy), velocity and density of sliding dislocations.

« The findings obtained are in reasonable agreement with strain rate change and
stress relaxation measurements, test findings and isothermal observations, which are
suggestive of the cluster-like complexes. In summary, therefore, the present theoreti-
cal study will hopefully stimulate further experimental investigations which could
lend a better understanding of the mechanisms responsible for the formation of dis-
location creep resistance and long-term strength in metal crystals. The present newly
developed diagnostic approach is believed to provide a physical basis not only for a
proper understanding of dragging effects but also for alloy development. The pro-
posed method can be expected to be appropriate in describing the creep behavior of
metal alloy systems as a starting point for further development of the rapid-harden-
ing and creep-resistant alloys with a minimum of localized shear effects.

Within the framework of mesoscopic (structure-energetic) concept of localized
shear, a first-order physical theory of useful long-term strength (ULTS) based on an
analytical dislocation model of time-dependent microyield resistance has been ad-
vanced for so called excess point defect-solute structures with different physical ki-
netics of mobile defects below the macroscopic yield stress. In the pre-yield region
theory predicts a potentially useful measure of long-term strength preventing a pre-
mature fracture. The quantitative (dislocation) criterion of ULTS is formulated to
describe a subcritical transition from structurally uniform sliding to localized shear
strain. It connects a threshold drag stress as a function of strain rate with elastic
(shear) stability of a crystalline lattice, excess energy, velocity and density of sliding
dislocations as well as their linear tension in the stress field. The theoretical calcula-
tions of dislocation strength influenced by elastic fields of dislocations produced by
mobile pair defects with excess vacancies are in a reasonable agreement with the
original and published experimental data. The approach proposed is the most valid
for precise measurements when tested under the conditions of constant structure and
changing strain rate as well as for stress relaxation tests and constant load creep test-
ing. The analytical tractable solutions could be expanded to promising metal alloy
systems as a starting point for further development of the newly developed alloys
with minimum localized shear effects. Such an approach indicates decisive role of a
localized shear in the structural preparation of the premature fracture.
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10.1. Premises. Progress beyond
the State-of-the-Art Research

Analysis of ongoing magnesium alloy development activities thro-
ughout the world indicates current efforts in the development of
die casting alloys with improved elevated-temperature properties
and with acceptable cost to the automobile industry. Nevertheless,
the current commercial magnesium alloys of the Mg—Al and Mg—
Al—Zn systems making up the bulk of those used in automotive
industry do not exhibit creep resistance while maintaining die cas-
tability and room temperature strength.

Two groups of structural magnesium alloys are being devel-
oped in industrial use to meet requirements for further develop-
ment of technical progress [306, 307]: (i) high temperature-strength
magnesium-based alloys containing Y, Sc and RE as alloying ele-
ments for high-loaded parts in aircrafts, helicopters, automobile
engines, etc.; (i) high creep-resistant, light and low cost magnesi-
um alloys for automobile, radio engineering and other dynamic ap-
plications.

Expensive RE-Containing Magnesium Alloys

The first group of these alloys of the Mg—Al—RE and Mg—AIl—Si
systems offer borderline improvement in creep resistance but the
cost and poor die castability are their main disadvantages. Besides
the Mg—Al—Ca and Mg—Zn—AIl—Ca systems, other patented
experimental alloys also contain expensive RE additions [308]. In
order to expand magnesium application into crankcase and engine
block operating at temperatures as high as 443-473 K, the addi-
tional alloy age by RE could be required. An alloy designated MEZ
and containing typically 2.5% RE, 0.35% Zn and 0.3% Mn was de-
veloped by Magnesium Electron Ltd. This alloy exhibits creep re-
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sistance significantly better than that of AE42 alloy at temperatures in the range of
423-448K under loads of 45-60 MPa. However, it has very low ductility and maxi-
mum strength at room temperature, which can restrict its application. Nevertheless,
MEZ alloy is still being evaluated by some users [306, 309]. Another example is re-
lated to alloy ACM522 based on AM50 alloy added with 2.5% Ce-based mish-metal
and 2% Ca. This alloy was developed by Honda R&D Co and is already in industrial
use for production of oil pans for Honda’s 1-liter engines for “Insight” hybrid cars
with fuel consumption of 35 km per liter. It was demonstrated that this alloy exhibits
creep strength in the range of 423-473 K similar to that of aluminum alloy A384.
However, in addition to rather high cost, it has very low ductility (2-3%) and impact
strength (4-5 J), which can restrict its application. Moreover, the presence of 2% Ca
in this alloy can lead to hot cracking problems in components with variable wall
thickness and more complicated shape than in specially designed oil pans with wall
thickness in the range of 2.5-3 mm [307, 309].

A relatively high contents of Y (up to 4 mass%) and Zn (up to 1 mass%) cause the
splitting of dislocations into partials where this mechanism is rate-controlling to de-
crease stacking fault energy in a-Mg matrix considerably. Stacking faults and partial
dislocations accommodate thermal stresses arising during cooling down of the
squeeze cast MgY,Zn1Mnl alloy.

Low Cost RE-free magnesium alloys

Taking into consideration seller’s prices for REs, which restrict their
adoption in a mass production, aerospace-, acoustician- and car-designers are inter-
ested in development of the second group of lower cost, high creep-resistant, and
light structural materials not containing RE in order to use them in dynamic applica-
tions where a low moment of inertia, good static stiffness and high resistance to de-
formation at elevated temperatures are essential.

For creep-resistance forming magnesium, a suitable element is calcium, which
has shown to have an excellent strengthening effect in the binary Mg—Al alloys de-
pending on the Ca/Al mass ratio. The Ca addition, as a cheaper and lighter alternative
to RE, also contributes to high temperature properties. When this ratio is more than
~0.8, the GBs precipitates in both Mg,Ca and Al Ca result in considerable increase in
hardness. Moreover, increasing the calcium to above 2% improves castability by par-
tial eliminating hot-tearing. At the Ca/Al mass ratio less than 0.8 the creep resistance
in Mg—Al—Caalloys can be improved by suppressing the formation of the B-Mg Al ,
phase [310]. The Al,Ca compound stable at high temperatures is responsible for creep
resistance and beneficial effect of Ca in AX alloys (similar to AE 42 alloy with good
corrosion resistance) when 2-6 mass% Al and 0.6-1.0 mass% Ca are added to magne-
sium [310, 311] According to this invention [311], the creep-resistant magnesium
alloy has a creep extension of about 0.5% at 423K. Up to now, none of these experi-
mental magnesium alloys with Ca addition has yet led to a commercially efficient
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alloy. More work with the Mg—Al—Ca system is needed to optimize the composition
of magnesium alloys containing Ca for die-casting. The Mg—Al—Ca system should be
further investigated for optimum castability. However, in the range of investigated com-
positions and usual casting conditions Ca leads to an excessive hot-cracking and die-
soldering especially in the Mg—Al—Ca alloys containing small addition of Al and
above 1 mass% Ca. Subsequent addition of 8 mass% Zn causes improving the die casta-
bility but the creep properties were found to vary over a wide range [312].

The less expensive Mg-2...6% Al-0.25...5.5% Ca alloy with composition to give
Al Ca precipitation [313] has had die castability problems including hot-tearing
when prototyping an automatic transmission case. A subsequent version of the alloy,
Mg-Zn-Al-Ca has had promise in eliminating die cast problems [314] but the alloy
seems to work only in an extremely narrow composition range and to exhibit varia-
tions in properties as well.

Innovative Brand — Technology

The new cast alloys of the Mg—Al, Zn, Mn group such as commer-
cially available AZ91 D for high-pressure die casting with corrosion resistance im-
proved by the reduction in trace heavy metal impurities (Fe, Ni, Cu) have generated
a significant interest for aerospace and particularly the US automotive sector. How-
ever, these alloys have numerous drawbacks: poor mechanical properties above 393K,
variant with section thickness out cropping microporosity, lack of pressure tightness.
Expensive RE-containing magnesium alloys, in particular, high strength Mg—Y al-
loys are now available with usable long term properties to 523 K.

It is however recognized that the demands for improved power/drive system
performance and overall efficiency are ever increasing. To meet them, Magnesium
Electron Ltd (MEL) has developed a new family of alloys based on the Mg—Y—Nd—
RE system. Due to the proper combination of superior temperature stability, inherent
corrosion resistance, and excellent mechanical properties, the alloy considered most
suitable for aerospace applications is WE 43 (4% Y, 2.25% Nd, 1% HRE*, 0.6% Zn).
The envelope of long-term temperature capabilities has been increased to 523K. WE
43A-T6 competes directly with commonly used aerospace aluminum-based alloys
such as A355-T6, A3566, A201-T7 and A203 and can prove even better at elevated
temperatures, with a dramatic potential weight saving of around 30%. Exposures for
up to 10,000 hours at various temperatures up to 523 K have shown no significant
reduction in r.t. tensile properties, while tensile properties of A201 and C355 fall
quite drastically after long-term exposure.

In spite of the fact that magnesium has the lowest density and the best machina-
bility of all the engineering metals, it has only found restricted applications as an
engineering material due to limitations to the mechanical properties and corrosion

* Heavy Rare Earths, principally ytterbium, erbium, dysprosium and gadolinium.
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resistance. It is reported that the main factor affecting the mechanical properties of
more reactive magnesium alloys is the grain size. Novel material processes such as
enhanced directional as well as rapid solidification technology (RST) including Free
Jet Melt Spinning (MS) and Planar Flow Casting (PFC) expand the application of
wrought (extrusion) reactive magnesium alloys with enhanced properties provided
by structured refinement and solid solution extension. The strong correlation between
the grain size and the tensile yield strength is indicated by the Hall-Petch relation.

Rapid solidification processes (RSP) like Free Get Melt Spinning and PFC result
in a substantial microstructure refinement giving a considerable increase in the me-
chanical strength of the alloys. Rapidly solidified and then extruded AZ91 with addi-
tions of RE and silicon is characterized by week texture and a fine grain size of 0.3-1.0 pm
and particles size of 0.2-0.7 um (Mg Al ) and 30-70 nm (Mg-RE) dependent on
processing parameters like casting and consolidation conditions [315]. Rapid solidi-
fication technology is looked upon as a way of avoiding the limitations of traditional
metallurgy in metals and extensive research into aluminum alloys has resulted in
promising improvement of the properties.

The Research Center (France) and PECHINEY NORSK HYDRO (Norway) have
started a joint program with objectives to develop new magnesium alloys with high
strength and improved corrosion resistance using the RSP. Outstanding improve-
ments in strength at 473-623 K, equal compressive and tensile strength and excellent
corrosion resistance have been reported, in particular for new magnesium alloys of
Mg—Al, Zn, Zr, RE systems produced from raw materials like PFC tapes of 100 pm
thick and 12-15 mm wide and MS ribbons of 40 um thick and 5 mm wide using ex-
trusion conditions for RSP materials (ratio 40 : 1 and 20 : 1; speed of 0.14...2.40 m/
min). Nevertheless, these alloys have no potential for creep improving although ad-
dition of Si, for instance, keeps the grain boundary pinning effect up to 573 K.

Continued development has produced new products such as rapidly solidified
magnesium alloys of the Mg—Al—Zn—Nd system (EA 55) with tensile strengths up
to 550 MPa in the as-extrusion conditions. Rather low fracture toughness is improved
by a heat treatment which dissolves the precipitated Mg Al , in the structure. An-
other important benefit appears to be enhanced is corrosion resistance, offering the
prospect of producing alloys of the system with equivalent corrosion resistance but
higher specific strength than aluminum alloys.

In the periodic literature [316] it is reported that the same level of creep resist-
ance is observed in the RE-free Mg—Al 5-Cal alloys (AX51) at much lower cost due
to formation of new strengthening phase Al Ca. It should be pointed out that the
temperature interval of solidification is substantially wider for the Ca-containing al-
loy AX51 than for the RE-containing alloy AE42.

The intensive research program initiated by Volkswagen AG and DSM (MRI)
with the aim to develop low cost magnesium alloys led to the development of new
alloys designated as MRI 15X. They have a great advantage in creep resistance com-
pared to conventional alloys. In particular, they exhibit higher a.e. for creep than that
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of AS21 alloy (~1.72 eV against 1.63 eV) and creep resistance at 408 K under stresses
of 90-110 MPa superior to that of a commercial AZ91D and AS21. Moreover, the
newly developed alloys of MRI 15X series exhibit die castability, corrosion resistance
(of rate 0.09 against 0.11 mg/cm?*/day for AZ91D) and elevated temperature strength
similar or better than that of AZ91D, AE42 and AS21. Finally, MRI 151 and 153 al-
loys exhibit at 408 K under 85 MPa minimum (steady-state) creep rate & ~ 107 5!
which is lower than that of commercial alloy AZ91D (€ ~ 1077 s!) by an order of mag-
nitude. Nevertheless, all the above-mentioned developments seem to be suitable for
gearbox applications in the temperature range of 408-423 K.

Besides the Mg—Al—Ca and Mg—Zn—Al—Ca systems, other systems also con-
tain the expensive rare earth additions [317, 318]. The less expensive Mg—2...6Al—
0.25...5.5Ca with composition to give Al,Ca precipitation [317] had die castability
problems including hot tearing when prototyping an automatic transmission case. A
subsequent version of the alloy, Mg—Zn—Al—Ca has had promise in eliminating
die cast problems but the alloy seems to work only in an extremely narrow composi-
tion range and to exhibit variation in properties as well. Thus, more data have to be
generated on the present and newly developed types of alloys to confirm that magne-
sium product is a serious candidate for the desired applications (running gear, engine
blocks, etc.).

10.2. Newly Developed Magnesium Alloys
10.2.1. Background

The material selection for automobile design and mass production
is one of the most critical problems connected with competition for abundant inex-
pensive raw materials supply. Research on die-casting technology has reached a sta-
tus where in design studies the basic requirements for highly loaded materials have
been identified. The requirements for the affordable cost and good die castability of
new experimental magnesium alloys reduce possible options to alloying systems
which are coating Al and Zn as major elements and Mn, Si, Ca, Sr, RE as relatively
small additions [306]. Much progress has been made [306, 307] but, nevertheless, any
attempts to design magnesium alloy systems consisting of inexpensive alloying ele-
ments face some problems that concern definition of secondary processing issues
such as limited plasticity at r.t., decreased corrosion resistance, soldering with a mold
in a die-casting technology, welding and joining (enhanced diffusion binding) of
parts/products/panels constructed of them.

The new magnesium-based alloys of the Mg—AIl—Ca, X system which have
been developed in recent years for use as functional and structural materials in engi-
neering can perform well in engine and transmission cases [306-310]. They have at-
tracted attention due to their desirable engineering properties such as creep resist-
ance and long-term strength at elevated temperatures during long-term usage as well
as due to their greater potential for weight savings, for example, in automobile indus-
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try. No insurmountable problems have arisen so far. Nevertheless, up to now none of
these experimental magnesium alloys with additions of Ca has yet led to a commer-
cially successful alloy. More work with the Mg— Al—Ca system is needed to optimize
of the magnesium alloys composition containing Ca for die-casting. The Mg—Al—
Ca system should be further investigated for optimum castability. Furthermore, in
the range of investigated compositions and usual casting, addition of Ca leads to an
excessive hot-cracking and die-soldering especially in Mg— Al—Ca alloys containing
small addition of Al and above 1 mass% Ca [308]. Subsequent addition of 8 mass%
Zn causes improving the die castability but the creep properties were found to vary
over a wide range [312].

At the present time there is no commercial application of the new experimental
magnesium alloys although many components have been fabricated from them and
have performed quite satisfactorily in testing. Moreover, the commercial production
of the sound castings capable of being processed into uniform homogeneous micro-
structures is difficult in the case of a high degree of alloying. Thus, it is evident that
most of the future applications, for instance, in automobile industry are not realistic
with the currently available die casting magnesium alloys. Hence, additional funda-
mental and applicable research is required in all areas of magnesium production on
the basis of the synergistic effect of magnesium processing and alloy development in
order to substantially increase the use and application of magnesium alloys.

Unfortunately, no existing die casting alloy is well suitable for producing drive
train components operating at temperature higher than 403-423 K under 70-80 MPa.
Castability, creep resistance and stress relaxation are critical parameters. Besides, in
the case of high-pressure die casting/high volume production technique, the alloy
cost represents a significant proportion of the component cost and so becomes a ma-
jor restriction in the alloy development. It means indeed that the newly developed
alloys should be cost-efficient and cost-competitive with existing ones.

The main purpose of the present study is to develop new experimental die cast-
ing magnesium alloys of Mg—Al—Ca, X system with higher castability, considerable
creep resistance and higher long-term creep strength at elevated temperatures by car-
rying out their full-scale research, observation and testing standards driven to low-
cost application and mass production. With this provision, the alloys with superior
strength are expected to have superior strength in order to operate under a given set
of conditions namely at larger stresses and higher temperatures (70 MPa and 423 K).
To identify the rate-controlling creep mechanisms responsible for the power law and
thermally activated (Arrhenius) behavior, the alloys will be investigated in a wide
temperature range up to 523 K suitable for automotive power train, oil pump and
other advanced commercial applications.

Development of creep- and corrosion-resistant casting Mg—Al—Ca, X alloys
(referred to as “the developed alloy” hereafter) which must satisfy all of the following
requirements: (1) the yield strength of the developed alloy should be larger than 150 MPa
at r.t. and 130 MPa at 423 K; (2) the total creep elongation of the developed alloy
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should be less than 0.4% after exposure at 70 MPa and 423K for 200 hr; (3) the cor-
rosion rate of the developed alloy with an appropriate protection should be less than
0.1 mg/cm?*/day in salt-spray test; (4) a higher castability of the developed alloys,
which means combination of good fluidity and die-filling property of the melt and
sound microstructure without any solidification defect such as porosity, die sticking
and hot cracking, etc., should be much the same as for AZ91D; (5) development of
creep and corrosion-resistant casting Mg—Al—Ca, X alloys should involve composi-
tions not containing expensive alloying elements such as RE, etc., with nanophase
microstructures as well as, if needed, containing very small amount (‘about 0.1-0.3%)
of one of additions such as Y, Gd, Sr, etc.; (6) identification of rate-controlling creep
mechanisms responsible for the power law and thermally activated (Arrhenius) be-
havior of the alloys to be investigated in a wide temperature range up to 523 K for
automotive power train, oil pump and other advanced commercial applications.

The work is a continuation of the cooperative effort of the ICEMS, Ukraine and
the KIMS, Republic of Korea for the purpose of evaluating and comparing the creep
properties of newly developed magnesium alloys and of verificating their processing-
composition-microstructure-property relationships. To better understand solidifica-
tion structures and attain the stated final result, both research groups of Ukraine and
Korea aim to identify rate-controlling creep mechanisms responsible for the power
law and thermally activated (Arrhenius) behavior of the alloys in a wide temperature
range of 293-523 K to be used in automotive power trains, oil pumps and other ad-
vanced commercial applications.

10.2.2. Principles of Alloying

The main reason of slow introduction of magnesium alloys into the
automobile market is insufficient castability, high cost and insufficient reproducibility
of their properties. From the viewpoint of the Dead See Magnesium Ltd; and Volkswa-
gen A.G. joint research group, requirement of low cost along with castability problems
reduces possible options to alloy systems containing Al or Zn as principal alloying ele-
ments, with using Mn, Si, Ca, and Sr as relatively small additions as well as Ce or La-
based mish-metal [306, 307]. We believe that there are at least three approaches to
strengthening the phase (eutectic) component in the structure of a-Mg matrix: (i) to
change the nature of binary chemical compound, for example, high-temperature
strength Al Ca instead of unusable soft Mg Al , which softens at higher temperatures;
(ii) to eliminate the formation of Mg Al in the Mg—AIl—Ca system (Fig. 10.1); (iii) to
substitute one of the elements in soft Mg Al lattice with higher melting temperature
element and this way to strengthen the GBs by ternary magnesium-bearing phase.

The isothermal section of the Al—Ca—Mg system at 573 K was calculated using
published data [74]. Replacing the expensive alloying elements such as RE with Ca in
promising creep resistant and long-term strength magnesium alloys could lower their
cost, without impairing their mechanical properties.
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Fig.10.1. The equilibrium phase diagram: polythermal cross-sections of the
Mg—Al—Ca system at constant 4.5 mass% Al content [319]

In this work, a new approach will be made with Ca as an alloying element in the
Mg—Al—Ca system. To overcome the abovementioned disadvantage of the system,
the now-how Ca/Al ratio has to be changed (with simultaneous increasing the Al and
Ca contents) as well as additional alloying components have to be chosen, fulfilling the
conditions for optimizing the novel compositions. Ca is selected as the second alloying
element, use of which for our approach is desirable as shown by thermodynamics, raw
materials situation and our extensive work in the field. As a new addition to the creep-
resistant and high-strength magnesium alloys of Mg—Al, Ca, X system, Ca provides an
excellent combination of creep performance and castability due to enhancing the con-
tribution of eutectics with negligible mutual solubility of components.

A sufficient amount of Al in the magnesium alloy melt is considered to provide its
good die-castability properties. At the same time formation of eutectic corrosion-re-
sistant Mg Al | intermetallic results in decreasing the creep resistance. As well-known,
replacing RE with Ca for magnesium alloys in Mg—Al system could lower their cost
without impairing the mechanical properties. The same level of creep resistance for AX
51 alloy in the Mg—Al—Ca system containing the strengthening phase Al Ca is pro-
duced at much lower cost than for AE 42 alloy containing RE (Ce) [310].

It has been found that the addition of Ca induces a noticeable strengthening effect
substantially modifying the microstructure after homogenizing treatments and reduc-
ing the solubility of Al through pinning of GBs by dispersoids of the ternary phase
Mg Al Ca . The resulting microstructure of magnesium matrix nanophase particu-
late-reinforced composite is able to optimize uncorrelated (thermal, electrical and
strength) parameters and cost efficiency. Optimum microstructural engineering in new
experimental magnesium-based alloys of Mg—Al, Ca, X systems of eutectic origin
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(with larger ratio of Al/Ca) and their MMC:s reinforced by SiC-nanoparticles as well as
methods of its control in rapidly and directionally solidified ingots are summarized and
analyzed using electron microscopy characterization of magnesium alloys [320].

Upon small-scale alloying magnesium alloys of Mg-Ti system exhibit large positive
values of enthalpy of mixing (16...30 k] / mole [321]), a tendency to clustering the struc-
ture of a-Mg solid solution and effective solubility on dislocations in the nonequilibrium
conditions of crystallization thereby overcoming a barrier of their solubility.

Novelty of the approach consists in developing physical principles of precision (on
atomic-energy level) alloying of Mg—Al—Ca matrix with promising additions having
a large positive enthalpy of mixing using processing technique of rapid solidification.
They are based on high sensitivity of the selected alloying elements such as Ti, Gd, and
Sr to the solidification/cooling rates. This makes it possible to overcome a potential bar-
rier of solubility in the nonequilibrium conditions and facilitates introducing in the
melt of additions insoluble in equilibrium conditions (Table 10.1).

Any die-casting process is succeeded by rapid solidification of a magnesium
melt, the rate of which varies within the limit of 313...333...373 K per sec. The relevant
dislocation structure formed in as-cast condition can be expected to interact only
with the fast-acting alloying elements which are able to trap dislocations in the non-
equilibrium conditions of crystallization. Original idea is to select those of them
which will be able to inhibit the initiation of critical dislocation density responsible
for deterioration of creep properties at higher temperatures and thereby to enhance
contribution of the refractory metal diffusion responsible for increase in heat resist-
ance. It is these alloying elements such as Ti, Gd and Sr that can do this having negli-
gible or low lattice solubility in hcp magnesium at elevated temperatures. Since AEs
exhibit high sensitivity to the high-speed treatment, they can be expected to increase
effective solubility (on structural defects) thereby extending limit of their solubility.
This effect is succeeded by essential pinning of moving dislocations with solute at-
mospheres by Cottrell’s harden-
ing mechanism [275]. Its activa- Table 10.1. EDXS analysis of elementary
tion in the stress field should composition of the fracture surface
minimize solute effects to in-  at 293 K for the tensile stressed
crease creep resistance and long- ~ Mg—12.5A1—1.3Ca—0.3Mn—0.1Ti alloy

term strength up ‘Fo 70 MPa at Element Mass% AL %
423 K for 200 hr with slow creep
rate at 107 s™". Mg 18.68 25.69
There are two bimetallic ma- Al 39.36 48.76
gnesium-based systems of diffe- Ti 0.28 0.19
rent kind with negative and posi- Cr 036 0.23
tive egthalpy of mixing. The vast Mn 40.02 2435
majority of them are formed in Fe 130 0.80
the systems with negative heat and ) '
s Total 100.00 100.00
enthalpy of mixing (e.g., Mg—
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Zn, — 4 kJ/mole; Mg—Si, -26 kJ/mole; etc.) due to the reduction of Gibbs free en-
ergy upon mixing to form solid solution or intermetallic compound [321]. A large
negative heat of mixing in the liquid characterizes a high glass-forming ability for
metallic alloys. At the same time the Mg—Ti system relates to positive heat-of-mix-
ing metallic systems which do not have a thermodynamic driving force and is char-
acterized by a large positive heat of mixing (16 kJ/mole) in both the liquid and solid
states according to the Miedema model [322].

As known, systems with a positive heat of formation (enthalpy of transformation
to standard elements) tend to favor “de-mixing” as well as to local ordering. For rea-
sons given, their formation requires very high cooling rates: local structure evolves
rapidly requiring mostly short-range diffusion and arrangements. However, rapid ki-
netics of Ti (Gd, Sr) microsegregation under a high-rate treatment is at variance with
the slow kinetics of the thermal and stress-induced decomposition. By doing so, the
mobile fluctuations of chemical composition promote the dislocation pinning. Un-
fortunately, in the study of the systems to date, convincing evidence is generally lack-
ing in establishing the exact extent of alloying of the atomic-level homogeneity. Mul-
ticomponent additions may change the value or even sign of the heat of mixing so
that their incorporation should be carried out on the segregation-level scale due to
the rapid solidification-induced dislocation structure. In order to alloy a pair of con-
stituent “immiscible” elements revealing little or no mutual solubility even in liquid
state up to very high temperatures, it is necessary to employ highly nonequilibrium
processing that overcomes a solubility barrier, for example, through a rapid quench-
ing route. In order to solve the problem in the multicomponent Mg—12.5A1—1.3Ca
containing 0.1-0.2 mass% Ti, the authors have used for the first time a processing
technique of rapid quench from solid phase rather than mechanical alloying which is
unsuitable for die-casting technology. Rapid solidification rate in the experiments
closely resembles that to be expected from die-casting procedure (up to 373 K/s).
Moreover, the approach provides the extent of atomic-level alloying with Ti, Sr, Gd,
etc. due to as-cast dislocation structure having binder and accommodation capacity
at the atomic segregation-level.

The Mg—X systems (where X—Gd, Sr) should be likened to those bimetallic
systems with particular thermodynamic properties seeing that the same causes pro-
duce the same effects. As one should expect, this approach is in agreement with the
well-known Le Chatelier-Braun principle of mobile equilibrium which is useful in
the linear thermodynamics of nonequilibrium processes [323]. According to [321],
Ti possesses the largest positive enthalpy of mixing (making up 16...30 kJ/mole for
bimetallic system Mg—T1i) and therefore is considered as insoluble alloying element
relative to hcp Mg. Nevertheless, we revealed 0.28 mass% (0.19 at%) Ti in magnesium
alloy using rapid solidification method (Table 10.1).
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10.2.3. Experimental Procedure

The newly developed alloys were melted in graphite crucibles using
an electrical resistance heating furnace and a special impeller designed in our labora-
tory to provide continuous stirring. The molten alloys were held at 1013 K and then
poured into a permanent copper mold.

The Mg—30Ca and Al—10 Sr master alloys were used as a ligature to different cast
alloys of the Mg—Al—Ca, X system. Mg—Al—Ca based alloys were prepared by melt-
ing stoichiometric amounts of the constituent elements in an induction melting fur-
nace (ligature) and then in an electric resistance furnace under flux (ingot casting) in an
argon atmosphere as well as CO, with 0.5 % SF to protect the melt from oxidation. The
actual chemical compositions were measured quantitatively by ICP atomic spectros-
copy and investigated with transparent electron microscopy (TEM), scanning electron
microscopy/energy dispersive spectroscopy (SEM/EDS) analysis, quantitative electron
probe microanalysis (EPMA), X-ray diffraction (XRD) techniques to identify the phas-
es in the Mg—Al—Ca, X system and to determine their compositions.

Thermal analysis was carried out in real time using measurement of the phase
changes involved in these systems under the rapid solidification (up to 100 deg. s™*).
The temperature range for the phase transformations and types of reactions to form
compounds were determined (Figs. 10.1 and 10.2, Table 10.1).

Our previous investigations of phase equilibria in the ternary Mg—Al—Ca sys-
tem studied by the DTA, EPMA and XRD methods have been resulted in construct-
ing the isothermal section at 423 K and polythermal sections at 4.5 and 8.5 mass% Al
Additions of Al and Ca were established to decrease the liquidus temperature of the
magnesium alloys from 923 to 711 K. It was shown that the three-phase region <Mg> +
+ <AL Ca> + <Mg Al > exists at 423 K with the corresponding two-phase fields and
temperature dependence of the homogeneity range of the a-Mg solid solution as well
as temperatures of the phase transformations which occur in the investigated system
(Figs. 10.1 and 10.2).

As reported in Ref. [324], creep rate decreases and long-term strength increases
with increasing rate of crystallization of the eutectics by a dispersion hardening mecha-
nism. Therefore, magnesium alloys were synthesized and produced under nonequilib-
rium conditions of crystallization at a cooling rate of about 333 K. sec™. Used as addi-
tions to cast different magnesium alloys based on Mg—Al—Ca—X system of eutectic
origin were Mg—30Ca, Al—10Ti and Al—10Sr master materials. The new experimen-
tal alloys were prepared by melting stoichiometric amounts of the constituent elements
in an induction melting furnace (additional alloys) and then in an electrical resistance
furnace under flux (ingot casting) using argon as well as CO, with 0.5% SF, to protect
the melt from oxidation. They were melted in graphite crucibles; the molten alloys were
held at 1013 K and then poured into the permanent copper mold ¢ 20 x 60-70 (mm).

Measurements of castability for magnesium alloys were carried out using an ori-
ginal installation (on the basis of induction vacuum furnace), which is encapsulated,
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pumped and filled with inert gas (99.998% Ar). During melting of an alloy of 50 g in
mass, the excess pressure of argon makes up about 0.2-0.4 atm gage. After melting
the liquid alloy is maintained during 10 min under the excess pressure, controlled
with an accuracy of 0.01 atm by precision manometer. The sample length is measured
(in mm) after its cooling to r.t. When comparing data obtained in the vacuum sec-
tion, casting temperatures should be in excess of 323 K (over liquidus curves) for all
the magnesium alloys under investigation [307, 314]. The results obtained are much
the same as compared with the result produced by using a complex U-shaped sample
in well-known Nekhendzi-Kuptsov’s method under the stabilized experimental con-
ditions: about 63 mm for AZ91D industrial alloy and 90 mm for Mg—12.5A1—
1.3Ca—0.28Mn—0.2 Ti alloy at the pouring temperature of 873 K.

The dislocation structures in as-cast magnesium alloys produced were charac-
terized by using well-known techniques [325-329] such as SEM. TEM, SEM/EDS
analyses, quantitative EPMA, as well as XRD techniques to identify the phases in the
Mg—Al—Ca, X system and to determine their compositions.

The standard XRD analysis of the new experimental alloys was performed using
a diffractometer DRON-UM1 with monochromatic CuK -radiation and monocrys-
tal of graphite as a monochromator located in the place of secondary beam. Stepwise
X-ray registration with angle step of 0.05° was employed for determination of lattice
parameters. Approximation of diffraction profiles was carried out through the pseu-
do-Foght function by means of LS-variation of their K-component angle position,
integral intensity, half-width and asymmetry. CIB programs package was employed
for more precise lattice parameters calculation. The correction of X-ray penetration
into the sample depth was taken into account. A peak-breadth analysis has allowed
X-ray evidence of the volume-weighted crystalline size and microstrain averaged all
over the coherence length perpendicular to the diffracting planes [326].

The precise XRD studies were carried out using a continuous drive diffractom-
eter to characterize the dislocation densities of a magnesium alloy before and after
small creep strain (up to 0.5%) for better understanding the rate-controlling creep
mechanism. In combination with a graphite monochromator as a filter providing the
divergence and width of beam to be up to standard 50 angular seconds and no more
than 0.15 mm, respectively, XRD measurement parameters (angle interval, step
length, etc.) as well as XRD peak-broadening analysis were employed to single out
lattice distortions. This is well-known advanced technique and its main features have
been reviewed in the textbooks [327, 328]. All data were collected by using CuK ra-
diation and by operating the X-ray diffractometer equipment in a step scan mode
with 0.01° in 20 per step. Under this provision, the peak width could be measured
with the accuracy of £0.01° in 2@. XRD patterns were taken from solidified ingots in
order to obtain all the diffraction peaks given by the indices of certain phase. Volume
ratio of phase compositions was estimated from the integrated intensities of the peaks.

Torsional experiments were performed on samples having a gauge length of 70 mm
and of 1 mm in diameter. The variation of internal friction, Q'(T), in magnesium al-
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loys as a function of temperature was studied in the range of 293-800 K by the free-
decay method as developed by Ke [330]. Discrete temperature spectra of internal
friction for magnesium and its alloys were recorded by using a relaxometer such as
inverted-torsion pendulum operating in the low frequency range (at 1 Hz) with con-
stant strain amplitude of 1 x 10~ in the mode of free-damping torsional vibrations.
As known, Q(T) background displaces an exponent, which is dependent on prop-
erties of mobile dislocations in the bulk solid solution so that high temperature internal
friction is independent of strain amplitude and appears to follow a law of the type:

Q(T) = Aexp(-U/ kT). (10.1)

The apparent activation energy (a.e.) of the internal friction is obtained by plot-
ting In Q' vs. 1/T, which gives a straight line, if Eq. 10.1 is obeyed due to some ther-
mally activated dislocation relaxation or diffusion-controlled dislocation relaxation
which are responsible for the energy dissipation. At wt = 1 the temperature depend-
ence of internal friction is described closely by the equation

Q'=AMf{to / (1 + T?°w?)} (10.2)

in which
T =1, exp(AH/ RT), (10.3)

where AM is the magnitude of relaxation strength, (AM =2 Q! ); w is the angular
frequency of the torsional pendulum when measured at 1 Hz and 7 is the relaxation
time,7,=h/kT_,whereT isthemaximum temperature ofan internal peak Q! ;
h is the Planck’s constant.

According to the Maxwell-Boltzmann concept, the relaxation time can be de-
scribed by the relation

T=(Azv)'exp(Q,_ / RT), (10.4)

where v is the frequency of atomic vibrations (=10s™); A is the entropy of activation
(z1); z is the coordination number of the lattice; Q_ is the a.e.
In this case, dislocation velocity is determined as

v, ~exp(-U/kT), (10.5)

where U is the a.e. for movement of a free lattice dislocation.

Eq. (10.3) gives T in terms of the a.e. AH and another constant of the material t,.
According to Eq. (10.2), the adjustable parameter AM is fixed to give agreement with
the experimental points for a single relaxation time. The a.e. is obtained by the well-
known method of measuring the peak shift position due to temperature change.

Amplitude-dependent damping attributed to dislocations [331] was measured
with increasing strain amplitude y up to 5 - 10" The binding energy E, for disloca-
tion-solute interaction was calculated from experimental data on amplitude-depend-
ent internal friction via the conventional form of the linear relationship between In
tga and 1/T, in which tga is the slope coefficient for straight line. These results were
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Fig. 10.2. Polythermal cross-sections of the Mg—Al—Ca system at constant
16.0 mass% Al content [319]

checked on using relaxation time 1 for depinning the lattice dislocations which is as-
sociated with temperature by the relation

1=1/v x exp(E, /kT), (10.6)

where E is the binding energy of a dislocation with a solute or a vacancy; 1= 10* s; ot =
=1; w< 10° s7'. Dislocation damping measurements were performed on as-cast mag-
nesium alloys in order to determine the binding energy between solute atoms and
pre-existing dislocations at temperatures ranging from 293 to 733 K.

Short-range tensile tests were performed at a constant cross-head speed giving
an initial strain rate of 10~ s™! at temperature of interest. Creep tests were carried out
in tension using a constant lever arm tester and a temperature averaging extensom-
eter, which employs a super linear variable capacitor to measure the strain. Cylindri-
cal tensile samples 3 mm in diameter and 25.4 mm gage length were machined from
as-cast material. The apparent a.e. for creep Q_was determined experimentally from
an Arrhenius relationship where the logarithm of the long-term creep strain rate is
plotted against the reciprocal temperature [332]:

¢.= Ao exp(-Q_/ RT). (10.7)

The values of Q_and stress exponent n are necessary to identify thermally acti-
vated (rate-controlling) mechanism in particular temperature and stress rate ranges.

The fracture surfaces of the test specimens were observed using a Hitachi S-2700
scanning electron microscope equipped with the Link-4 energy-dispersive X-ray sys-
tem to analyze the tensile fracture features. Microstructural observations were car-
ried out using optical microscopy, SEM and TEM techniques.
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To ascertain whether Ti used as the basic promising addition is an appropriate ele-
ment or not, three compositions were produced with the nominal Ti contents of 0.07,
0.1 and 0.2 mass% (Table 10.2). The Mg—Ti equilibrium is such that a classical solu-
tionising and ageing treatments are not appropriate. Specimens to examine by electron
microscopy were prepared using a satisfactory technique developed by Roberts. TEM/
SEM observations were used to reveal the resultant (amorphous, cluster-forming nano-
phased, and nanocrystalline) structure using a JEOL JXA-8200 for EPMA.

Particles formed by aging may be detected by observation changes in the direc-
tion of their moiré fringes [327] to obtain a dense distribution of nanoparticles stabi-
lizing the grain boundaries and the matrix of polycrystals. Nanoparticles as small as
20 nm in size may be identified by proper electron microscopic techniques. To deter-
mine the nature of nm dispersoids, selected area electron diffraction analyses were
made. Interplanar spacings were determined from SAD patterns.

Based on previous studies [60] and the results shown in Table 10.1, Figs. 10.1 and
10.2, the compositions of magnesium-based alloys were sorted for further evaluation
and temperatures were selected as the most desirable temperatures to compare with
operating temperatures in service. The procedure was applicable whether the product
was pure or contaminated. Chemical compositions of magnesium alloys were se-
lected as being the best for producing any likely nanoparticles. All alloy compositions
are defined in mass percents, unless otherwise stated.

The activation energies (a.e.) for dislocation creep resistance were determined
on the basis of previous experience with the present available method and by stand-
ard procedure.

Modeling calculations of the strain rate variations for dragging stress were exam-
ined theoretically to compare results obtained with pre-existing observations in hcp
metal alloy systems.

To check the strain-rate sensitivity in question, special experiments and meas-
urements were performed on hcp zirconium alloy of the Zr—Sn—Nb system with
evaluation of the nanoparticles effect by a dispersion strengthening mechanism.
Their crystal structures were characterized by TEM, SEM, and XRD analyses. These
resolvable pre-placement techniques were combined with the results produced by
electron-microprobe and X-ray analyses, Auger-electron, UV and X-ray photoelec-
tron spectroscopy techniques to carry out additional structural investigations, to
evaluate the alloying effectiveness in the resultant structure and to assess chemical
bond strength.

Selection-area diffraction patterns taken from the matrix and individual pre-
cipitates were photographed and measured. Thermal investigation was performed
using a Setaram Setsys DSC-1200 instrument. The DSC measurements were carried
out with heating and cooling rates of 2 and 10 °C/min from r.t. to 700 °C. More details
of the DSC experiments and their interpretation were reported in Ref. [340].

All samples with high creep properties at 70 MPa / 423 K, for example Noranda
Ltd. Co Magnesium Creep Resistant Die-casting Alloy (e, = 0.29% for 200 hr, Mg—
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5A1—1.8...2.28r; and &, = 0.44% for 200 hr, Mg—5Al—1.2...1.7Sr), were manufac-
tured using cold-chamber die-cast or ingot casting technique.

In accordance with “Metals Creep Test Method” adopted by the Ukraine legal
system as a standard, the instantaneous plasticity or “athermal jump of plastic” com-
ponent of elongation under initial loading (t > 0) was excluded from consideration.
Subject of research /by contract/ was creep resistance and hence creep strain rather
than athermal jumps of initial deformation (for tens of seconds) which do not de-
scribe the time dependent creep deformation during t up to 200 hr. We should accept
the fact. Unlike the ingot casting creep testing samples, no jumps can be expected
after die casting creep testing.

The fracture surfaces of the test specimens were observed using a Hitachi S-2700
scanning electron microscope equipped with a Link-4 energy-dispersive X-ray sys-
tem to analyze the tensile fracture features. Microstructural observations were car-
ried out using optical microscopy, SEM and TEM techniques.

XRD patterns were taken from solidified ingots in order to obtain all the diffrac-
tion peaks given by the indices of the certain phase. Volume ratio of phase composi-
tions was estimated from the integrated intensities of the peaks.

10.2.4. Results and Discussion

Microstructural Analysis

We believe that there are at least three approaches to strengthening
the phase (eutectic) component in the structure of a-Mg matrix: (i) to change the
nature of binary chemical compound, for example, high-temperature-strength Al,Ca
instead of unusable soft Mg _Al , which softens at higher temperatures; (ii) to elimi-
nate the lattice with a higher melting temperature element and this way to strengthen
the GBs by ternary (magnesium-bearing) phase (due to the formation of Mg Al in
the system of Mg—Al—Ca system; (iii) to substitute one of the elements in soft
Mg Al lattice with a higher melting temperature element and this way to strength-
en the GBs by ternary (magnesium-bearing) phase. In the present research the main
attention is given to magnesium alloys of the Mg—Al, Ca, X system of eutectic origin
as well as to discontinuous SiC (AlO,) particle-reinforced Mg-matrix composites to
be produced via different routes of advanced processing. The evaluated temperature
creep and specific strength properties appear to be significantly better (at the creep
limit of 65 MPa and 423 K) than that of the commercially available MgAZ91D alloy
with divorced eutectics (Dow Chemical Corp., USA).

Thermal analysis indicates that temperatures of phase transformations depend
on the chemical composition of new experimental magnesium alloys containing low-
cost AEs. The kinetics of their decomposition and bulk cooling under solidification
by crystallization is accessed at 333 K/s [250, 333]. By reason of the rapid solidifica-
tion during pressure die casting, the Mg—Al alloys such as AM50, AM60 as well as
AZ91D are affected by supersaturation of a-Mg solid solution in as-cast condition.
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Moreover, due to the divorced nature of binary eutectics, they are laminated to form
regions of highly supersaturated a-Mg adjacent to the GBs. This leads to an unstable
microstructure and extensive precipitation which continues for many hundreds of
hours. The slow kinetics of the thermal decomposition gives rise to keeping metast-
able a-Mg matrix solid solution and to decreasing creep resistance of commercial
Mg—Al alloys [334]. Addition of Ca under know-how ratio of Al to Ca [335] results
in stabilization of a-Mg solid solution in the Mg—Al—Ca alloy system. At the same
time, fast kinetics of segregation/desegregation restricts long-term strength at 423 K
for 200 h to the creep strength of 64 MPa. Nevertheless, alloying of magnesium with
a greater quantity of aluminum (up to 12.5 mass%) leads to an increase in its castabil-
ity (up to 30%). This allows using the family of magnesium alloys for manufacturing
the parts that are very difficult to cast. Besides, increasing the Al content (nearer to
eutectic point) leads to doubling the volume fraction of dispersed eutectic structural
component b-Mg Al | to be strengthened by third solute AE (Table 10.2).

The practical interest in microstructures of eutectic origin arises from the
chemical equilibrium of two phases, e.g. a-Mg and $-Mg Al ,, which are unaf-
fected by chemical decay [316, 336, 337]. Moreover, they have interfacial phase
bonding capable of effectively transferring the loading from phase to phase and to
call effect of natural eutectic strengthening. The microstructure of eutectic origin
compares favorably with their thermal stability due to formation during solidifica-
tion of low energy phase-to-phase states, which makes them good for creep resist-
ance. SEM observations (Fig. 10.3) exhibit different contrasts clearly visible in the
micrographs. It follows that the commercially available AZ91D alloy of the Mg—
Al, Zn, Mn system should be specified by divorced eutectic and laminated Mg—Al
solids solution (Fig. 10.3, a), and, as consequence, low creep strength at higher
temperatures.

The addition of Ca to some magnesium alloys can lead to the precipitation of
metastable or stable hcp thin (nano-scale) plates parallel to the basal planes of hcp
a-Mg matrix. They are likely to be very effective obstacles to cross-slipping basal dis-
locations at elevated temperatures up to 548 K [74]. They were identified in Mg—
Ca—Zn system both in as-cast and annealed conditions after solution treatment and
after creep at 423 K and 51 MPa (Fig. 10.3) as well as in rapidly solidified Mg—1Ca
after isochronal annealing up to 413 K.

Magnesium alloys of the Mg—Al, Mn system are known to undergo a solid-state
a-p transformation to produce continuous and discontinuous (disperse) precipita-
tion of the f-Mg Al | phase from a-Mg matrix. In our case, the soft, having low melt-
ing temperature (~367 K) p-Mg Al , is strengthened by refractory additions such as
Ca, Ti, Sr, etc. The presence of these AE-filled inclusions seems to have little effect on
the short-term (tensile) properties. Although the particles are not Orowan obstacles
for moving dislocations (at creep strain rates of 10 s™), they promote and can affect
stabilization of phase composition (Mg Al , Ca ). Moreover, the second phase par-
ticles appear to be fracture resistant and are not preferential fracture paths.
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i the GBs ternary Mg Al

Fig. 10.3. Denuded eutectic structure of as-cast Mg
AZ91D alloy with lamination of Mg-Al solid so-
lution (SEM, x750) (a); Misfit dislocations at the
semi-coherent interfaces of the Mg AZ91D—2 Ca
produced by creep at 64 MPa and 423 K for 51, hr
x80000 (b); SEM (x200) revealing distribution of
1,.xCa, phase in the Mg—
Al—Ca—SiC alloy (c). Insert: selected area electron
diffraction pattern taken from the Mg Al , Ca

| phase (bright reflections — from a.-Mg matrix)

Commercial AZ91D alloy of the Mg—Al, Zn, Mn system is characterized with
divorced eutectic and laminated Mg—Al solid solution (Fig. 10.3, a) and as conse-
quence low creep strength at higher temperatures relative to Mg— Al—Ca alloys with
a larger volume fraction of second component of eutectic (Fig. 10.3, ¢). Surface (mis-
fit) dislocations surrounding the precipitates, although poorly resolved, are indicative
of the partial coherency (Fig. 10.3, b). Replacement of the coherent interface of the
metastable (ordered) phase by a partially coherent interface of the stable phase is
expected to give rise to change in the mechanism of dislocation interaction, namely,

Table 10.2. Lattice parameters of a-Mg and -Mg Al , phases
in magnesium alloys of eutectic origin

a-Mg solid solution -Mg Al
Metal & P-MgAl, Standards
alloy system Volume for verification
a, nm c, nm a, nm .
fraction, vol%
Mg—12.5A1 0.31650 | 0.51454 | 1.05463 25.5 hcp Mg: sp. gr. P63/mm
Mg—12.5A1—1.3Ca | 0.31730 | 0.51574 | 1.05883 11.2 a=0.32093 nm
Mg—12.5A1—14 | 031724 | 0.51546 | 1.05883 142 |€=0.52112nm
Ca—0.3Mn-0.1Ti c/a=1.62375
c/a=1.633 (ideal value) [20, 21]
Mg—12.5A1—11.7 | 0.31735 | 0.51540 | 1.05633 11 Mg Al (sp.gr. [-43m)
Sr—0.3Mn—0.1Ti with bec lattice of a-Mn type:
Mg—125A1—1.3 | 0.31715 | 0.51528 | 1.05892 18.75 a=1.05438 nm [21, 22]
Ca—0.3Y—0.1Gd

Distortion of the Mg Al , lattice parameters makes of about 1.1%.
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from a cutting to by-pass (Orowan) mechanism. It can be seen that the advanced
microstructure is characterized by a more uniform distribution of the Mg Al Ca,
phase components with respect to conventional approach. Magnesium alloys of
Mg—Al—Zn and Mg—AIl—Mn systems are characterized by divorced eutectics. In-
crease in the strengthened f—Mg Al | volume fraction in magnesium alloys of the
Mg—Al—Ca system (up to 18.8 vol%) seems to cause an additional (natural) eutectic
strengthening (Table 10.3 and Fig. 10.3). It is noteworthy that the experimental mag-
nesium alloys especially those containing small additions of Y and Gd are phase-
stable at least up to 430 K (volume fraction of 18.8% at 293 K against 18% at 430 K for
Mg—12.5A1—1.3Ca—0.3Y—0.1Gd alloy). It is not at all essential to examine in de-
tail the observed dislocation structure in as-cast magnesium alloys following TEM
observations methods of internal friction with mechanical spectroscopy and ampli-
tude dependent damping involved.

General microstructural characterization of new experimental as-cast alloys X-
ray measurements of lattice parameters presented in Table 10.3 indicate the presence
of solid solutions in terms of a-Mg and $-Mg Al _ structural components, as claimed
by Massalski [338]. The data obtained are in a good agreement with the refined lattice
parameters for hcp Mg and its alloys in systems Mg—Al and Mg—Al—Zn [339]. It is
obvious that their lattice distortions are composition-dependent. It is very difficult to
elucidate the physical nature of the solid solutions because of complexity of deter-
mining factors that contribute to mutual solubility of solute and solvent atoms with-
out attracting the concepts concerning electron structure and relative valency rule.
Nevertheless, there is a tendency to contraction of the distorted lattices for the both
structural components (Table 10.3) thereby testifying to some interaction between
solute and solvent atoms. In any case, the relative valency and chemical affinity seem
to be important factors upon alloying magnesium with additions under investiga-
tion, as previously indicated [338]. Standard XRD analysis has revealed only two-
phase structure of eutectic origin consisting of decaying a-Mg solid solution enriched
with soluble AE as well as much more refractory p-Mg, Al _strengthened by the same
AE. Volume fraction of $-Mg Al , in new experimental magnesium alloys based on
the Mg—12.5A1—1.3Ca matrix ranges 11.2-18.8 vol %, if amount of the additional
AE such as Ti, Gd and Y does not exceed 0.1-0.3 mass% (Table 10.3).

Internal friction measurements

The internal friction of magnesium alloys under investigation was
measured as a function of their chemical compositions based on the Mg—Al—Ca
matrix. The results of the measurements are presented in Figs. 10.4-10.6.

Structural studies by mechanical spectroscopy (Fig. 10.4) yield a discrete tem-
perature spectrum of internal friction with a broad inelastic maximum of relaxation
origin, which may be decomposed into two main components produced by grain
boundary (GB) relaxation [60, 116]. The first peak at 460 K is associated with GB
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Fig. 10.4. Discrete temperature damping
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dislocation-induced relaxation while the second one at 480 K is attributed to GB sol-
ute segregation-induced relaxation. The experimental profile and experimental points
(around 460 K) of the broad maximum indicate that the same GB peak with a.e. of
about 1.3 eV appeared as those already found at 458 K and 483 K for doubly subli-
mated hcp Mg of high purity and for conventional hcp Mg, respectively [339, 340].
The width of the GB maximum of Q'(T) in the as-cast magnesium essentially
exceeds its theoretical value by reason of the existence of inevitable impurities in hcp

Table 10.3. Apparent background energy U, as a function of alloy composition

Alloy Mg— Mg—12.5 Mg—12.5A1—1.4 | Mg—4.9A1—0.28
composition Mg (99.96%) 1.5Ca Al—1.3Ca Ca—0.28Mn—0.1Ti Mn—1.85r
U, eV 0.30 0.47 0.66 0.57 0.54
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Mg. We have noticed that their segregation at the GBs seems to cause additional GB
segregation-induced relaxation at higher temperatures [161]. Therefore, the higher
temperature 483 K-peak within the maximum of Q'(T) seems to be a consequence of
the influence of inevitable impurities such as solute hydrogen and oxygen [60, 116].

The effect of the GB segregation-induced inelastic relaxation to some extent
masks the original GB dislocation-induced relaxation peak. Moreover, the existence
of relaxation time spectrum and grain-size distribution, which are typical for any as-
cast metal alloy system also changes intensity of the both original GB dislocation-
induced relaxation and GB solute segregation-induced relaxation.

Detailed structure consisting of GBs dislocations is vitally important in under-
standing GB sliding and creep properties of the magnesium alloys studied. Some
localized strain is apparent near the interface between the a-Mg and -Mg Al
phases (Fig. 10.3, b). The evidence for GB sliding is derived principally from damp-
ing measurements (Fig. 10.4) according to the model of viscous sliding in analogy
to the GB sliding suggested for polycrystalline fcc Al [341] intensity of GB disloca-
tion-induced relaxation determined by density of GB dislocations [161, 341]. In-
troduction of calcium is succeeded by effective suppression of the both types of GB
relaxation in magnesium alloys of the Mg—Ca and Mg—Al—Ca systems (Fig. 10.4,
curves 1, 2, 3 and Table 10.3). The process is completed by blocking GB dislocations
and GB strengthening because of thermal and stress-induced segregation of calci-
um on GBs.

It is significant that additions of Ti and Sr with negligible and limited solubility in
hcp Mg, respectively, shift their transition points to the high-temperature background

Table 10.4. Binding energy E, as a function of alloy composition

Alloy Mg—12.5 Mg—12.5 | Mg—12.5Al—1.4Ca— | Mg—4.9A1—0.28
composition Mg (99.96%) Al—1.2Ca Al—1.3Ca 0.28Mn—0.1Ti Mn—1.85r
E,eV 0.21 0.32 0.50 0.27 0.21
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of internal friction (Fig. 10.4, curves 5 and 6) demonstrating essential increase in ther-
mal resistance (approximately by 393-433 K). Thus, their segregation on dislocations
extends temperature ranges of existence of thermally stable microstructure.

The approach gives rise to elucidation of the physical nature of titanium beneficial
effect, which is attributed to the occurrence of limited-mobility dislocations in the high-
stress regime. These notions are supported by experimental observations including the
ADIF measurements (Figs. 10.5 and 10.6), discrete temperature spectra change (Fig.
10.4), XRD analysis (Figs. 10.8-10.10) and repeated (serrated) yielding (Fig. 9.11).

Following the ADIF data (Figs. 10.4 and 10.5) for magnesium alloys containing
0.1% Ti and 1.8% Sr, the procedure reveals temperature of the Cottrell’s atmosphere
condensation on dislocations (T, ~ 453-473 K), which divides regions of the ther-
mally activated pinning (at lower temperatures) and the thermally activated depin-
ning of dislocations from the solute atmosphere (at higher temperatures). It is evident
that pre-existing dislocations typical for as-cast structure have already been pinned
upon rapid crystallization seeing that tga ~ const at lower temperatures T < T (Figs.
10.5, curves 1-4 and 10.6, curves 1-6). In the lower temperature range where disloca-
tion relaxation is the dominant rate-controlling mechanism, and time-dependent
microdeformation is controlled by dislocation creep, microstructural changes in as-
cast microstructure are succeeded by thermal stabilization of a-Mg solid solution
upon additional alloying with Ti and Sr. It follows that Ti and other similar atoms
(Table 10.4) interact preferentially with pre-existing dislocations with binding energy
E, which is large enough to maintain the dislocation atmospheres at temperatures
lower than certain of the dense atmosphere condensation, T, different for various
magnesium alloys.

This should be considered as indication of some limited dislocation activity due to
pinning the dislocations by Cottrell's mechanism with formation of dislocation atmo-
spheres. Jerky flow in Ti-containing magnesium is observed during tensile tests. With
this provision, regular serrations are certain to occur in the temperatures range of 403-
523 K. Microsegregation of the AE such as Ti and Sr occurs during rapid solidification
and continues under cooling and even subsequent heat treatment by analogy with oth-
er nonequilibrium metal alloy systems with well-defined short-range order.

Thermally activated dislocation depinning is certain to occur with increasing
temperature T > T (Figs. 10.5, curves 5-7 and 10.6, curves 7-12). The statement is
supported by the increase in tga with increasing temperature. At higher temperatures
T >T, the atmospheres begin to decompose by the depinning dislocation mechanism.
In any case, for as-cast microstructure with decaying a-Mg solid solution, the appar-
ent a.e. calculated from high-temperature Q' background data (Fig. 10.4, insert and
Table 10.3) are in good agreement with the a.e. obtained for f-Mg Al , precipitation
reaction at elevated temperatures [342, 343].

The principal part of the discussion is therefore concerned with the Q' (T)
changes which occur during successive alloying with the additions under investiga-
tion. Detailed structure consisting of GB dislocations is vitally important in under-
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Fig. 10.7. Typical dislocation structures formed in the bulk a-Mg grain (a) and near the interface
of the Mg Al Ca, phase (b) of as-cast alloy of Mg—Al—Ca system produced by rapid solidifica-
tion technique

standing GB sliding and creep properties of the magnesium alloys studied. Some lo-
calized strain is apparent at the interface (Fig. 10.7, b). The evidence for GB sliding is
derived principally from damping measurements (Fig. 10.4).

The experimental profile and experimental points (around 458 K) of the maxi-
mum in hep Mg (Fig. 10.4, curve 1) seem to follow GB inelastic relaxation, which is
very similar to that already found for the GB peak in doubly sublimated hcp Mg of
high purity at 1 Hz [339]. The height of the GB Q™! maximum is approximately pro-
portional to the GB dislocation density. This maximum is thermally activated and
characterized by the a.e. of 1.3 eV. GB contribution of the dislocations to GB sliding
is totally suppressed in Mg—Ca alloy.

In the periodic literature [339, 340, 344, 345] discussion is essentially based on
correlation between the GB relaxation and the intrinsic GB sliding. It has been previ-
ously shown that GB internal friction in hcp Zn resolved in two components is as-
sociated with diffusive motion of GB dislocations. A similar interpretation was used
to explain the features of GB dislocation-induced relaxation and GB solute segrega-
tion-induced relaxation in hcp Mg (Fig. 10.4). Detailed considerations of the two
mechanisms of damping are reported in other papers [340, 345]. The mechanism of
extrinsic GB sliding discussed so far is consistent with the analysis of the GB relaxa-
tion phenomenon occurring along GBs and with the real origin of the new kind of
GB relaxation observed (Fig. 10.4). It should be pointed out that the first broad Q"
(T) maximum is overlapped by some small peaks of the dislocation origin, answering
the description of Fig. 10.4 (curve 1) in internal friction measurements.

Following the data of mechanical spectroscopy [344], two GB peaks are found to
be present in the temperature-dependent damping spectrum of the Mg-3%N:i alloy.
First of them is ascribed to thermally activated dislocation relaxation, while second
Q!(T) peak seems to be attributed to the GB solute relaxation.

Softening effect of grain boundary sliding in hcp Mg polycrystals arises in the
stress-temperature ranges of interest for automotive applications. Furthermore,
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precipitation from the saturated a-Mg solid solution is succeeded by deterioration of
their properties during creep. These two main effects are the most likely to decrease
creep resistance and long-term strength of magnesium alloys in the Mg—Al—Mn
and Mg—Al—Zn systems. It is considered that in order to design for good creep re-
sistance, the recovery and softening effects should be minimized. Poor creep resis-
tance of hcp Mg is enhanced by increase in macroscopic sliding due to the existence
of relaxing GB dislocations in Mg polycrystal. The apparent complexity of the grain
boundary internal frictional maximum for hcp Mg (Fig. 10.4) seems to preclude a
detailed description of the dissipation mechanism. Nonequilibrium grain boundaries
provide a large number of excess dislocations for slip [346, 347]. GB dislocations and
back stress were used to account for large stress-exponent n = 2...5. Following the
calculated data, the solutes in the GBs effectively retard the GB dislocation-induced
relaxation (Fig. 10.4) thus significantly decreasing both the minimum creep rate and
creep strain, as one should be expected.

Microchemistry-microstructure-property relationships

Before proceeding to presentation of the approach it should be
pointed out that XRD data considered here are limited to the analytic potentiality of
the XRD method, as is clearly shown in Figs. 10.8-10.10. In particular, some lines (for
example, line of Ti at 38°, etc.) on the XRD patterns have disappeared (Figs. 10.9 and
10.10). In addition, the traces of another phase are observed as four lines with reflect-
ing angles 30.6°; 34.8° 37.7° 38.3°. In some samples the 34.8° peak is imposed on the
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Fig. 10.8. XRD patterns in the relative intensity, % — 20, deg coordinates for the Mg—12.5A1—
1.4Ca—0.3Y alloy: (I) as-cast state (deformation-free head) and (2, 3, 4) after total creep strain
0.3% (2 generatrix) 0.5% (3 generatrix), and 0.5% (4 neck) under tensile stress 70 MPa at 423 K
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Fig. 10.9. XRD patterns of the Mg—12.5A1—1.4Ca—0.28Mn—0.1Ti alloy:
(1) as-cast state (deformation-free head), (2) after total creep strain 0.37%
under tensile stress 70 MPa at 423 K

(002) peak of hcp Mg lattice. These additional lines may be identified within the
framework of hexagonal cell with a = 0.2770 nm and ¢ = 1.6454 nm or of orthorom-
bic cell with a = 0.2770 nm; b = 0.2921 nm; ¢ = 1.4100 nm. In such a case, it is very
difficult to carry out a thorough XRD analysis and to obtain exact structural determi-
nations regarding the behavior of almost insoluble Ti in hcp Mg by analyzing XRD
evidence only. In a word, we cannot detect decomposition of a-Mg solid solution at
its early stages and to analyze behavior of small additions by reason of limited accu-
racy of XRD analysis. At the same time Q™' experimental technique is capable of improve-
ment in accuracy. In fact, the damping measurement (Figs. 10.4-10.8; Tables 10.3 and
10.4) is a true reflection of the observed behavior of magnesium alloys in the Mg—
Al—Ca system containing small additions of Ti and Sr.

Using the precise XRD, the authors succeeded in obtaining the data on micro-
structure changes and progressive phase transformations arising during small creep
strain at 423 K under tensile stress of 70 MPa for magnesium alloys in the Mg—Al—
Ca—Y system. The idea of stress-induced strengthening is supported by XRD analy-
sis of a microstructure after creep strain (Figs. 10.8-10.10). The observed ®-20 XRD
patterns of the Mg—12.5A1—1.4Ca alloy with addition of 0.3Y taken in the angle range
18° < 20 < 80° from specimen in as-cast (unstrained) condition (1), after creep strain
0f 0.3% (2), in the region excluding necking as much as 0.5% (3), and in the neck after

178



10.2. Newly Developed Magnesium Alloys

* = Wiy (1001

= e Rl (OIS

. ]
Wl i 10104

‘ : £ 4 -*-—-=—\._J"u_,}

'-'IJ _"il'l -l-fl Ll () T 0 S Gl T'I

20, deg 28, i!LL

a b

Fig. 10.10. XRD patterns of the Mg—12.5A1—1.4Ca—0.28Mn—0.1Ti alloy: (I) as cast state (de-
formation-free head), (2, 3) after total creep strain accumulated during long-term test for 200 hr
under tensile stress 70 MPa at 423 K (3 generatrix and 4 cross-section)

creep strain of 0.5% (4) are illustrated in Fig. 10.8. As seen from this figure (curves
1-3), in case the creep strain does not exceed 0.4%, no change in its phase constitution
and lattice distortion (dislocation) density appears to occur.

As a matter of fact, the authors observe actual coincidence of the diffraction an-
gles for most reflections, slight redistribution of their observed intensity and insig-
nificant change of their half-width as a measure of the physical state upon deforma-
tion. Undoubtedly, the stable behavior of the Mg—Al—Ca—Y alloy before its neck-
ing is supported by strong resemblance of X-ray lines for specimens in unstrained
and creep strained conditions. By contrast, in case the necking occurs, the existent
XRD peak positions are displaced and broadened and the new XRD pattern appears
in the neck region (curve 4, see arrows). Shifting of the diftraction lines (1 > 2 > 3)
characterizes continuity of the stress-induced solid solution disintegration succeeded
by phase transformation in critical point (4). This implies that the constant stress-
induced creep at such a small isothermal strain (0.4% € up to 200 hr) is controlled by
saturation of dislocation density because of the preferential contribution of lattice
distortions (stored energy). Its critical value is a criterion of plastic instability at 0.5%
e. According to the findings and notions, the widening of existent reflections testifies
to dislocation density growth and stresses level increase while the displacement and
appearance of new reflections testify to phase transformations [327, 328]. It is obvi-
ous that peak-broadening of all the lines and their shifts in XRD pattern (4) relative
to ones (1-3) seems to interconnect not only with solid state phase transformation
(essential change of phase composition), but also with increase in dislocation density
during creep strain up to 0.5%. It can be seen that ever-increasing amount of stored
energy because of lattice distortion broadening is accumulated upon deformation
while no essential change in crystalline size broadening appears to occur at such a
small creep strain. Hence, peak broadening is entirely due to lattice distortions.
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Development of creep strain at 423 K and 70 MPa is succeeded by saturation of
critical lattice distortion (dislocation density) under tensile loading and, as conse-
quence, dynamically unstable decomposition of a-Mg solid solution to initiate the
tensile-stressed disperse phase transformations. Especially it is very clearly seen in the
neck region that the plastic instability arises from creep strain of 0.5% (Fig. 10.8, curve
4). Thus, useful long-term strength is controlled by the critical time before building-up
the neck under combined (three-axial) tension, which is responsible for starting of the
accelerating stage of creep. In such a case, the stable microstructure of the magnesium
alloy based on Mg—Al—Ca—Y system is destroyed because of creep strain which is
localized due to the necking in plastic instability condition. Reflections of unknown
phase under 20-36° (curves 1, 2, 3 Fig. 10.8) and 20-38° (curve 2, Fig. 10.9) angles
corresponding to the lattice spacings 0.247 and 0.237 nm, respectively, are observed.
They fit neither a-Mg nor f-Mg Al , phase (Figs. 10.9-10.13).

The Mg—Al—Ca—Y and Mg—Al—Ca—Ti alloys exhibit significantly different
behavior upon being creep strained. It is appropriate to compare the plot in Fig. 10.8
with ones shown in Figs. 10.9 and 10.10. XRD pattern of Mg—12.5A1—1.4Ca—0.28
Mn—0.1% Ti in as-cast state demonstrates the presence of many X-ray lines of small
intensity, which may be connected to some insoluble quantities of second phase par-
ticles that are not observed after creep strain. It follows that the over-alloyable tita-
nium atoms seem to be solved in a-Mg on the structural defects, namely dislocations,
which could be chemically bound with solute atmospheres by Cottrell’s hardening
mechanism. In Fig. 10.9 XRD pattern shows additional X-ray lines (0002) and (1011)
near the reflection angles 20-38° and 40°, respectively. They are likely to be caused by
the presence of an additional phase as a result of over-alloying. It should be under-
lined that after strain the lines (0002) and (1011) disappear by reason of the phase
dissolution with increasing the strain-induced dislocation density. The results ob-
tained are in a good agreement with the amplitude-dependent internal friction data
(Fig. 10.5), which is in favor of pinning the dislocation structure with binding energy
of about 0.3 eV (Table 3). Low dislocation mobility requires a higher driving stress for

—~ NGO

25 30 35 20, deg

Fig. 10.11. XRD patterns in the relative intensity, % — 26, deg coordinates for the Mg—12.5A1—1.4
Ca—0.3Y alloy: (1) as cast state (deformation-free head) and (2, 3, 4) after total creep strain 0.3%
(2, generatrix), 0.5 % (3, generatrix) and 0.5 % (4, neck) under tensile stress 70 MPa at 423 K
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Fig. 10.12. XRD patterns of the Mg—12.5A1—1.4Ca—0.28Mn—0.1Ti alloy: 1 — as-cast state (de-
formation — free head); 2 — after total creep strain 0.37 % under stress 70 MPa at tensile 423 K
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Fig. 10.13. XRD patterns of the Mg—12.5A1—1.4Ca—0.28Mn—0.1Tij alloy: I — as cast state (de-
formation-free head); 2, 3 — after total creep strain accumulated during long-term test for 200 hr
under tensile stress 70 MPa at 423 K (3, generatrix and 4, cross-section)

creep strain to occur without any phase transformations. Promising alloying ele-
ments such as titanium which possesses effective solubility on structural defects in a-Mg
(Fig. 10.4, curves 6 and 3) are capable of binding moving dislocations and thereby to
play the role of traps delaying the formation of critical dislocation density during
creep deformation as long as 200 hr. There is an evidence that jerky flow (Fig. 9.11)
and other yield point phenomena trigger activation of the rate-controlling mecha-
nism [348, 333]. In the course of tensile tests, serrations typical for the Portevin-Le
Chatelier effect are observed in magnesium alloys containing Ti, St, and Gd additions
at a stress rate of about 10~ s™. The a.e. of the phenomenon which controls the ap-
pearance of the serrations is comparable to the vacancy migration energy (~0.8 eV),
while the disappearance of serrations is similar to the self-diffusion energy (~1.35 V).

It is noteworthy that jerky flow (the Portevin-Le Chatelier effect) occurs while in-
troducing AE such as Ti and the like with large positive heat (enthalpy) of mixing, AH .
For the Mg—Ti system AHm makes up 16 kJ/mole [349]. The measurable effect of jerky
flow is determined by the serrations on the smooth curve ¢ - € at ¢ = const (Fig. 9.11).
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Power creep law relation and thermally activated behavior

As well-known, temperature-dependent (Arrhenius) (Figs. 10.14
and 10.16) and stress-dependent (power law) steady state creep rate, £, is described
by the following relationship:

¢ = Ac"exp (-Q_/ RT), (10.8)

where Q. is the a.e. for creep; n is the stress exponent; A is a constant. The parameters,
nand Q, are related to the dominant (rate-controlling) mechanism of creep deforma-
tion, which depends on applied stress and temperature. Therefore, abrupt changes in Q_
and n may be found when changing the dominant creep mechanism. The experimental
results of tests at 423 K for all stresses (up to 90 MPa) show a reasonable fit to a straight
line with different stress exponents in the appropriate stress ranges (Fig. 10.14). Ac-
cording to [350], n is equal to 1...2 if diffusion creep is rate-controlling mechanism, n ~
3 for some solid solutions and n ~ 4...5 for many other alloys and pure metals. It is
thought that microdeformation mode below the macroscopic yield is controlled by
dislocation creep [351]. Alloys of Mg—Al—Zn, Mg—Al—Ca and Mg—Al—Ca—Y
exhibit a pronoun power law creep regime with no stress threshold to demonstrate
solid solution strengthening for AZ91D (o = 20-60 MPa) and Mg—12.5 Al—1.4Ca al-
loy (o = 30-60 MPa) (Fig. 10.14, curves I and 2). For Mg—12.5A1—1.5Ca—0.3Y alloy £
obeys the power low, € oo G" where n = 6 (Fig. 10.14, curve 3). Such values of the stress
exponent are typical for high temperature dislocation creep mechanism accommodated
most likely by solute diffusion of Y to the dislocations. Indeed, dislocations at the inter-
face control creep resistance following the power law at higher temperatures [350].
Temperature dependence of the creep rate is shown by the Arrhenius plots in
Fig. 10.14, curve 4. The slope of the straight line relationship multiplied by K (gas
constant) gives the apparent activation energy for creep, a.e. Q,, to be equal of about
0.8 eV for the magnesium-based alloy of the Mg—Al—Ca system at 64 MPa. Unlike

10
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E 107} 1 3 y Fig. 10.14. Dependence of measured stea-
s o dy state creep strain rate on the applied
i - stresses at 423 K (power law) for different
Y 10 e T magnesium-based alloys: AZ91D (Dow Che-
S s mical Corp., USA) (n ~ 3) (1), Mg—12.5
Al—1.4Ca (n ~ 2) (2), Mg—12.5A1—1.4
10k Ca—0.3Y (n ~ 6) (3). Insert: Arrhenius plots
20 ~40 60 80 100 in the power low creep regime for Mg—
o, MPa 12.5 Al—1.4Ca alloy with a.e. of 0.8 eV
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Fig. 10.15. Dependence of measured (steady state) creep strain rate on the applied stresses at 423 K
(power law) for different magnesium-based alloys: AZ91D (Dow Chemical Corp., USA) (n ~ 3) (1);
Mg—7% Ba model alloy (n, ~ 1 and n, ~ 3.2) (2); Mg—12.5Al—1.4Ca (n ~ 2) (3); 4 — Mg—12.5
Al—1.4Ca—0.3Y (n ~ 6) (4)

Fig. 10.16. Arrhenius plots in the power low creep regime for AZ91D alloy (1), Mg—7% Ba alloy
model with the averaged a.e. 0.48 eV (2) and Mg—12.5A1—1.4Ca alloy with a.e. 0.7 eV (3)

Al, Mn and Zn, alloying with Ca as a slower-diffusing substitution element enhances
contribution of the accommodated mechanism of GB-diffusion in segregated alloy
(Fig. 10.14, curve 2), thus increasing a.e. of diffusion from 0.3 to 0.4 eV (GB-self dif-
fusion in hcp Mg) to 0.7-0.9 eV upon additional alloying with Ca. It is important that
the value coincides with a.e. required for migration of vacancies. At larger stresses
(60-90 MPa) (Fig. 10.14, curve 3) creep strain rate for magnesium alloy of Mg—Al—
Ca—Y system is the most likely to be controlled by bulk (lattice) dislocation climb (n =
= 3-6). For reasons given, corrections to the chemical composition in the Mg—AIl—
Ca system was carried out to improve the solid solution strengthening and creep re-
sistance of the magnesium alloys in terms of new ratio of Al to Ca [335] and addi-
tional alloying with promising elements such as Ti, Sr and Gd.

Creep resistance and long-term strength

Up to now, none of these experimental magnesium alloys with Ca
addition has yet led to a commercially successful alloy. More work with the Mg—Al—
Ca system is needed to optimize composition of the magnesium alloys containing Ca
for die-casting. The Mg—Al—Ca system must be further investigated for optimum
castability. However, in the range of investigated compositions and usual casting con-
ditions Ca leads to an excessive hot-cracking and die-soldering especially in Mg—
Al—Ca alloys containing small addition of Al and above 1 mass% Ca. Subsequent
addition of 8 mass% Zn causes improving the die castability but the creep properties
were found to vary over a wide range.

Unlike an AZ series of magnesium alloys with divorced eutectics (AZ91D etc.)
(Figs. 10.15 and 10.16), alloys of the Mg—Al, Ca system with pre-precipitate (cluster-form-
ing) structure near GBs and stable/hard precipitates of nanoparticles Mg _Al , Ca_at
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GBs are expected to provide high creep resistance (at 423 K) and excellent creep frac-
ture strength (50-70 MPa) (Fig. 10.17).

The great advantages of new experimental alloys were revealed during creep
tests. As can be seen from Table 10.5 and Fig. 10.18, at 423 K under stress of 70 MPa
they exhibit creep strain which grows significantly less than that of AZ91D and AE 42
magnesium alloys. Furthermore, their creep rate (¢ ~ 10 s™') makes up the value
which is by two order of magnitude less than that of AZ91D alloy (¢ ~ 107 s™') at a
much less value of creep stress, 35 MPa. It is considered that in order to design for
good creep resistance, the recovery and softening effects should be minimized [352].
Shape of curves after tensile tests at r.t. and 423 K is found to be comparable with
shape of creep curve at 423 K (Fig. 10.18). This indicates that creep strain in the new
developed magnesium alloys based on the ternary Mg—Al—Ca system is accumu-
lated exhibiting deformation strengthening without recovery.

The significantly higher creep properties of magnesium alloy containing inex-
pensive additions of Sr (1.8%), Gd (0.2%) and very small addition of Ti (0.1-0.2%)
(Fig. 10.19; Tables 10.5 and 10.6) differ favorably from AE42 alloy containing expen-
sive additions of 2-3% RE that provides €, ~ 0.84% for 200 h at 423 K/ 70 MPa. Stress-

Table 10.5. Creep strain rate at 423 K as a function of chemical composition

i o Creep strain | Creep strength, Creep strain,
Alloy composition (destination) rate £, 5 MPa t, hr e %
AZ91D (Dow Chemical Corp., USA) 107 35 200 2.50
64 100 Fracture
Mg—12.5A1—1.3Ca 10°® 64 200 0.35
Mg—12.5A1—1.3Ca—0.3Y 108 70 48 0.40
Mg—12.5A1—1.3Ca—0.3Y—0.2Gd 1x107° 70 200 0.40
Mg—12.5A1—1.3Ca—0.3Mn—0.1Ti 1x107° 70 200 0.55
Mg—12.5A1—1.3Ca—0.3Mn—0.2Ti 1x107° 70 200 0.28
Table. 10.6. Dislocation creep resistance and long-term
strength of several RE-bearing magnesium alloys
Alloy composition, Creep strain | Creep strength ¢ hr Reql;iéea(iincreep

mass% rate £, s™' €, MPa ’ o

s g, %

AZ91D (Dow Chemical 1077 35 200 2.50

Corp., USA) 64 100 Fracture

Mg—12.5A1—1.3Ca 108 64 200 0.35
Mg—12.5A1—1.4Ca—0.3Y 10 70 48 0.40
Mg—12.5A1—1.3Ca—0.5Y—0.9Fe 4x107° 70 200 0.24
Mg—12.5A1—1.3Ca—0.3Y—0.5Fe 1x107° 70 0.21
Mg—12.5A1—1.3Ca—0.3Y—0.2Gd 1x107° 70 200 0.40
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induced effective solubility of a-Ti atoms on dislocations causes effect of self-strength-
ening for the inexpensive Mg—12.5A1—1.4Ca—0.3Mn—0.1Ti alloy thereby improv-
ing its useful long-term strength during creep strain at 423 K. Under such conditions
creep limit amounts to 70 MPa at creep strain no more than 0.5% and £ of about 10~ s™
during up to 200 h.

It is important to emphasize that long-term features exhibit some correlation
between creep strain rate ¢ and time to a given creep strain (Table 10.5, Figs. 10.14
and 10.18) for all alloys under investigation. Somehow or other ¢ level indicates their
survival probability. We abandon the idea that one should not carry out all the cycle
of creep testing (up to 200 hr) to save time and resources provided single rate-con-
trolling mechanism to operate. The proximate analysis unambiguously displays
source data as creep strain rate rather that time interval. It might therefore be ex-
pected that solute-induced dragging is the most probable rate-controlling mecha-
nism responsible for delaying the dislocation activity at the 10®s™ level. This assump-
tion is supported by the appearance of regular serrations on the smooth curve during
tensile test of magnesium alloy containing T, addition (Fig. 9.11 and Table 10.5) as
well as by dislocation damping investigations (Figs. 10.5 and 10.6).

10.2.5. Comparable Data Analysis

It is considered that the attractive magnesium alloy compositions
containing cheap elements with negligible mutual solubility with respect to a-Mg
cannot be produced using conventional ingot metallurgy due to excessive alloying
element segregations and the formation of coarse equilibrium constituent particles
which degrade mechanical properties. A further problem in the casting process is the
structural and chemical inhomogeneity of the engineering material which limits its
use as a dimensional stability product. Preliminary studies indicate that novel mag-
nesium alloys should be synthesized with unique combinations of microstructure
and properties using rapid solidification rate up to 373 K - s™.

Conventional alloys, for example, of Mg—Al, Zn, Mn (trademark AZ91D, etc.)
derive their high strength at r.t. from the solid solution or the precipitation mode of

3.5 | 150°C/64 MPa

3 -

£ 25 o Chomionl Covp

.g 2
Fig. 10.17. Summarized creep data foras- & 1.5 Modified
cast Mg AZ91D alloy and magnesium 1 AZIID2Ca Mg—Al—Ca—SiC
matrix composite material of the Mg— 0.5 Advanced AZ91D Tension Compression
Al—Ca—SiC casting system at constant N 7 ) ) X
creep temperature and constant creep 0 20 40 60 80 100 120
strength Time, h
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Fig. 10.18. Short-range and long-term properties of
the newly developed magnesium-based alloy Mg—
12.5A1—1.4Ca—0.3Y—0.2Gd: creep curve at 423 K /
70 MPa for 200 hr (1), typical tensile strain-stress curve
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Fig. 10.19. Creep curves for magnesium alloys containing
titanium: Mg—12.5A1—1.4Ca—0.3Y—0.07Ti (1), Mg—
12.5A1—1.4Ca—0.28Mn—0.1Ti (2), and Mg-12.5A1—1
.3Ca—0.4Mn—0.2Ti (3)

dispersion strengthening, howev-
er lose much of their long-term
strength and creep resistance when
exposed to temperatures above
393 K. Moreover, conventional
melting and casting techniques
are unsuitable for making disper-
sion-strengthened materials be-
cause the disparity in density bet-
ween matrix metal and dispersoid
leads to segregation in the melt.

One of the problems associ-
ated with using precipitation/dis-
persion strengthening by Orowan
loop and bypass-mechanism re-
sults from the difficulty in pro-
ducing a dispersion of small, hard,
closely-spaced incoherent parti-
cles on the base of employing
normal ingot casting procedure.
The inherently slow ingot solidi-
fication rates enhance the pre-
cipitation of coarse particles which
lower ductility and fracture to-
ughness with increasing particle
size when the volume fraction is
constant. Another problem is em-
brittlement which accompanies
this strengthening method.

It stands to reason that additional alloying of the commercially available Mg—Al, Zn,
Mn system by strengthening additions of calcium in combination with clustering a struc-
ture whose strengthening clusterization of the structure of the extended near GB solid so-
lution by the assembly mechanism demonstrates further increase in the creep resistance
for the commercial grade Mg AZ91D produced by the rapid solidification technique.

Superimposing of electronic field improves the macro- and microstructure of
well-known magnesium alloys differing in lamination of solid solutions, liquation,
and other compositional or structural defects [353]. Its modifying effect is due to the
increase in the centers of forced crystallization and impediment of linear rate of crys-
tallization. This results in essential refinement and enhancement of homogeneity of
the solidified structure with a lower level of anisotropic properties.

Considerable experimental effort over the world is being expended on develop-
ing long-term strength structural magnesium alloys containing, as a rule, light ele-
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ments to operate in the transport (automobile, powertrain) industry at higher useful
temperature and larger stresses. By using computer modeling, TEM, SEM, XRD, Au-
ger-electron and mechanical spectroscopy as well as all-the-round creep tests, struc-
tural and thermoactivation analyses were carried out to account for the fundamental
characteristics of creep-resistant materials and to analyze the rate-controlling mecha-
nisms responsible for temperature dependence of their pre-yielding and strengthen-
ing. To compensate the useful RE-effect in expensive prototypes, a family of cheaper
magnesium alloys in the Mg—Al—Ca, X system were developed for higher tempera-
ture dynamical applications. Of the main interest in magnesium for the automotive
and aeronautic industries is its low density compared with aluminum and steel, which
can reduce vehicle weight and fuel consumption. Mg—Al based alloys (AZ or AM
alloys) have been used widely as die casting alloys and have been considered as
wrought magnesium alloys. They exhibit good castability and have reasonable room
temperature mechanical properties and corrosion resistance in many environments.
However Mg—Al based alloys have poor high temperature creep resistance, which is
believed to be associated with the GB (discontinuous) precipitation of the p-phase
(Mg, ,Al ). To overcome and minimize the deterioration of high temperature physi-
cal properties, Mg-Sn based alloy systems have been actively investigated in order to
develop new magnesium alloys which have stable microstructure and good mechan-
ical properties such as high creep and corrosion resistance at high temperatures. In
addition, Sn is a reasonably cheap alloying element compared with other alloying
elements like RE. Although magnesium-based materials have a long history of im-
portant commercial applications, including automotive industry, there remains much
to be learned about the basic properties of the metal and its alloys. With the recent
renewed interest in light wrought materials, including both sheet and tube applica-
tions, there has been an increased focus on developing a better understanding of
novel magnesium alloys, including those that incorporate additions of Mn and Al.
These alloy systems, along with other potential candidates, are being actively pursued
as possible routes to develop magnesium materials with improved ductility, or even
practical room temperature formability [354]. The properties of cast or wrought ma-
terial depend first and foremost on the phases and microstructural constituents (eu-
tectics, precipitates, solid solutions, etc.) which are present. In an alloy with several
alloying elements, the phase relationships are very complex.

Metallographic structure of the cast Mg AZ91D consists of a-magnesium grain col-
umns surrounded by a continuous GB network of Al, Zn-enriched phase. The furnace
cooling also results in a coarse distribution of continuous GB film, which is expected to
be predominantly Mg Al , phase, with average interparticle spacing to be 100 um.

Difference in phase morphology results from the different cooling rates during
melting and heat treatment of cast ingots. Optical micrographs show changes in
phase size and its distribution in quenched and heat-treated materials. As expected,
a very rapid cooling from the solution temperature produced a very finely dispersed
phase distribution with average particle spacing to 1-3 pm. The effect of the heat
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treatment on creep behavior of the cast Mg AZ91D with coarse structure was studied
in specimens which were cooled from solution treatment at 673 K, 1 hr by water-
quenching and then were aged at 443 K, 12 hr. It was found that quenching produces
grain refinement (from 100 pm to 20 um) and changes the particles size and their
morphology. Besides, heat treatment of the cast Mg AZ91D destroys the GB phase
continuity, as could be expected from the theory of enhanced diffusion through GBs
for the diffusion-controlled precipitation. Indeed, there is an experimental evidence
suggesting that significant phase refinement and redistribution occur in Mg AZ91D
alloy following such a thermal treatment.

The metallographic structure of the cast Mg AZ91D consists of a-magnesium
grain columns surrounded by a continuous GB network of Al, Zn-enriched phase
(Figs. 4, a and 5, a). The furnace cooling also results in a coarse distribution of con-
tinuous GB film, which is expected to be predominantly Mg Al , phase, with an av-
erage interparticle spacing of 100 um (Fig. 5, a).

The industrial and commercially available AZ91D alloy has sufficient strength at
ambient temperature and corrosion resistance to be employed for some components
of cars. However, its use is restricted to conditions less than 400 K because of low
creep resistance. Therefore, searching for a combination of additional alloying ele-
ments of the modified magnesium alloy systems is needed to provide sufficient creep
resistance in the 473-573 K range and to use the potential materials for applications
such as engine blocks and other areas of high service load conditions. One approach
is to add calcium and thereby to increase the creep resistance. The second approach
is to carry out remelting using pulsed treatment for better corrosion resistance. There
is a pronounced effect of the electromagnetic oscillations on the melt interfaces to
exceed the rate of chemical reactions for additional attaining higher creep resistance
and long-term strength which depend on the cluster-forming composition and so-
lidification conditions [353].

High magnification TEM examination of the phase reveals that there is notice-
able change in its structure after quenching at 673 K, 1hr. The smooth interface be-
comes cusped and irregular. The heat treatment leads to gradual breaking up of the
Al, Zn-enriched phase with a distinctive separation into fine rounded grains.

The activity of non-based slip systems plays an important role in the deforma-
tion behavior of magnesium alloys and their MMCs [355]. Different reactions be-
tween a based dislocations and (c + a) pyramidal dislocations appear to be responsi-
ble for the increase in density of forest dislocations.

Choice of chemical compositions and melting parameters should be considered
in the context of physical metallurgy dividing design of alloys and melting technol-
ogy. It is the compositions that predetermine the melting technology which involves
the cooling rate, constitutional supercooling, temperature gradient, etc. Much effort
has been undertaken to lower the production cost of structural parts fabricated from
magnesium alloys having intricate shapes, especially for high-performance applica-
tions (e.g., aircraft). The saving of magnesium materials as well as machining cost is
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believed to reduce the total cost of the magnesium parts significantly provided of suf-
ficient quantities to be produced.

In purified crystals of magnesium, the strong GB sliding is observed at higher
temperatures, while deformation twinning at lower temperatures. The multicompo-
nent Mg—Al—Ca—Ti/Gd system is one of the most thoroughly studied systems in
our laboratory to compare it with theoretical calculations. Its suitable composition is
just chosen to suppress GB sliding and deformation twinning and thereby to maxi-
mize the excess vacancy concentration in the hcp crystalline lattice.

Using the principles of rapid solidification technique, a family of new experi-
mental magnesium alloys of the ternary Mg—Al—Ca system has been developed
which meets the technical assignments of the contract (creep strain <0.4% at 423 K,
70 MPa for 200 hr), first of all, due to know-how ratio of Al to Ca and excellent casta-
bility. The research has shown that the creep-resistant and long-term strength mag-
nesium alloys with know-how addition of Ti and Sr are among the most promising
ones of the family not only due to their potential as good heat-resistant systems but
also due to their a-Mg matrix strengthened by the GB tertiaries of Mg _Al Ca_and
large volume fraction of eutectic compound B-Mg Al enriched with more refrac-
tory alloying elements (Ca, Ti, Sr, etc.).

The best of them were subjected to rough examination and relevant processing
technique via tensile and creep testing to evaluate their potential for high tempera-
ture applications in automobile industry. The effect of additional alloying with Ti, Sr
and Gd on the effective diffusivity of the Mg—Al—Ca matrix is thought to be the
cause for the improvement of creep resistance and long-term strength of the magne-
sium-based alloys under investigations. The dominant (rate-controlling) mechanisms
of creep deformation operative in the stress-temperature regime tested were deter-
mined using stress and temperature dependences of the measured creep strain rates.
The stress transition from dominant power law creep to dominant diffusional creep
was found to occur in the range dividing processes of pinning and depinning disloca-
tion network. The a.e. for the power law regime was close to that of GBs precipitation
of disperse (nanosized) particles of binary compound Mg _Al . and tertiary com-
pound Mg Al Ca . At the same time, a.e. for the diffusion (Coble) creep regime was
close to that of GBs self-diffusion in a-Mg. A detail characterization of their fine
microstructure was conducted by using TEM, SEM/EDS and APMA analytical ap-
proaches, XRD and other up-to-date techniques. Under the data of mechanical spec-
troscopy, it was found that magnesium alloys containing additions of Ti and Sr ap-
pear to be the most thermally stable systems (up to 473-523 K).

TEM/SEM observations as well as XRD analysis of the microstructure before and
after creep testing revealed the main features of the best alloys which are attributed to
the favorable changes in the GB microstructure with desirable engineering properties
for structural applications. A physics-based constitutive model of dislocation creep re-
tardation is suggested on the basis of the structural-energy efficiency concept of useful
long-term strength valid for metal alloy systems. It takes account of physical defect ki-

189



Chapter 10. DESIGN AND MICROSTRUCTURAL ANALYSIS OF LIGHT ALLOYS

Available | mm| Mechanical Creep Low
alloy - properties + resistance + cost + cee

Temperature: Constant Duration Residual
423 K x load: #®  ofload actions: == elongation:
65-70 MPa 170-200 hrs 0,2-0,4%

Fig. 10.20. Up-to-date requirements for magnesium alloys destined for
mass production in automobile industry

netics, i.e., rate change and dislocation dragging by solute atmospheres consisting of
slower diffusing refractory AE with special thermodynamic properties. The approach
gives rise to elucidation of the physical nature of titanium beneficial effect, which is at-
tributed to the occurrence of limited-mobility dislocations in the high-stress regime.
These notions are supported by experimental observations including the ADIF meas-
urements (Figs. 10.5 and 10.6), discrete temperature spectrum change (Fig. 10.4), XRD
evidence analysis (Figs. 10.8-10.13) and repeated (serrated) yielding (Fig. 5.7).

Any die-casting process is succeeded by rapid solidification of magnesium melt,
the rate of which varies within the limit of 313...333...373 K - s™. The relevant dislo-
cation structure to be formed in as-cast condition can be expected to interact only
with the fast-acting alloying elements which are able to trap the dislocations in the
nonequilibrium conditions of crystallization. An original idea is to select those of
them which will be able to inhibit the initiation of critical dislocation density respon-
sible for deterioration of creep properties at higher temperatures and thereby to en-
hance the contribution of the refractory metal diffusion responsible for increase in
heat resistance. It is those alloying elements such as Ti, Gd and Sr that can do this
having negligible or low lattice solubility in hcp magnesium (a-Mg) at elevated tem-
peratures. As the AEs exhibit high sensitivity to high-rate treatment, they can be ex-
pected to increase effective solubility (on structural defects) thereby extending limit
of their solubility. This effect is succeeded by essential pinning of moving dislocations
with solute atmospheres by the Cottrell hardening mechanism [348]. Its activation in
the stress field should minimize solute effects on increase in creep resistance and
long-term strength up to 70 MPa at 423 K for 200 hr with slow creep rate 10~ s™. It is
considered [352] that magnesium alloys of Mg—Al—Ca system suffer from creep
caused by both dissolution-diffusion change and thermal decomposition. However,
new information provided for multicomponent (quaternary) Mg—Al—Ca—Ti and
Mg—Al—Ca—Sr systems forms a strong basis for magnesium alloy design concept
based on preferential contribution of stress-induced decomposition and stress-in-
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Fig.10.21. Comparative characteristics of magnesium alloys at 423 K for
200 hr

duced diffusion-controlled reactions to occur during long-term creep testing (Figs.
10.4, 10.8-10.10, 10.16-10.19). In this case, AE dissolution occurs on the structural
defects such as dislocations. As such, solute atmosphere dragging becomes a rate-
controlling mechanism responsible for improvement of creep properties and heat
resistance (Figs. 10.4, 10.15-10.19) based on Cottrell hardening (Figs. 10.5, 10.6,
9.11). The idea of self-strengthening is supported by XRD analysis of the microstruc-
ture after creep strain at 423 K/70 MPa (Figs. 10.8-10.10).

To summarize the above the main advantages of the newly developed experi-
mental magnesium alloys are reduced to the following:

1. Castability is considered to be the main critical property of any die-casting alloy.
Higher castability (up to 30%) and good melt handling of the newly developed Al-rich
magnesium alloys compared to the commercial alloys AZ91D, AE42 and AS21 is in-
sured by new ratio of Al/Ca which has been patented. Due to Al-rich compositions, the
magnesium alloys studied are intended to parts which are very difficult to cast.

2. Higher creep resistance and long-term strength. The newly developed magne-
sium alloys of Mg—Al—Ca—Ti and Mg—Al—Sr—Ca—Ti and Mg—Al—Ca—Y—
Gd systems are found to have the best combination of room and creep temperature
properties revealed by successful short-range and long-term range tensile testing at
64...70 MPa and 423-448 K. Their appropriate compositions covered by patent pend-
ing due to basic matrix Mg—Al—Ca patented in Ukraine. The creep properties at
403-423 K under stress of 50-70 MPa are significantly better than those of the com-
mercial alloys AZ91D, AE42 and AS21 (Figs. 10.20 and 10.21). Unlike the AZ series
of magnesium alloys with divorced eutectics (AZ91D, etc.), the new experimental
magnesium-based alloys containing cheaper additions exhibit higher creep and heat
resistance as well as better long-term strength compared to magnesium alloys AS21
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(Mg—2Al—1.5Si), and AE42 (Mg—4Al—2.5RE) containing expensive additions, in
the temperature and stress ranges of interest for automobile applications.

3. Longer life creep strength of Mg—12.5A1—1.3Ca basic matrix is found to be 64
MPa. The creep strength is increased up to 70 MPa upon its alloying with small addi-
tions of Ti et al. The new family of creep-resistant and long-term strength materials
presents a cost-efficient system capable to operate at 70 MPa / 423 K for 150-200 hr
with allowance of total creep strain 0.2...0.6%.

Concluding Remarks

A microanalytical characterization of cast magnesium alloys of eu-
tectic origin based on the Mg-Al-Ca ternary matrix system has been carried out in
order to investigate the influence of alloying elements on their microstructure as well as
microchemistry-processing-microstructural relations using structure-sensitive tech-
niques of electron microscopy, mechanical spectroscopy (internal friction), XRD and
advanced microanalytical methods including the electron probe compositional analy-
sis. Following the data obtained, there has been established a direct correlation of
microstructure with creep properties of the new experimental magnesium alloys. The
creep and heat-induced properties of the multicomponent magnesium alloys contain-
ing low range of inexpensive additions of titanium (0.07-0.2%) or strontium (of about
1.8%) are defined by resulting structure dynamically formed during creep strain (up to
200 hr). It is noteworthy that Ti as a novel alloying element competes for creep resist-
ance and cost with Sr and attracts as-cast desirable properties minimizing solute effects
at ambient temperatures due to the pinning of slowly moving dislocations with the
binding energy no more than 0.3 eV as well as due to stress-induced strengthening. The
Ti and Sr solute atmosphere dragging is believed to be the rate-controlling mechanism
responsible for radical improvement of creep resistance and long-term strength in the
newly developed magnesium alloys at elevated temperatures. The new alloys are supe-
rior to commercial alloys AZ91D, AE42 and AS21 following their creep resistance,
long-term strength, heat resistance, and castability because of their novel microstruc-
ture having desirable engineering properties for structural applications (creep strain e_
below 0.3-0.4% at 423 K and 70 MPa for 200 hr; ¢ ~ 10 s7'). The newly developed
magnesium alloys with improved castability may be used in die-casting technology and
automobile (powertrain) industry for manufacturing components which are difficult to
cast with desirable microstructure.

The basic conclusions to be drawn from the results obtained may be stated as
follows:

« following the data of internal friction measurements, the introduction of Ca is
found to suppress GB relaxation and to promote the GB strengthening of magnesium
alloys in the ternary Mg—Al—Ca system. Increasing the Al content to 12.5 mass%
and to fractional increase of Ca content leads to doubling the volume fraction of sec-
ond eutectic component -Mg Al to be strengthened. Lattice distortions in the
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Concluding Remarks

both a-Mg solid solution and 3-Mg Al , are composition-dependent. Such a struc-
ture enhances contribution of natural eutectic strengthening;

« XRD studies reveal the structural and phase transformations that arise during
long-term creep testing in the neck of a specimen; the critical residual micro-strain is
found to be responsible for the localized necking which should be regarded as physi-
cal limitation of useful long-term strength of magnesium alloys in the Mg—Al—
Ca—Y system;

« introduction of small additions of Ti (about 0.1-0.2%) and large amount of Sr
(up to 1.8%) into the basic melt causes significant solid solution strengthening due to
pinning of slowly moving dislocations by the solute atmosphere mechanism with
binding energy of about 0.2-0.3 eV. Titanium having a large positive enthalpy of mix-
ing is introduced in the matrix for the first time using processing technique of rapid
quench (up to 373 K/s) from high-temperature solid phase;

« following the internal friction measurements, the alloying of the Mg—Al—Ca
basic matrix with more refractory additions, such as Ti and Sr, extends the tempera-
ture range of their interaction with pre-existing dislocations increasing high-temper-
ature strength of the Mg—12.5A1—1.3Ca—0.3Mn—0.1Ti and Mg—4.9A1—0.3Mn—1.85r
alloys by 393-533 K due to the formation of phase and thermally stable structure;

« it is deduced that resulting dynamic structure formed during creep straining
appears to be responsible for improvement of the observed creep resistance and long-
term strength due to thermally activated dislocation relaxation accommodated by
diffusion of alloying elements (Al, Ca, Ti, Gd, Sr in their best combination);

« an excellent increase in creep resistance and long-term strength at higher tem-
peratures and larger stresses (70 MPa at 423 K) is provided by solute-induced dy-
namic dragging (retardation) of dislocations moving at £ ~ 10~ s™'. The finding is in
agreement with the Le Chatelier-Braun principle of mobile equilibrium;

« the physicochemical principles of precision (at segregation-energy level) alloy-
ing are suggested for so-called immiscible systems with a large positive heat of mix-
ing and high sensitivity of the selected refractory alloying elements (Ti, Gd, Sr) to
high-rate treatment to get their effective solubility on structural defects such as dislo-
cations. From this point of view, three of the most promising alloys designated as
UKOR-C1 (Mg—12.5A1—1.3Ca—0.3Mn—0.1Ti), UKOR-C2 (Mg—12.5A1—1.7Sr—
0.3Mn—0.1Ti), and Mg—12.5A1—1.4Ca—0.3Y—0.2Gd (UKOR-C3) having excel-
lent short-range mechanical properties (157-174 TYS, MPa; 239-268 UTS, MPa at r.t.
and 153-206 MPa at 423 K; true fracture stress 240-265...292 MPa at r.t. and 229 at
423 K; 4.8 elong., % and 6.7 Red. A. at E, %) can be selected for upscale production
and further investigation to subject them to detail examination for the die-castability,
fluidity (die filling), sticking in die, susceptibility to hot cracking and porosity forma-
tion. Titanium as a know-how alloying element is competitively capable to strontium
and provides desirable properties changing solid-solution effects at ambient temper-
atures and increasing heat resistance.
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11.1. Premises

Elevated-temperature magnesium, aluminum, titanium and zirco-
nium-based alloys have received considerable interest with regard
to the beneficial properties and major advantages, which are very
attractive for wider and more reliable applications of them as struc-
tural materials in the industry [356-359]. In recent years, much
progress has been made in the alloy development programs which
produce their best-elevated temperature properties [356, 360, 361]
for different dynamic applications in construction modules and
high-speed rotating systems where excellent creep resistance to
time-dependent deformation, long-term strength, high stiffness,
low moment of inertia and dimensional stability are essential and
still required. Much efforts of international scale are being expend-
ed to lower costs in the technologically much demanded aircratft,
automobile and nuclear industries. Traditionally, the strengthened
states of high-temperature alloys are achieved by the formation of a
structure preventing the motion of dislocations by the precipitation
or age-hardening mechanism. With this provision, their strength
behavior may be essentially improved due to the nucleation and
uniform distribution of the desired quantity of coherent nanoparti-
cles. However, the suitable alloys produced by conventional metal-
lurgy approach cause a series of problems associated with the dete-
rioration of their properties with increasing temperature. To illus-
trate, harmful precipitate free zones adjacent to GBs of polycrystals
contribute to the stain localization effects and premature fracture of
their inhomogeneous structure. The upper operating temperature
of conventional creep-resistant alloys strengthened by a known
precipitation hardening mechanism is sure to be restricted to the
limiting temperature above which they no longer exhibit useful
long-term strength due to dissolving or coarsening nanoparticles in
the matrix. For example, their use for automotive applications is
limited by the rapid shear failure due to the localization of macro-
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scopic plastic flow and shear band formation. Besides, the obtainable results in the
case are often limited by the dissolution capacity of matrices for alloying elements.
Furthermore, up to now, it is basically difficult or practically impossible to introduce
non-metallic dispersoids in substantial amounts by alloyage and heat treatment typi-
cal for the above systems. Finally, this is of particular concern for so-called immisci-
ble metal alloy systems.

Nanophase alloys and nanocomposites made of them represent a brood class of
materials in which the matrix is reinforced by certain volume fraction of incoherent
nanoparticles. Dispersion or nanophase strengthening has great potential for increas-
ing the temperature capabilities, e.g., of Al-based alloys containing dispersoids such
as nm AL O, and nm Al C, with extremely high stress sensitivity (n = 200) at elevated
temperatures. It is also related to superalloys strengthened by nm Y,O, dispersoids,
which combine dispersion and precipitation hardening. They are most promising
metallic high temperature materials with negligible GB sliding due to highly elon-
gated coarse grain structure [362]. The development of advanced nanophase materi-
als based on alloys in the metallic systems has become increasingly attractive in re-
cent years. However, the effectiveness of high-temperature strengthening increment
by a conventional age-hardening mechanism is lost at temperatures approaching the
solvus temperature. Alternatively, the nanophase strengthening has emerged as a
means to overcome some shortcomings inherent to the age-hardening technique.
Metal matrix nanocomposites is a promising class of structural materials, first of all,
for aerospace and automobile industries, and nanophase strengthening is one of the
most effective and productive avenues for achieving an optimal combination of prop-
erties that can be utilized at much higher temperatures than those presently available
by conventional precipitation hardening [363].

Nevertheless, there are many difficult problems that limit the widespread use of
many newly developed nanophase reinforced alloys in industrial applications, in par-
ticular, because of their low thermal stability, poor creep resistance, weak or inade-
quate long-term strength. Furthermore, high sensitivity of extremely reactive hcp
metal crystals such as magnesium, zirconium and titanium to oxygen and hydrogen
also restrains their use as structural materials. The deficits are being overcome by
further alloying and/or process development. A recent approach to alloy design is
based on fundamental concepts of their strengthening associated with drag of mobile
dislocations by certain components of microstructure solutes, precipitates and dis-
persoids [364, 365]. With that, despite research and commercial developments on
these systems over the last two decades [366, 367], the nanophase-strengthened poly-
crystalline materials based on them have failed to reach high commercial potential.
Unlike thermally activated obstacles such as solute atoms, precipitates, grain/sub-
grain boundaries and nanoparticles as strong athermal barriers are much more effec-
tive for the retention of energetically favorable high-temperature properties of hcp
metal crystals to be necessary for the increase in their dislocation long-term strength
and stress-rupture life. To optimize the nanoparticle-dislocation interaction in a
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microstructure, one should check structural and strain-rate sensitivity of metal crys-
tals in question. In order to overcome this problem, alloy development efforts are
focused on addition of dispersoids to refine the grain size and to minimize strain
location. In particular, the attempts have been undertaken to develop the Al—Li—
Mg and Al—Cu—Li alloys with fine-grained structure and minimal strain localiza-
tion [368]. In the context, there is a great need for development of metal alloys having
long-term strength at increasingly higher temperatures and stresses. Due to the lim-
ited resources in metals and the high demand for new materials with unique proper-
ties, the development and use of energy-saving materials such as metal matrix nano-
composites has recently been of great interest for the aerospace and automobile in-
dustries all over the world. Dispersion strengthened alloys, especially the oxide-dis-
persion-strengthened metal alloys represent an exceptionally promising class of
structural materials with a homogeneous distribution of nanoparticles which can
provide useful long-term strength theoretically up to the operating temperatures ap-
proaching the eutectic point of the nanocomposite [365]. The nanocomposites ad-
vantages over their conventional counterparts are due to the uniform distribution of
thermally stable and non-coursing nanoparticles acting as barriers to dislocation
motion in the matrix (crystal lattice).

It, therefore, seems appropriate to indicate the possibilities for continued work
along these lines, since nanophase-reinforced alloys could be utilized at much higher
temperatures than those presently available. The main purpose of the on-going study is
to explore the design potential of the structural alloys with the aim of improving their
microyield/creep resistance and long-term strength below the macroscopic yield stress
and of making the best of the potential in obtaining a better combination of properties
in selected hcp magnesium and hcp zirconium alloys for different applications. In the
context, it is expedient to analyze their composition — processing — microstructure —
property relations, in particular, with respect to the impurity interstitials.

11.2. Background of the Approach

Strengthening Effects due to Ordered L1,Structure

The main purpose of the development of discontinuously rein-
forced intermetallic matrix composites is an increase in fracture toughness at low
temperatures and plastic deformation (creep) resistance at elevated temperatures
[364]. In particular, the Ni, (Al, Ti) intermetallic compound has a favorable effect on
the hardening, ductility and fracture toughness of a nickel alloy with chromium ad-
ditives. The hardening effect in this case is explained by the unique properties of the
alloy, including the interface coherence with the ordered structure of L1,, stability
(up to 1253 K) as well as an increase in strength with increasing temperature and
ductility at low temperatures. The observed beneficial effects are explained by the
passage of dislocations through the lattice of the ordered Ni, (Al, Ti) phase. Inside the
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particles, the order is violated by the dislocations that have passed through the lattice.
In this case, ordering is restored as a result of diffusion at low stresses and tempera-
tures. In other words, the contribution to hardening from the ordered structure is
determined by the state of the antiphase boundaries. The greatest strengthening ef-
fect is observed in titanium alloys Ti—48Al—2V—2Mn based on the ordered inter-
metallic Ti,Al (L1,) with the introduction of up to 7 vol % TiB, (o, up to 573 MPa; ¢
up to 704 MPa; E from 159 to 180 GPa).

Many intermetallic compounds show high yield strength, good stability and creep
resistance up to relatively high temperatures. An interesting example is Ni,Al, a material
for which an increase in yield strength occurs with increasing temperature [365]. The
major difficulty with intermetallic compounds, however, is their tendency to show brittle
fracture or decreased ductility in the polycrystalline form. The reasons for the mechanical
behavior of intermetallics have to be found in the chemical order, which reduces atomic
mobility and is also responsible for the presence of less mobile superdislocations [366].

The research into nanostructured metals and its success in improving the ductil-
ity of ceramics [367, 368] has motivated the development of nanostructured interme-
tallic compounds [368]. It is expected that the deformation behavior of nanostruc-
tured materials is a GB diffusion-controlled mechanism, which does not involve
movement of dislocations. This means that materials which are brittle as coarse
grained polycrystals because of an insufficient number of independent dislocation
slip systems, can exhibit ductility in the nanocrystalline form owing to a diffusion-
controlled mechanism.

Intermetallic compounds that become amorphous under irradiation are those
which in equilibrium conditions remain ordered up to the temperature at which they
either melt or decompose into other crystalline phases.

For this reason, it has been suggested that radiation-induced disordering is a fac-
tor that promotes the destabilization of the crystalline structure [369]. An inspection
of experimental results shows that electron-irradiated alloys generally undergo a loss
of long-range order before becoming amorphous [370]. Nevertheless, there are cases
where disordering takes place but of may or may not be followed by amorphization.
Examples of such behavior are two aluminides Ni,Al and Zr,Al, both with the L1,
crystalline structure. It is apparent from these examples that although chemical dis-
ordering plays an important role in the crystalline-to-amorphous state transition, the
other factors affecting all the aspects of microstructural evolution under irradiation
such as point defect behavior must also be involved. There is no observable micro-
structural evolution in alloys that will be rendered amorphous under irradiation.
This is indication that there is point defect accumulation and, with it, a considerable
increase in the system free energy. But in some intermetallic compounds (Zr,Al),
microstructural evolution in the form of point defect clusters has been observed dur-
ing the disordering of Zr,Al under both electron and ion bombardment [369, 371].

The presence of other point defect sinks provides an alternative way to accom-
modate point defects. Besides, the defect accumulation is coupled to the loss of long-
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range order. The experimental observations have led us to conclude that the driving
force for the amorphization of intermetallic compounds is not chemical disorder
alone but essentially the free energy excess due to defect accumulation. What chemi-
cal disorder provides is the condition for a viable mechanism of defect formation.

In age-hardening alloys, there are two types of phase precipitates which can be
identified as (i) metastable (ordered) precipitates coherent with disordered matrix,
and (ii) stable precipitates partially coherent with disordered matrix due to misfit
dislocations. Following the Clark concept [372], the age-hardening of magnesium
alloys in the hcp Mg—Al system can be explained by the occurrence of coherent
precipitates oriented properly to prevent a basal slip as well as by adequate interpre-
cipitate spacing not so small to cause a precipitation hardening effect. However, the
decomposition of a solid solution is most likely to occur by different mechanisms
depending on the degree of oversaturation. The strong oversaturation is specified by
the homogeneous distribution of nanoprecipitates. Alternatively, at weak oversatura-
tion, the preferential nucleation of nanoprecipitates occurs on the existing disloca-
tions rather than on the GBs or interfaces. According to [373], replacement of the
coherent interface of the metastable phase by a partially coherent interface of the
stable phase is expected to give rise to changing the mechanism of dislocation-parti-
cle interaction. Unfortunately, the operative dislocation cutting mechanism is certain
to result in the inhomogeneous slip in the form of strong dislocation pile-ups. Be-
sides, the observed transition from the cutting mechanism to bypass one can occur
only on dislocations and GBs with the age-hardening response of the system at high-
er annealing temperatures. Furthermore, low creep resistance of magnesium is at-
tributed, first of all, to the GBs sliding that might be revealed even at 77 K as well as
to local stresses concentrated in triple joints of grains. Since sliding GBs can be the
sites of preferential microdeformation and localized shear, hcp metal alloys should
have their GBs pinned. The dispersoids lock the GBs making the alloys less sensitive
for exposure to elevated temperatures in all the strain rate range [374].

The rate-controlling mechanisms provide important information for under-
standing the strengthening as a phenomenon. An original atomistic approach was
proposed on the basis of the kinetics of edge dislocation-cluster interactions being
simulated at any strain rate within 107 to 107 s™' for hcp Zr [28]. Under the data of
simulations, the dislocation climb mechanism is expected to operate in terms of the
coupled thermal and stress activation effects. Proceeding from this, the coupling of
strain rate and thermal activation is considered as a fundamental physical principle
of an edge dislocation pinning by clusters of self-interstitial atoms. Atomistic simula-
tions by Yue Fan et al. [375] are consistent with a climbing mechanism modeled by
Arzt et al. [376, 377].

Following the theoretical concept [375, 376], the dispersoids introduced through
technological cycle (high-speed treatment, precipitation from the liquid, etc.) form
with matrix incoherent boundaries which attract glide dislocations with increasing
temperature. The relaxation of their stress field should be considered as a source of
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local microyielding [378] with some density of mobile dislocations which delay the
strain localization. Thermally activated dislocation detachment from the particle is
assumed to be the rate-controlling mechanism of dislocation creep. With that, the
concept of nanophase strengthening should be experimentally verified in addition.
The pair defects (associates) are expected to be relatively stable due to the opposite
strains and electronic charges imposed by the excess vacancies and additions on the
crystal lattice to provide their lowest energy positions within a certain distance from
a dislocation in the stress field. The second stage is believed to be the formation of
cluster compounds A_B_converted from vacancy-type paired defects. In such a man-
ner, the precipitate nucleation is assumed to occur by a cluster-forming mechanism.
Since dislocations are weakly pinned by solute atoms on the basal planes [379], the
major efforts in the present study were focused on magnesium alloys having more
stable and strong barriers to dislocation movement compared to the thermal obsta-
cles. Furthermore, the presence of a high density of the GB nanoparticles is evidenced
to be a more stable phase than the matrix strengthening phase [380]. The susceptibil-
ity of polycrystalline materials to shear strain localization can be the main factor that
limits their tensile ductility, long-term strength and fatigue resistance [357, 381, 382].
When slip is likely to be relatively easy, the plastic deformation is localized and ac-
cumulated in soft regions resulting in high-stress concentration, for example, GB
triple points. The ductility and toughness deficiencies in a variety of metal alloy sys-
tems are caused by strain localization and weakened precipitate free zones (PFZs)
[368]. It has been analytically proved [381] that dislocation long-term strength controls
the amount of uniform microyield including creep for slow dislocations which results
in the successful advancing of a product. With that, under the data [383] a critical value
of dislocation velocity for high-purity crystals is attained at a strain rate of 10 s* and
dislocation density ~10° / cm?* even at 293 K. These results are in agreement with the
values calculated for high-purity magnesium alloy crystals with reference to the crite-
rion of useful long-term strength. To attain lower values of strain rate (10°...10"*s™),
it is necessary to extend the range of uniform dislocation strain. Upon treatment of
developed alloys and useful materials made of them, the new special measures should
be taken to prevent a premature localization of shear (time-dependent) strain and
thereby to improve their creep resistance and long-term strength.

Further essential support for our concept comes from XRD analysis of the dif-
fraction patterns before and after creep tests of magnesium alloys [384]. The patterns
indicate that the constant dislocation density is only is retained up to 0.4 % €. At rela-
tive strain € > 0.5 %, the shear localization is certain to occur with increasing disloca-
tion density. This effect is accompanied by the ultimate transition to the plastic insta-
bility and necking due to the disintegration of the primary solid solution and local
softening its defect structure.

Unlike precipitation hardening, the nanoparticle strengthening of metal matrix
composites increases the effectiveness of the uniform strain evolution due to the
alignment of slip systems in hcp metal alloys and hence extends the useful long-term
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to higher temperatures. Since the relaxation of the incoherent particle stress field is a
source of local microyielding [364], some density of mobile dislocations should be
generated to prevent undesirable localized shear. Further, one can observe an addi-
tional increase in the dislocation creep resistance of a given alloy by a nanophase
strengthening mechanism. If nanoparticles decorate GBs, this microstructure proved
to be very stable at elevated temperatures. The nanophase strengthening is an avenue
for achieving an optimum combination of properties and effective method to prevent
early crack nucleation due to strain localization. The approach offers important ad-
vantages compared to conventional decisions for strengthening particles incorpo-
rated in the micrometer range. Metal alloy properties can be additionally improved
by equalizing the deformation behavior of structural components on the whole mate-
rial in terms of: a) incorporation of nanoparticles like nm Al Zr in hcp Mg and nm
ZrO, in hep Zr provides aligning local creep properties of both structural components
for the advanced metal alloy systems due to uniform distribution of the dispersoids
and, as consequence, additional dispersion strengthening; b) equal-channel angular
pressing, i.e. a widely-known method of severe plastic deformation in which shear oc-
curs through keeping up the uniform disperse structure using the reusable cycles of the
treatment to improve their strength according to the Hall-Petch relation [385]. Never-
theless, although the strength increases through the dislocation pile-ups at the GBs by
Hall-Petch effect, the pinning of GBs by nanoparticles is sure to be more effective due
to the stronger interfacial bonding between the nanoparticles and the matrix.

The presence of various kinds of impurity elements cannot be taken into full
consideration when plotting ternary and quaternary equilibrium alloy phase dia-
grams. The sensitivity of extremely reactive matrix materials with hcp structure such
as zirconium, titanium and magnesium to oxygen, nitrogen and hydrogen intersti-
tials produces a problem that has frequently been tackled in alloys prone to impu-
rity interstitial segregations around mobile dislocations. In particular, the rate of
solid solution strengthening, e.g., with a-Ti, at elevated temperatures is controlled
by mechanism responsible for the thermally activated overcoming of solute intersti-
tials by the first-order prismatic dislocations with an a.e. of 1.25 eV [386]. Moreover,
under the data of amplitude-dependent internal friction in pure hcp Zr containing
free dislocations, the activation parameters are consistent with those determined for
thermally activated deformation mechanism attributed to interstitial solute atoms of
oxygen [387]. Following Cottrell-Bilby’s concept, the solute atoms can diffuse fast
enough to allow dynamic interaction with dislocation during deformation, mean-
while, in substitutional alloys, the strain-produced vacancies are likely to enhance
the diffusion of substitution solutes. However, a new situation arises in substitu-
tional alloys when inevitable impurity interstitials form their dense oxygen-contain-
ing Cottrell atmospheres which are able to immobilize any sliding system due to
large lattice distortion and to give rise to the strain localization. The detrimental
interstitial solute segregations are more likely to lock the sliding dislocations by the
Cottrell hardening mechanism.
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Strain rate sensitivity of pure hcp metal alloy crystals is normally described by
the quantitative (dislocation) criterion of useful long-term strength [381]. However,
results obtained are in a good agreement with the evaluations to be expected from the
postulated mechanism only for nanophase-reinforced magnesium alloy polycrystals
of high purity. For commercially available and technical grades of hcp zirconium al-
loys, larger long-term strength is sure to be kept only after interaction with fast dislo-
cations (at strain rates 10°~10~s™!). Unusual strain rate response to nm ZrO, content
is associated with the competitive interaction of mobile dislocations with the intersti-
tial impurity solutes by thermally activated interstitial site mechanism and the substi-
tutional solutes by vacancy (diffusion-controlled) mechanism. For cross-slip or dis-
location climb mechanism, impurity interstitials such as oxygen are more deleterious
than excess (strain-produced) vacancies. The diffusion of interstitials causes the ef-
fect of shielding by the Cottrell locking mechanism for dislocation-nanoparticle in-
teraction. Unfortunately, thermal stability of dislocation structure in a-Zr matrix is
associated with the formation of oxygen atmosphere having very strong binding en-
ergy of about 2 eV due to the effective pinning. For this reason, it is believed that the
shielding effect [388] resulting from Cottrell-Bilby interstitial solute blocking could
be caused by short-range ordering of solute interstitials in the stress field of mobile
dislocations, as predicted by Snoek-Schoeck’s dragging concept [383]. The possibility
of interference of another mechanism cannot be discarded. At low strain rates the
poor correlation between the dragging stress and its strain rate sensitivity is most likely
to be associated with the preferential oxygen segregations on slow dislocations by long-
range (diffusion) mechanism to lock their sliding towards nanoZrO, athermal barri-
ers. Therefore, a decrease in the dislocation mobility in alloys with impurity intersti-
tials is controlled by the formation of dense Cottrell (oxygen-containing) atmos-
pheres, which suppress the interaction of slow dislocations with ZrO, nanoparticles.

Incoherent particles in dispersion hardened alloys (DHA) exert an attractive in-
teraction with mobile dislocations [376, 377]. Their detachment with a.e. of about E
is assumed to be rate-controlling mechanism. The idea is supported by TEM observa-
tions and theoretical studies [377]. The creep rate equation based on the particle-
dislocation bypass mechanism at higher temperature can be expressed as an Arrhe-
nius type equation.

€=¢£(-E,/ kT), (11.1)

where E, is the a.e. of detachment.
The Eq. (11.1) is connected with detachment frequency v by

ézﬁD-Zk-v-b (11.2)
Combining Eqgs. (11.1) and (11.2) gives the resulting expression
. . 3 . _ _ 3/2
. 6Dvb Ap _exp(_ Gb® - r[(L kz((Tl oloy)l j (113)
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Fig. 11.1. Schematic energy barrier for de- A
tachment of a climbing dislocation from ——
the attraction [377]. - J Q,

where €=6D -L-p,/b;v=v, exp
(-E, / kT); v, =n/2 - v* exp (-Q, /
kT) exp (-Q, / kT); n is the number / E,
of near-neighbors; Q, is the a.e. for /
vacancy nucleation; Q, is the a.e.
for vacancy migration; v* is the fre-
quency of dislocation successful X X,
jumps; v* ~ exp (Q,/kT) and v’ = Advance distance
3D /b’exp (-E,/kT); o, is the ather-

mal engineering stress; 6, = Mt ; M is the appropriate Taylor factor or reciprocal of
the Schmid factor for single crystals; A is the mean free path between the obstacles; r
is the radius of particle; K is the relaxation parameter (K < 0.9 in alloys with highly
attractive dispersoids); D = 1/6 nb*> v exp[-(Q_ + Q_)/kT]; v’ = v, exp(-E,/kT); v, is
the frequency of vacancy absorption; k is the Boltzmann constant; E, is the binding
energy; b is the Burgers vector.

It is obvious that Eq. (11.3) does not contain a “true” threshold stress. Moreover,
it seems to be applicable at very low stresses.

Dislocation reaches the critical configuration in point x (Fig. 11.1) via climb with
the probability which is given by the experimental term (11.1). Climbing dislocation
detaches from the particle with frequency v and moves under absorption of a vacancy.

From the Orowan type approximation (11.4), particle size dependence results to
dfno/dénr = -1 at stresses near the threshold stress, i.e., the creep strength is pre-
dicted to double when the particle size is halved. A priory estimate of the bowing
Orowan stress is made from the simple expression:

0,=084M-Gb/2\ (11.4)
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where A = (n/6f ). 1; f, is the volume fraction of particles; €= p, -2\ - v-b;r* ~0.78 r
is the average radius for non-spherical particle.

At the same time thermal activation of the Orowan process fails to give the cor-
rect temperature dependence of creep strength in dispersion hardened materials.
The activation of the detachment process, by contrast, is associated with such low
activation energies that consideration of thermal activation does become important.

Physically, E, (r) comes about because (i) the probability of thermally activated
detachment is raised at small dispersoids, and (ii) large particles are associated, at
fixed volume fraction, with a lower Orowan stress and hence a smaller athermal de-
tachment stress o,. As for detachment by Rosler and Arzt [377], their equations (11.5-
11.7) lead to a weaker particle size dependence of the creep strain rate, £ bears the
optimum (Fig. 11.1).
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Analytically, the optimum particle size is given by

| g0l & |- KT

(f) { 5 TZ : (11.5)
b)o | 31-K) Gb®

dine _ 2 B
dinr 3 (r/b)**-B

-1 (11.6)

with
B =[(tng, /&) KT - Gb’]** / (1 - k). (11.7)

According to the Rosler-Arzt model, very small particles should therefore be
insufficient barriers to the motion of dislocations at high temperatures, and detach-
ment will no longer be the rate-controlling mechanism. Besides, dislocations do not
adhere to dispersoids smaller than a critical size. It is predicted to increase with rising
temperature (at fixed £/ £ ) and, less sensitively, with decreasing strain rate. The creep
strength maximum in the detachment model leads to a reduced sensitivity of the
creep rate to particle coarsening. However, theoretical studies by Srolovitz et al. [389]
have shown that an attractive interaction between dislocations and incoherent parti-
cles is in fact expected at high temperatures because the incoherent interface can re-
lax parts of the dislocation stress field by slipping and rapid diffusion. The particle-
matrix interface is stressed in the presence of a dislocation. Diffusion in the interface
leads to a viscous-like relaxation of the shear tractions resulting in a sliding interface.
As a result of the diffusional relaxation, a dislocation on any glide plane that inter-
sects the particle is always attracted towards the particle. These results differ from the
diffusional interaction, where attraction occurs only when the shear modulus of the
matrix exceeds that of the particle. Attractive interaction between dislocations and
hard spherical particles is modeled during the process of dislocation bypass by local
climb [376].

Thus, dislocation climb alone appears to be insufficient to control the creep be-
havior of dispersion strengthened materials at high temperatures [364]. In general, it
appears that precipitation hardened alloys behave like materials without particle-
attractive dislocation interaction whereas dispersion strengthened alloys behave like
materials with a strong attractive particle-dislocation interaction.

An important difference between the two particle types is that precipitates, un-
like dispersoids, have to overcome a nuclear barrier and thus are forced to form low
energy, i.e., strongly bound phase boundaries. Weakly bound interfaces are however
needed to allow for the relaxation of the dislocation stress field by atomic rearrange-
ment and fast diffusion along the interface. This may be the reason why small pre-
cipitates appear to be less capable of relaxing the line energy than small dispersoids.
Although detailed understanding of the particle-dislocation interactions at high tem-
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peratures is certainly not far advanced, it thus appears that on the basis of a varying
degree of interfacial bond strength and of particle coherency across the interface, the
creep behavior of particle-strengthened alloys may be consistently understood.

The ability of interface to attract dislocations at high temperatures may be related
to poor interfacial binding. Its weakening might be possible due to segregation alloy-
ing or by pre-treatment of dispersoid material [390].

In conclusion, at high € the creep mechanism approaches that of dispersoid free
matrix and is no longer directly determined by the particle dispersoid. The rapid
degradation of the creep strength at the lowest € and highest T may be caused by an
increasing contribution of GBs. This implies that the contribution can give rise to the
abnormally high a.e. There are two principal differences in the approach from the
Orowan concept: (i) the particle radius r is introduced instead of the particle spacing
A by Orowan; (ii) the high temperature strength imparted by any particle dispersion
cannot exceed about 60% of the Orowan stress.

In developing new experimental alloys, particular attention should be paid to
the properties of the particle-matrix interface. It stands to reason that a high degree
of dislocation relaxation can be achieved at an incoherent interface with a high spe-
cific energy. An alternative approach is proposed by Nardone and Tien, Schroder and
Arzt [391]. It is based on the existence of an attractive particle-dislocation interac-
tion, as suggested by TEM studies of dislocation structure in crept specimens.

11.3. Experimental Procedure

The chemical compositions for alloys in the ternary and quaternary
hcp Mg—Al—Ca, X and hcp Zr—Nb—Sn, X systems were selected so as to examine
the effects of nanoprecipitation hardening and nanodispersion strengthening as well as
to evaluate their short-term and long-term strength. The choice of the base materials is
strongly limited by the favorable compatibility and wetting ability of nano dispersoids
such as nm Al Zr and nm ZrO, for hcp magnesium and hcp zirconium matrices, re-
spectively. One of the problems is associated with the difficulty in producing a disper-
sion of hard, closely-spaced and incoherent nanoparticles using normal ingot casting.
Chemical compositions were proposed to obtain castable alloys with higher heat- re-
sistance and long-term strength of the alloys under investigation.

It is recently that work has been done to explore and develop new magnesium al-
loys, primarily because of the well-known engineering problems concerning their melt-
ing and suitable fabrication free of contamination. On the basis of previous experience
[361, 384] with the model magnesium crystals in the Mg— Al system, it was selected as
being the best for our hypothesis testing in terms of the kinetic (dislocation) criterion
of useful long-term strength [298]. The magnesium alloys nanophase-reinforced by
Al Zr were prepared from high-purity starting materials (with mass content of 99.98 %
magnesium and 99.999 % aluminum), processed and produced on the basis of our ex-
perience. The known alloying method was chosen to introduce the nanoparticles into

204



11.4. New Look at Interaction between Dislocations and Incoherent Nanoparticles

the melt by using an initial pulsed treatment of melt followed by its rapid solidification
(up to 373 K per sec). A priority method of incorporating nanoparticles under the pulse
treatment prior to casting makes it possible to expand the solubility limits for so-called
immiscible systems with alloying elements having the positive heats of formation, e.g.,
titanium. This is effectively done in the calcium and aluminum containing magnesium
alloys additionally strengthened by the stable natural nanoparticles which have been
identified by an electron diffraction technique as nm Mg Al Ca, phase natural nano-
particles with an average size of 40 nm and strong bonding with the crystal lattice.

The maximum strengthening increment from oxides (up to 4 vol.%) was obtained in
Ni and Cu-based matrices without unacceptable loss of ductility. One of the oxide species
ZrO, was used in commercially available zirconium alloys. ZrO, oxide was selected as a
thermally stable and non-coarse compound with the negative free energy of formation.
Several refractory commercially available zirconium alloys nano-reinforced with nm
ZrO, particles were manufactured to analyze the creep resistance of the technical grades
in the presence of oxygen. Dispersion strengthening behavior of zirconium-based alloys
of the Zr—Sn—Nb system containing strong and infusible ZrO, nanoparticles (down to
10 nm) as well as incidental impurities of oxygen (up to 0.15 % O,) were studied after
electric arc melting in the as-cast condition with strain rate change-related experiments
and creep testing at 673 K. The principal nanoparticles were identified in as-cast materials
by proper electron diffraction technique [392], EPMA, and XRD analysis as nm Al Zr in
magnesium alloys and nm ZrO, in zirconium alloys under examination.

Analytical XRD method for the mean crystallize size and lattice distortions was
also used to calculate the relative values of nanoparticles [384, 393]. A peak-breadth
analysis was also performed to estimate the volume-weighted crystallite size and a
microstrain averaged all over the coherence length perpendicular to the diffracting
planes [394]. Tensile creep tests by standard procedure (at constant and variable
stresses [395]) were commenced after a minimum of 3 hr at the creep-testing tem-
perature to allow for good temperature stabilization. Other details of the testing have
been previously reported elsewhere [384]. The Cottrell-Bilby time law testing was
performed on selected hcp metal crystals to verify a model for solid solutions with
different solutes and excess vacancies by experimental data of dislocation damping
(amplitude-independent internal friction), A and mechanical spectrometry, Q™! (T).
Primary kinetic curves-isotherms of amplitude-independent internal friction Q'(t)
were measured for various aging temperatures after solute solution treatment and
quenching of specimens prepared from hcp metal crystals.

11.4. New Look at Interaction between
Dislocations and Incoherent Nanoparticles

Advanced nanostructured and nanophase materials are receiving
increasing interest in both science and applied research [395]. They are unique due to
the significant contribution of surface atoms and the dimensions of their nm-struc-
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Fig. 11.2. Parameter €* / D as a function of norma-
lized stress [376]
10°
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Undeformed dispersoids generate a

large number of geometrically necessary dislocations [248], which contribute to the
yield strength. If the particles are bypassed, the strengthening is independent of their
properties, and the yield strength can be described by the modified Orowan rela-
tions:

e*/D

0,=0,+08-G-b/L (11.8)
If the particles are sheared, strengthening depends of their intrinsic properties, i.e.
o,=c-f*.r’ (11.9)

where ¢, m and p are constants; f is the volume fraction.

In the case, strengthening effects are reduced due to alocal decrease in resistance
to further dislocation motion. An additional work is required to resolve the problem
of theory which otherwise appears to be useful in understanding the complex nature
of sieving and screening.

The shearable particles affect the strength, deformation behavior, and ductility
and increase the elastic modulus, yield strength, tensile strength along with a con-
comitant reduction in strain to fracture.

Screw dislocations of the (c + a) type can move to parallel planes by double cross
slip, i.e. by the local climb mechanism with subsequent annihilation. The decrease in
dislocation density recovers the matrix decreasing in the working hardening rate.

It should be emphasized that Cottrell’s theory predicts the existence of uniform
deformation prior to serrated yielding. However, non-uniform microyield (creep)
deformation is enhanced with increasing temperature, but progressively more local-
ized deformation and hence plastic instability is believed to occur as applied stress
approaches to the Orowan stress (Fig. 11.2).

It is generally accepted that unpenetrable particles, such as carbides or nitrides,
can be passed over by dislocations which leave loops behind by the Orowan mecha-
nism at stresses above the Orowan bowing stress. During straining, the particles are
overcome by local cross slip mechanism, stored dislocations being also obstacles for
moving dislocations.

Selected magnesium and zirconium-based alloys reinforced by nanoprecipita-
tion hardening and nanodispersion strengthening mechanisms were examined in the
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power law regime using long-term testing, strain-rate change measurements and
constant structure steady-state creep tests to analyze the deformation and kinetic
behavior of hcp Mg—Al—Ca — nm Al Zr and hcp Zr—Sn—Nb — nm ZrO, alloys
at 423 K and 673 K, respectively [396]. The microstructures generated in these hard-
ened alloys were assessed by analytical electron microscopy aiming at controlling and
understanding the composition modification in the nanophase-reinforced and nan-
ophase-free hcp magnesium and hcp zirconium alloys. The experimental studies
were employed to optimize the composition — processing — microstructure —
strength properties of the nanoparticle-reinforced composite materials with extend-
ed uniform strain. Kinetic hardening of alloys in the hcp Mg—Ba and hcp Be—Fe, C
systems carried out isothermally indicate the deviations from the Cottrell-Bilby time
law due to the non-isothermal kinetics of nanoparticulate nucleation by a pre-precip-
itate (cluster-forming) mechanism [122]. Such an approach has emerged as a means
to suppress the strain localization effects responsible for the degradation in disloca-
tion creep resistance and long-term strength in hcp metal alloy crystals.

11.5. Strength of Age-Hardened Alloys

The decomposition of a supersaturated solid solution during subse-
quent heat treatment leads to the formation of metastable phases or precipitation of
equilibrium phases due to the low diffusion coefficient and small equilibrium solubil-
ity of alloying elements (AE). Effective solid solution strengthening requires AEs
with a high solid solubility providing a large lattice distortion, which limits solubility
and restricts solid solution strengthening in most commercial alloys. It is now gener-
ally excepted that effective precipitation and dispersion strengthening depend on the
size, spacing, fine distribution and degree of coherency of second phase particles
which are either looped and bypassed or sheared by mobile dislocations during plas-
tic deformation.

The strengthening of metals and alloys is associated with the dragging of mobile
dislocations by certain components of structure such as thermally activated obsta-
cles-solutes with weak dragging effect (as small as 0.2 Gb®) and athermal strong bar-
riers (to 2.0 Gb?).

One should expect good creep resistance even in small grained polycrystals due
to fine particles pinning GBs and impeding dislocation movements [18, 28]. The
creep resistance and long-term strength of cast hcp metal crystals can be substan-
tially improved by precipitation hardening but the obtainable results are limited by
temperature dependence of dislocation capacity of their matrices for alloy atoms.
Besides, for the alloy systems with limited solubility of their components, quenching
from single phase into two phase region of equilibrium diagrams results in the for-
mation of metastable precipitates.

Two quantitative dislocation theories of the strength of solid solutions of age-
hardened alloys have been presented by Mott and Nabarro [397, 398] who consid-
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ered the interaction between dislocations and internal stresses caused by solute atom
clusters (Guinier-Preston zones) in the matrix prior to coherent precipitation as well
as by Kelly and Fine [399] who estimated the stress necessary to force a dislocation
through these zones, using heats of reversion as a measure of the energy. Strengthen-
ing due to the presence of Guinier-Preston zones was calculated by summing the
contributions from Mott and Nabarro’s coherency strengthening, Kelly and Fine's
chemical strengthening and the strength of residual solid solution. It is generally ac-
cepted that the mechanism of aging in terms of structural changes is well understood
and has been discussed in the literature.

11.5.1. Precipitation-Hardening Mechanism

For alloys with large volume fractions of coherent precipitates, disloca-
tions normally shear the precipitates during deformation. Potential strengthening contri-
butions include strain fields origin from precipitate-matrix lattice misfit and antiphase
boundary hardening due to the order within the precipitates [400]. For a given microstruc-
ture, a coherency strain mechanism and order hardening mechanism predict different
temperature dependences of flow stress. It is reasonable to associate precipitation harden-
ing in these systems, at least in part with coherency strains. Assuming a strengthening in-
crement due to coherency strain, one expects a direct dependence on the shear modulus.

Weakly bound interfaces are however needed to allow for the relaxation of the
dislocation stress field by atomic rearrangement and fast diffusion along the inter-
face. This may be the reasons why small precipitates appear to be less capable of relax-
ing the line energy than small dispersoids. Although the detailed understanding of
the particle-dislocation interactions at high temperatures is certainly not far ad-
vanced, it thus appears that on the basis of a varying degree of interfacial bond
strength and of particle coherency across the interface, the creep behavior of particle-
strengthened alloys may be consistently understood.

The interface ability to attract dislocations at high temperatures may be related
to poor interfacial binding. Its weakening might be due to segregation alloying or by
pre-treatment of dispersoid material. For example, Ni additions weaken the interface
bonding whereas Cr and Mo have the opposite effect [401]. In conclusion, at high €
the creep mechanism approaches that of dispersoid free matrix and is no longer di-
rectly determined by the particle dispersoid. The rapid degradation of the creep
strength at the lowest € and highest T may be caused by an increasing contribution of
GBs. This implies that the contribution can give rise to the abnormally high a.e. There
are two principal differences of the approach from the Orowan concept: (i) the parti-
cle radius r is introduced instead of the particle spacing A by Orowan; (ii) the high
temperature strength imparted by any particle dispersion cannot exceed about 60%
of the Orowan stress. In developing new experimental alloys, particular attention
should be paid to the properties of the particle-matrix interface. It stands to reason
that a high degree of dislocation relaxation can be achieved at an incoherent interface
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with a high specific energy. An alternative approach is proposed by Nardone and
Tien [402]. It bases on the existence of an attractive particle-dislocation, as suggested
by TEM studies of dislocation structure in crept specimens.

The concept of dislocation hardening originated with the sintered aluminium
product dragging in which magnesium is additionally strengthened by the presence
of nano SiC [403]. The principle of dispersion hardening has been successfully ap-
plied to other pure metals such as Cu, Bi, Al, Be, etc., in which the disperse phase is a
hard inert refractory oxide (AlZO3, BeO, ThOZ, etc.) added mechanically. Al—AlZO3
alloys have shown excellent strength properties at room and elevated temperatures
but the ductility is poor. In dispersion strengthened alloys prepared by powder met-
allurgy, the cohesion between the oxide particle and the matrix seems to be a me-
chanical one. Strength increases at the expense of ductility.

The alloying elements having high solubilities and high diffusion rates are nor-
mally used for precipitation hardening. At the same time dispersoids forming by ele-
ments having low solubilities and low diffusion rates can also give adequate high tem-
perature strength reducing GBs sliding, diffusion (Nabarro-Herring) and dislocation
(Ashby) contributions to stead-state creep/microyield of dispersion-hardened alloys.
Unfortunately, their limited solid solubility makes it impossible to obtain a fine disper-
sion of closely spaced incoherent particles using conventional ingot casting procedure
and technology. The inherently slow ingot solidification rates enhance and facilitate the
precipitation of coarse particles which lower the ductility and fracture toughness [404].
Rapid or supercooling (less than 10° K/s) is currently used in advanced solidification
technology, e.g., by quenching droplets of molten metal. Such a procedure enables the
thermodynamic limitations to be avoided. Besides, it promotes enhanced supersatura-
tion of solute elements and refinement of structure. Decomposition of the solid solu-
tion produces desired fine dispersion of precipitate. Although the model [402] predicts
an increase in strength with decreasing interparticle spacing, and therefore with vol-
ume fraction for a constant particle size, the negative ductility factor imposes restric-
tions on solute concentrations. It has been shown that when the volume fraction of
particles approaches some critical value, interaction effects come into play and interfa-
cial stresses are enhanced due to overlap of the plastic zones around the particles. This
results in interface separation at very low strains.

A reduction in grain size, which can be obtained under thermomechanical process-
ing has been shown to be effective in preventing premature failure in other systems by
reducing the dislocation pile-up length and therefore the high local stress concentra-
tions which cause early crack nucleation. Nonuniform deformation including in the
pre-yield region is certain to be enhanced with increasing temperature [405]. Progres-
sively more localized deformation and hence plastic instability are believed to occur as
the normalized stress 6/E approaches 107, i.e. the threshold Orowan stress (Fig. 11.2).

The precipitates having interfacial strain may aid in shearable homogenizing de-
formation. Coherent precipitates occurring in the course of the precipitate hardening
can be crossed by the mobile dislocations.
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11.5.2. Nanoprecipitation Hardening
in the Mg—Al—Ca System

Age hardened alloys suffer problems associated with low ductility
and inadequate fracture toughness caused by the sites of preferential strain localiza-
tion. The effect is due to the precipitation of fine, coherent with the matrix disper-
soids in association with the formation of weaker solute-depleted precipitate zones
adjacent to GBs [368].

Unlike the laminated Mg—Al solid solution with divorced eutectics and low
creep resistance, the maximum solubility of calcium reduces with increasing the alu-
minum content and decreasing temperature for the equilibrium states of alloys in the
Mg—Al—Ca system (Table 11.1).

At higher mass concentration of aluminum (up to 12.5 %) with the liquidity
improved by 30% the volume fraction of eutectic component -Mg Al , strength-
ened by calcium increases as much as by 15% with the simultaneous formation of
Mg, Al Ca, nanoparticles on the GBs [361] due to the saturation of primary Mg—Al
solid solution with a fine-grained structure. With this provision, calcium impedes the
decomposition of the Mg—Al solid solution stabilizing the nanophase composition
of Mg Al Ca_ on the GBs. The interface between the precipitate and the alloy matrix
is highly irregular due to the misfit (Fig. 11.3). The surface dislocations surrounding
the precipitates, although poorly resolved, are indicative of the partial coherency.
With this provision, stable precipitates partially coherent with the disordered matrix
are formed due to the dislocation network accommodating the misfit.

Since the hcp magnesium matrix reveals some covalency, coherent (ordered)
particles may cause embrittlement by a dislocation cutting mechanism due to the
inhomogeneous slip and strong dislocation pile-ups (Fig. 11.4). Replacement of the
coherent interface of the metastable (ordered) phase with a partially coherent inter-
face of the stable nm Mg Al Ca_seems to occur preferentially on GBs. In hypoeutec-
tic systems, the nanophase strengthening of GBs is most likely to superpose on that
contributed by so-called eutectic strengthening which extends the useful long-term
strength to higher temperatures.

Table 11.2 summaries the best ternary and quaternary combinations of micro-
mechanical properties obtained for magnesium alloys in the Mg—Al—Ca system. A

Table 11.1. Maximum calcium solubility in magnesium and hcp Mg—Al alloys

Alloy system Temperature, K Content, mass%
Mg 789 1.34
Mg—4.5A1 793 0.5
723 0.02
Mg—8.5Al 723 0.01
Mg—12.5Al 643 None
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Fig. 11.3. Misfit dislocations at the interface of semi-coherent precipitates after the decomposition
of a-Mg solid solution

Fig. 11.4. Dislocation pile-ups at the interface of coherent precipitates after the decomposition of
a-Mg solid solution

Table 11.2. Micromechanical properties of conventional and newly developed
experimental magnesium alloys with nanoreinforced GBs at 423 K

Critical creep parameters
5 Cre@p
Alloy system at fYt-, Creep Loading time t*, hr | Allowable s?;len
MPa | strength, creep P
MPa Exp. Theory [14] strain €5 % s’

Mg—9Al—1Zn 170 35 200 185 1.93-2.50 | =107

AZ91D (Dow Chemical 64 50-100 Fracture

Corp., USA)

AZ91D—2Ca 220 64 50 70 0.1 108
Mg—12.5A1—1.3Ca 157 65 160-180 220 0.17-0.24 | <1078
Mg—12.5A1—1.3Ca—0.3Mn—0.1Ti | 180 70 150-200 277 0.2-0.4 <107
Mg—12.5A1—1.3Ca—0.4Mn—0.2Ti | 210 70 200 — 0.28 <10~

purified commercially available magnesium alloys in the Mg—Al—Ca—Ti system
with the extended uniform tensile creep strain retains their high creep resistance (at
€ ~107 s!) after 200 hr creep testing with constant applied load 70 MPa. These alloys
do have potential in terms of achieving properties suitable for automobile alloys and
may be successfully adopted to high and low pressure die-casting thanks to their ex-
cellent liquidity (by 30%), creep resistance and long-term strength.

The inhibition of dislocation mobility by above-mentioned mechanisms and
their forced resistance provide very slow microyielding (at rates of about 10~ s™)
making it less sensitive for exposure to higher temperatures, offering heat resistance
and causing a delayed fracture. These processes postpone the achievement of the
critical dislocation density for a new family of the creep-resistant and long-term
strength alloys presenting a cost-efficient system capable to operate with an allow-
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ance of total creep strain of up to 0.4% (Table 11.2). For a given creep strain, long-
term strength of the quaternary Mg—AIl—Ca, X alloys is compared favorably with
AZ91D and ascertained to be 70 MPa at 423 K for 200 hr (see Table 10.7).

11.6. Nanodispersion Strengthening
Mechanism in Magnesium Alloys

In order to overcome the problem of strain localization in solution-
hardened alloys, the efforts are focused on the addition of dispersoids to refine the
grain size and to minimize strain location. In particular, the attempts have been un-
dertaken to develop the Al—Li—Mn and Al—Cu—Li alloys with fine-grained struc-
ture and minimal strain localization [406]. Nanoreinforced strengthening should be
considered as a powerful means for aligning the micromechanical properties of
structural components all over the bulk of a given alloy. Uniform distribution of the
strengthening nanoparticles to much higher temperature applications and delays a
premature fracture of the newly developed metal alloys. The higher thermal stability
of dispersion systems is provided by low-energetic interphase structures, i.e., low val-
ues of the interfacial specific energy, solubility and diffusivity typical for metallic al-
loys of eutectic origin [407].

The practical interest in microstructures of eutectic origin arises from the chem-
ical equilibrium of the two-phase alloys with constituents that are unaffected up to
the chemical decay. Nevertheless, commercially available magnesium alloys such as
AZ91D and the like are certain to be specified by divorced eutectic and laminated
solid solution and, as a consequence, by low creep strength at higher temperatures.

Microstructural investigations based, in particular, on TEM and SEM data fur-
nish direct evidence of the nature of the Al,Zr ordered phase precipitated coherently,
as can be seen from its spherical shape (Fig. 11.5, a). Indexing the selection area dif-
fraction pattern (Fig. 11.5, b) produces enough information to identify the Al Zr
nanodispersoid. Incorporation of the ordered nanophase into the hexagonal matrix
is of great interest due to its wetting ability for the magnesium melt and the use of fcc
Al-nm AlZr as an alloying composition ligature via rapid solidification technique
based on a pulsed treatment) [361].

Moreover, their phase interfacial bonding is capable of eftectively transferring a
load from phase to phase and to call the effect of natural composite strengthening.
Strain rate change creep testing of magnesium alloys in the Mg—12.5Al and nanorein-
forced Mg—12.5A1—10 nm Al Zr systems is presented in Fig. 11.6. Micromechanical
properties of purified magnesium alloys under examination can be additionally im-
proved by equalizing the deformation behavior of their structural components through-
out the material when incorporating nanoparticles like nm Al Zr in the matrix.

To illustrate, the points A’ and A" indicate the shift of the ultimate transition
from uniform to concentrated plastic deformation with localized shear in the acti-
vated sliding region upon introducing nanoparticles like nm Al Zr in the crystalline
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Fig. 11.5. SEM micrograph of nm intermetallic AL, Zr with the effect of
strengthening in fcc Al matrix (a) and a SAD pattern from the Al,Zr nano-
phase with a cubic-type L1, lattice which satisfy the criteria of structural
isomorphism and the high-resolution image of the selected areas (b)
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Fig. 11.6. Responses of creep resistance (1) and time-dependent elongation (2) at 100 MPa and 423 K
for magnesium alloys in the hcp Mg—12.5Al (a) and hcp Mg—12.5A1—0.5 mass% nm AL Zr (b)
systems; insert: typical tensile stress-strain curves for Mg—12.5A1 (3) and Mg—12.5A1—0.3 mass%
nm ZrO, alloys (4) at 423 K

matrix of the Mg—Al primary solid solution. A minute quantity of the useful uni-
form creep strain is seen to increase by 2% for the given nanophase reinforced alloy.
The nanomodificated structure of the magnesium alloy increases creep resistance
and strength as well as doubles its lifetime (from 24 to 48 h). Furthermore, the strain
rate € reduces from 7.4 - 107 s7' to 2.5 - 1077 s™! at 100 MPa and 423 K. Thus, the drag-
ging effect in purified magnesium alloys can be enhanced by a nanophase strength-
ening mechanism provided that the thermally stable nanoparticles pin the GBs.

REs with atomic numbers from 58 to 71 all have the same chemistry except
gadolinium. The main advantage of using RE alloying elements is that their small
amounts to hcp metal alloys produced by ingot metallurgy technique result in more
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uniform distribution of fine incoherent nanoparticles [356]. However, in magnesium
alloys (Table 9.4), under the data of chemical and XRD analyses, most of the stable
RE-bearing nanodispersoids having additions of Y and Gd pin mainly GBs, and
a-Mg matrix is essentially free of the dissolved RE.

The creep properties of magnesium alloys under investigation at 423 K and 70
MPa are significantly better than that of the commercial alloys AZ91D, AE42 and
AS21. Unlike an AZ series of magnesium alloys with divorced eutectic (AZ91D, etc.),
these experimental magnesium-based alloys containing cheaper additions compare
favorably with higher creep and heat resistances as well as long-term strength against,
e.g., magnesium alloy AE42 (Mg—4AIl—2.5RE) containing expensive additions in
the temperature and stress ranges of interest for automobile applications.

11.7. Development of High-Performance
Zirconium-Based Alloys for Nuclear Energetics

The present study is concerned with nanooxide-reinforced zirco-
nium alloys in the Zr—Nb—Sn—Fe system containing up to 1.5% nm Y,0, and 1.2 %
nm ZrO,. They have been designed and examined mechanically and chemically us-
ing spectrographic, chemical and XRD analyses as well as strain-rate sensitivity tests
and isothermal tensile creep testing to reveal processing-chemistry-structure rela-
tions responsible for the strengthening effects. In this study, a series of new experi-
mental alloys based on the hcp Zr—Nb—Sn—Fe system and reinforced by nanoox-
ides has been designed to improve their mechanical strength and dislocation creep
resistance. To achieve this purpose, the effectiveness of their nanophase strengthen-
ing mechanisms was verified in as-cast, deformed and annealed conditions. An in-
novative method for nanooxide incorporating in the melt was developed to provide
more uniform distribution of nanoparticles. Nanosized refractory oxides Y,0, and
ZrO, were identified by proper electron microscopy technique. Stress relaxation and
strain rate change tests were performed to optimize the specific properties of short-
and long-term strengths at 293 and 673 K.

This research also outlines a detailed study of mechanical properties of zir-
conium alloys in the Zr—8Al and Zr—8AIl—1NDb systems using strain rate change
measurements and tensile tests in a wide temperature range to optimize their
specific properties such as dislocation creep resistance, high temperature strength
and low temperature ductility. In this approach, a suitable combination of the in-
novative is melting, hot-working and annealing treatment of the Zr—8Al—1Nb
alloy to produce a substantially continuous matrix of the L1, ordered intermetal-
lic compound Zr Al (up to 92%). A series of mechanical tests has been carried
out with the Zr,Al-based alloys which should be considered as discontinuously
reinforced composite materials by the very nature. Post thermomechanical treat-
ment of as-cast Zr,Al-based alloys indicates their unchangeable yield stress at
293 and within 673-973 K.
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Mechanical properties of the essentially ordered Zr Al-based alloys are at least twice
higher than those observed for solution-hardened zirconium alloys (Zircaloys). The
Zr Al-induced structure developed by thermomechanical treatment with subsequent an-
nealing improves the chemical and structural homogeneity of the composite material as
a whole. The formation of inhibited jog-type obstacles on the screw dislocations is as-
sumed to be the rate-controlling deformed mechanism of Zr, Al ordered alloy strengthen-
ing which is dependent on the dislocation density. Excellent combination of short-term
mechanical properties at 293 K and relaxation strength at 673-773 K revealed in the
Zr,Al-based alloys leads to their ability for high performance applications.

11.7.1 Nanooxide Strengthening of Zirconium Alloys

Historically, zirconium alloys, for example, the Zircaloys series, are
still used in nuclear power engineering as shell materials [408-411]. Besides, new
experimental alloys (Zirlo, M5, etc.) with additions of Nb significantly improve the
creep resistance and performance of the fuel element cladding [409]. According to
[410], niobium, under certain conditions, forms atmospheres of dissolved atoms
around dislocations and thus slows down sliding during creep. In this case, the creep
deformation is accompanied by the dislocation climb. Industrial zirconium alloys,
the main alloying elements of which are niobium and tin (E-110, E-635, etc.) are
widely used in the manufacture of claddings for fuel elements of thermal neutron
power reactors with a water-steam coolant. In this regard, it is necessary to signifi-
cantly increase the efficiency of such power nuclear reactors, in particular, to increase
the coolant temperature to 673-723 K. Under these conditions, zirconium alloys
E-110 and E-635 cannot be used, primarily due to insufficiently high creep resistance
and long-term strength.

Usually, the hardened state of cast heat-resistant alloys is achieved by creating a
structure that prevents the formation and movement of dislocations, mainly by the
mechanism of precipitation hardening. However, precipitation-hardened alloys cre-
ate a number of problems associated with a decrease in plasticity and inadequate
premature fracture (long before neck formation) due to localization of deformation
in soft regions of polycrystals with a high concentration of overstress, in particular,
near-boundary Guinier-Preston’s zones, free of precipitates, or at triple points (junc-
tions) of grains. In the USA, a complex of technological developments of high-
strength Al—Li—Mn and Al—Cu—Li alloys with minimal localization of micro-
flow was carried out [368, 406]. According to [412], Al—Sc alloys hardened by the
precipitation hardening mechanism have the lowest thermal stability due to acceler-
ated coalescence caused by increased diffusion mobility of Sc and the loss of coher-
ence by 30 nm Al Sc-coherence particles which create large fields of elastic distor-
tions. Disruption of coherence in such cases occurs as a result of the formation of
misfit dislocations. In addition, this alloy under the influence of atomic hydrogen
becomes embrittled, for example, in space.
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In the search for the most effective solutions, the systems of alloys with nano-
phase hardening are of particular interest, the advantages of which are associated
with the possibility of artificially introducing nanodispersoids (no more than 10-50 nm
in size) into the matrix at various stages of technological or industrial production and
discrete modification of the structure [376]. Nanooxides ZrO,, Y,0,, SiO,, ALO,,
TiO, and La, O, have selective wettability in melts, compatibility with components of
complex alloyed alloys and do not actively interact with the matrix in a wide tem-
perature range. Their introduction into liquid matrix of alloys based on copper and
nickel in the range 3-4 vol. % causes the maximum increase in strength without unac-
ceptable loss of ductility [411, 413].

Yttria is one of the oxides with the highest negative free enthalpy of formation,
attesting to its thermal stability, and consequently only negligible dispersoid coarsen-
ing occurs in mechanically alloyed composite materials during exposure to tempera-
tures lower than 1273 K for even more than 10,000 hr [367]. The average spacing be-
tween 30 nm oxide dispersoids is expected to be approximately 100 nm; the desired
uniformity of the dispersoid distribution was confirmed at the level of TEM analysis.
In our works [364, 365], complex alloyed zirconium alloys were studied using the Zr —
Nb—Sn—nm ZrO, system with a discrete distribution of nanooxides up to 5 nm in
size. In this case, in alloys with additions of 0.5 and 1.2% nm ZrO,, it is possible to
achieve, respectively, a twofold and threefold increase in the short-term strength.
Taking into account the high results obtained, it is advisable to continue research in
these areas with the verification of other no less promising nanooxides (YZOS, La O,
etc.), which also have good wettability with the zirconium melt. The development of
cast zirconium alloys with Y,0, nanooxide hardening becomes of paramount impor-
tance if we take into account that similar alloys obtained by powder metallurgy meth-
ods [411] with addition of up to 2% Y,O, (200 nm in size) retain at 773 K the param-
eters of the creep rate and long-term strength up to the values close to the parameters
for undoped zirconium.

Disperse (nanophase) hardening of alloys is characterized by increased resist-
ance to high-temperature creep. In particular, dispersed refractory oxides, introduced
during technological processing (for example, by mechanical alloying) or industrial
production, form incoherent boundaries with the matrix, which, according to [376],
attract dislocations at elevated temperatures.

Disperse oxide strengthening of metals (in particular, nanostructured copper)
with AL O, nanoparticles increases the strength of the material by 1.5 times in ten-
sion and by an order of magnitude in creep [413]. ZrO, in zirconium alloys signifi-
cantly increases the resistance to dislocation creep at temperatures of about 673 K
[414]. Using thermomechanical treatment in the range of stability of the nanos-
tructure, nanocomposite materials based on commercially pure titanium were ob-
tained in terms of dispersion hardening of such a material with the precipitation of
Ti,C nanoparticles increasing its strength to a level typical for multicomponent ti-
tanium alloys (o, ~ 850 MPa, o, ~ 1100 MPa) [415]. Therefore, in recent years,
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Fig. 11.7. Effect of Nb content on the steady-state creep rate of Zr-0.4Sn-xNb alloys [416]
Fig. 11.8. Effect of Sn content on the steady-state creep rate of Zr-0.8Nb-xSn alloys [416]

special attention has been paid to the nanophase hardening of the most promising
alloy systems.

This research presents the results of measurements of the short-term and long-
term strength parameters for complex-alloyed alloys based on the Zr—Nb—Sn, Fe
systems containing nanoparticles of ZrO, and Y,0,. The data obtained were used to
check the rate sensitivity of stresses and to select the most probable dislocation mech-
anism responsible for nanophase hardening, which provides an increase in the resist-
ance to dislocation microflow/creep and long-term strength of these alloys with solid
solution hardening.

Experimental Procedure

Zirconium alloys in the Zr—Nb—Sn—Fe system with additions of
traditional solutes (Figs. 11.7 and 11.8) were chosen as a matrix of nanomodified
composite materials taking into account data published in the open literature: nm
ZrO, monoclinic modification with a size of about 4 nm in the amount of about
1.2 mass%, as well as nm Y,0, cubic modification in an amount of up to 1.5 mass%
of about 40 nm. Alloys based on iodide zirconium were smelted in an electric arc
furnace with a non-consumable electrode in an argon atmosphere. A titanium iodide
melt was used as a getter for gaseous impurities. For uniform distribution of nanoox-
ides, a four-fold remelting was carried out in the Zr—Nb—Sn—Fe system together
with the tin melt. After melting, the nanooxides were identified by TEM (JEOL JEM-
100 CX P), XRD and X-ray photoelectron spectroscopy.

Research Results

According to the data of synchronous thermal analysis (STA),
which combines the simultaneous measurement of mass (thermogravimetry, TG)
and thermal effects (differential scanning calorimetry, DSC) (Fig. 11.9), the conclu-
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sion is justified that the second remelting of iodide Zr is accompanied by contamina-
tion (saturation) with oxygen, which suppresses the a-f phase transition. To fulfill
the requirements for chemical homogeneity of Zr alloy ingots, at least 4 remelts are
required. According to DTA/DSC data, with the introduction of Sn, the range of the
a-B polymorphic transformation appears and expands. In this case, a shift in the
temperature of transformation and expansion of the two-phase region are observed
due to the slow kinetics of grain growth of the a-phase and the fast kinetics of grain
growth of the B-phase (Fig. 11.10)

According to the XRD analysis (Table 11.3), the Zr—1Nb—1.5Sn—0.17Fe—1.5
nm Y,0, alloy consists of an a-solid solution of zirconium and yttrium oxides (Fig.
11.11) shows a typical electron micrograph of the structure of the Zr—1Nb—0.6Sn—
0.17Fe—0.8—nm ZrO, alloy, which reveals, at a higher resolution, high volume frac-
tion (distribution density) of ZrO, nanooxides (Figs. 11.11 a, b).

The electron microdiftraction patterns of this alloy revealed two types of reflec-
tions from Zr (002) with an interplanar distance of 2.585 + 0.001 A and from ZrO,
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Fig. 11.11. Electron micrograph of the microstructure of the Zr—1Nb—0.6Sn—0.17Fe—0.8 nm
ZrO, alloy after short-term tests at 673 K with the distribution of nanoparticles (dark-field image) (a)
and electron microdiffraction pattern with reflections from the matrix and nanooxide ZrO, (b)

(111) with an interplanar distance of 2.847 + 0.016 A. The dark-field images with
phase reflections show nanoparticles with a high distribution density. They were
based on electron microdiffraction calculations, which are identified as particles of
ZrO, nanooxide. Therefore, the chosen method of the consolidation for nanosized
particles of refractory oxides in zirconium-based allows not melts only their intro-
duction into liquid alloys, but also ensures a uniform distribution of nanooxides in
the bulk of these alloys. It is important to emphasize that this technological solution
ensures the formation of high hardness, heat resistance, creep resistance, and long-
term strength of the investigated dispersion-strengthened zirconium alloys.
Deformation effectively affects the static and dynamic deformation aging of the
studied zirconium alloys, in particular the kinetics of the decomposition of their sol-
id solutions, and contributes to a more complete pinning of dislocations at low ve-
locities, often corresponding to the creep rate. Thus, repeated loading of samples after
intermediate holding is accompanied by an increase in stress and the appearance of
the so-called yield point on stress-strain curves during unloading. In the case dislo-
cations are pinned with the formation of Cottrell impurity atmospheres based on
interstitial elements (oxygen). These experiments clearly demonstrate the participa-
tion of residual (accompanying) or technologically inevitable interstitial impurities
in the formation of the resulting metallic properties of alloys in the Zr—Nb—Zn—Fe
system. In this work, special short-term tests were carried out, which made it possible
to reveal the interaction of the
residual interstitial impurities, Table 11.3. Phase composition of the
primarily oxygen, with the dislo- Zr—INB—1.55n—0.17Fe—1.5nmY 0, alloy

cation structure of remelted zir- Phase Lattice parameter, nm
conium iodide alloys. When the | composition | ©Ontent % . c
deformation of the nano-har-

dened alloy Zr—INb—1.5Sn— | aZr (hcp) 98.71 0.32446 0.51699
0.17Fe—1.5nmY,0, is carried out | Y,0, (cub) 1.29 1.0602 —
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Fig. 11.12. Tensile curves at test temperatures of 878 (1), 778 (2), and 678 K (3) for Zr—INb—1.5
Sn—0.17Fe—1.5nmY, 0, alloy

Fig. 11.13. Temperature dependence of the mechanical properties for Zr—I1Nb—0.6Sn—0.17Fe—
0.8nmZrO, alloy subjected to deformation in the temperature range of 293-873 K

with intermediate loads from maximum to zero, its tensile curves at 773 and 673 K
exhibit a yield point described in the literature by many researchers (Fig. 11.12).

In the case of continuous deformation, a yield point is absent. Its appearance on
the tensile curve is associated with the activation of the Cottrell mechanism for inter-
titial elements [364]. In the initial stage of deformation, a sharp increase in the den-
sity (multiplication) of dislocations occurs. During the unloading of the sample in
the temperature range of 293-873 K, condensation most likely of oxygen atoms oc-
curs on immobile dislocations with the formation of Cottrell impurity atmospheres
(Fig. 11.13).

Repeated loading (stretching) causes the appearance of a yield point, as predict-
ed by Cottrell’s strain aging theory. It should be noted that the oxygen concentration
increases after each remelting of complex alloyed zirconium iodide alloys, which is
confirmed by the data of chemical analysis and the corresponding increase in the
elastic modulus. It is necessary to emphasize also other signs of the dislocation nature
of strain aging. The serrations in the tensile curves are observed even at room tem-
perature and disappear at temperatures above 873 K; i.e., in the region of severe de-
formation, when no Cottrell atmospheres are formed (Fig. 9.11).

The presence of the effect of dynamic strain aging on the curves of the tempera-
ture dependence of the mechanical properties of the deformed (and annealed) alloy
Zr—I1Nb—0.6Sn—0.17Fe—0.8nmZrO, (Fig. 11.13) is another confirmation of the
activation of the mechanism controlling the interaction of mobile dislocations with
mobile dissolved interstitial oxygen atoms, the concentration of which increases with
the number of remelts (Fig. 11.9).

From a comparison of the rate sensitivity of stresses for iodide zirconium and its
alloys, it follows that the alloy hardened with 40 nm Y,O, with a concentration of
1.5% provides a higher resistance to dislocation microyielding than the alloy rein-
forced with 10 nm ZrO, with a concentration of up to 1.2%. Thermomechanical treat-
ment (at 973...1073 K) enhances the effect of nanooxide hardening of the investigated
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alloys (Tables 11.4 and 11.5) as a result of increasing the density (multiplication) of
mobile dislocations and grinding the so-called martensitic structure of the primary
a-Zr solid solution. Under these conditions, a change in thermal activation parame-
ters is observed.

The most typical research results for the rate sensitivity of stresses in alloys of the
Zr—Nb—Sn—Fe system, nano Y,O,-strengthened are shown in Figs. 11.14 and 11.15.
On these graphs, the points correspond to the experimental data, and the lines — to
the extrapolated dependences. Thermoactivation analysis of the creep rate in the
steady-state stage for these alloys was carried out using the relation
H,—7 -V’ J

e (11.10)

e=¢eo(0)" exp(—

where £ is a constant; o is the applied stress; t* is the effective stress; V* is the appar-

ent activation volume; n is the degree of strain hardening associated with the depend-

ence of the density of mobile dislocations on stress; H is the apparent activation en-

ergy; k is Boltzmann’s constant; T is the absolute temperature. The apparent stress
exponent n can be obtained by differentiation of the equation [377]:

G dme 3 Gb’

= =227 (1—-k)?(1- .9
dinc 2 2kT( JH-olay) o, (11.11)

where 0.2 < o/ 0,<0.9.

Table 11.4. Mechanical properties of cast zirconium alloys at 673 K

Chemical composition, mass% E, GPa ?}}-%’g G, MPa | 6, MPa 3, % v, %
Zr—1Nb—1.5Sn 77.5 39 159 220 13.8 86.6
Zr—INb—1.55n—0.5ZrO, 74.6 65 214 275 13.3 85.2
Zr—INb—1.55n—1.2ZrO, 77.6 131 240 300 12.5 47.1
Zr—INb—0.65n—0.17Fe—0.8ZrO, | 70.2 84 192 260 20.0 77.8
Zr—INb—1.55n—0.17Fe—1.5Y,0, 79 146 245 330 7.7 17.4

Table 11.5. Mechanical properties of deformed and annealed zirconium alloys at 673 K

Chemical iomposition E, Gy oup G,y G 8. % v, %
of alloy*, mass% GPa MPa MPa MPa
Zr—INb—1.55n—1.2ZrO, 83.6 179 270 348 19.6 83
Zr—INb—0.65Sn—0.17Fe—0.8Z1O, 65.8 — 191 285 18.8 87.8
Zr—1Nb—0.65n—0.17Fe—0.8ZrO, 66.5 — 215 321 18.3 82.7

* Hot deformation from 61 to 87 % ¢ and treatment at 1073 K for 10 min.
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The Rosler-Arzt equation is then equivalent to the usual power-law creep equa-
tion with very high value of n. For o/0, > 0.9 the creep strength degrades with de-
creasing € ( to low n). With this provision, the attractive detachment vanishes with
the detachment barriers disappearance. Climb effect exerts a back stress o, on mov-
ing dislocations (0" = 0 - o).

Under the preliminary data of thermoactivation analysis in the range of normal-
ized stresses (0.6-4.4 x 10~ o/E ) and the temperature range 673-873K, the rate of
microplastic (creep) deformation is controlled by some thermally activated disloca-
tion mechanisms with the apparent a.e. H = 4.3 eV (~1Gb®) and a.v. V = 31.5b% as
well as with a.e. H = 3.4 eV (~0.8 Gb’) and a.v. V = 22.5b” for the cast and deformed
states of the Zr-1Nb-1.55n-0.17Fe-1.5nmY,O; alloy, respectively (Figs. 11.14 and
11.15). Decrease in a.v. for V after intense thermomechanical treatment of this alloy
indicates a reduction in the activation length of a dislocation nanosegment (L_) and
a possible increase in the number of jogs at a dislocation.

Post thermomechanical treatment of as-cast zirconium alloys shows its benefi-
cial influence on the better combination of strength and ductility of the nanorein-
forced zirconium alloys (Table 11.6).

Nanodispersion strengthening discovers new possibilities for increasing the
high-temperature strength of experimental zirconium alloys. In particular, at 673 K
the short-term strength of alloys in the hcp Zr—3Sn-0.5—nm ZrO, is doubled, and
increases threefold in the hcp Zr—1.55n—1Nb—1.2— nm ZrO, compared to Zr—3
Sn alloy (Fig. 11.16). Nevertheless, the steady-state creep behavior of a given zirco-
nium alloy (Figs. 11.14 and 11.15) is similar to that obtained for magnesium alloys
(Fig. 11.6, a, b) only at higher strain rates when the rapid thermally activated disloca-
tions interact with athermal barriers such as SiO, nanoparticles. The curves were di-

Table 11.6. Ultimate mechanical properties of deformed
and annealed zirconium-based alloys upon tensile testing

Chemical composition, mass% tempg;zsttlre, K I\Zf’a NS’Sa, EL, % | RA, %
Zr—1.0Nb—1.55n—1.2nmZrO, 751 | 872 | 13.3 | 383
Zr—1.0Nb—1.55n—0.17Fe—1.5nmY,0, 293 590 | 752 | 12.8 | 15.1
Zr—1.0Nb [417] 200 | 350 30 —
E635 [418] 293 500 | 590 16 —
E 110—Zr,0 [418] 293 580 — 22 —
Zr—1.0Nb—1.55n—0.17Fe—1.2ZrO, 673 270 | 348 | 196 | 83
Zr—1.0Nb—1.55n—0.17Fe—1.5nmY,0, 673 245 | 330 7.7 | 174
Zircaloy 2 (Sandvik Co) 673 130 210 28 —
E 110: Zr—1.0Nb* 673 90 186 38 —
E 635: Zr—1.0Nb—(1.1—1.4)Sn—(0.3—0.5)Fe 673 253 | 288 18 —

* Typical strength of zirconium alloys at 773 K does not exceed 150 MPa.
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Fig. 11.14. Creep strain rate, £, as a function of stress, o, for cast alloy Zr—1Nb—0.5Sn—0.17Fe—
1.5nmY,0, at test temperatures of 873 (1), 773 (2), and 673 K (3)

Fig. 11.15. Creep strain rate, £, as a function of stress, o, at test temperatures of 873 (1), 773 (2), and
673 K (3) for Zr—INb—0.55n—0.17Fe—1.5 nm Y,0, alloy subsequent to its hot deformation by
0.68 £ and annealing at 1073K, 10 min

rectly calculated by interpolating the data obtained from the mechanical tests. The
observations were performed in order to describe the strain rate sensitivity of zirco-
nium alloys in the commercially available hcp Zr—Nb—Zn system.

Modeling calculations and strength design indicate that the abrupt curves of
stress increment Ao vs the content of nano ZrO, obtained at higher steady-state creep
strain rates gradually change into the smooth curves at lower strain rates (Fig. 11.17).
The plot is expected to consist of two regions separating the entire data on high and
low strain rate sensitivity. A transition to lower strain rates is accompanied by weak-
ening of ZrO, nanophase strengthening. The resulting drag effect on sliding disloca-
tions due to the ZrO, nanoparticles is active enough only at higher strain rates (10-*-
10°s™"), as can be seen in Fig. 11.17.

It might appear at first glance that the nature of this variation would be rather
unexpected. This finding might be well understood if properly provided for a shield-
ing effect [24] of mobile interstitial oxygen which can inhibit the interaction between
dislocations, migrating solute atoms and nm ZrO, particles upon slowing down strain
rate. It is quite obvious that the dragging effect depends on the velocity of dislocations
proportional to the strain rate in the thermally activated region. At higher strain rates
the waiting time should be expected to be too short to form the dense Cottrell solute
oxygen-containing atmosphere by a long-range diffusion-controlled mechanism.
Thermal activation of rapid (short-range) mechanism appears to be energetically fa-
vorable for fast dislocations whereas Cottrell blocking by solute atmospheres is rate-
controlling for slow dislocations. It is well-known that zirconium and its alloys are
extremely strain sensitive to the presence of oxygen. The impurity interstitial solutes
(0.15% O,) affect essentially the stain rate and ability to the dislocation dragging ef-
fects in substitutional solution-hardened alloys. A striking example of this unusual
behavior is given by Zr—Nb—Sn and Zr—Nb—Sn—nm ZrO, systems in the course
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Fig. 11.16. Tensile curves at 673K for zirconium-based alloys in the systems hcp Zr—3Sn (1),
Zr—35n—0.5nmZrO, (2), and Zr—1.55n—1Nb—1.2 mass% nm ZrO, (3)

Fig. 11.17. Stress increment as a function of 10 nm ZrO, content for Zr—I1Nb—1.5Sn—nano ZrO,

alloy at 673 K for different strain rates: 10~ (1), 10~ (2), 10~° (3), 10 (4), 1077 (5), 107 (6), 10~ (7),
100 (8) s

of strain-rate change tests. Oxygen is an attendant (technologically inevitable) impu-
rity in technical grades of zirconium with an a.e. for vacancy migration of about 1.6 eV/
atom and vacancy concentration on the interfacial surface ZrO,~Zr to be 4.2 x 10*°
vacancies/cm? [413]. Under the data on amplitude-dependent internal friction, the
observed dislocation damping (Fig. 11.18) is the binding energy E,_between a disloca-
tion and an interstitial solute-vacancy paired defect to be of about 2.0 eV associated
with the presence of interstitially soluble oxygen in a parent zirconium matrix which
forms the so-called paired defects consisting of an oxygen atom and an excess (strain-
produced) vacancy [121].

These defects migrate in the stress field and pin the mobile dislocations by Cot-
trell locking with the high binding energy E, of 2.0 eV (Fig. 11.18). With this provi-
sion, vacancy-type defects are assumed to relax the lattice strain caused by the action
of oxygen atoms. In free crystalline lattice, substitutional solute atoms are much low-
er than interstitial ones. Therefore, at high strain rates they are too slow to cause
hardening during tensile testing, while at slower strain rate they can compete with
the interstitial atoms in the stress field around dislocations. Following the kinetics for
a solid solution, solutes re-arrange first on the dislocation cores by Snoek stress-in-
duced ordering mechanism or by the Schoeck-Seeger-Fisher-Fleisher short-range
(rapid) mechanism and then they form solute atmospheres, for example, by the Cot-
trell long-term (diffusion-controlled) mechanism. The kinetic effect of Cottrell lock-
ing is thought to be negligible at high strain rates provided that time taken for the
activation process of dislocation-interstitial interaction is too short to allow the for-
mation of dense oxygen-containing Cottrell atmospheres. On the contrary, at slow
strain rates, the oxygen atoms give a considerable contribution to the Cottrell atmos-
phere formation shielding their movement to the athermal barrier (nm ZrO,).
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utes. The slow kinetics of the poor strengthening indicates the preferential segrega-
tion of interstitial impurities towards the slow dislocations. The solute atmospheres
provide a dragging effect on the stress fields of mobile dislocations when they pass
through a lattice and cause the redistribution of solutes and excess vacancies due to
their chemical affinity to oxygen. The principal idea is to neutralize the detrimental
effect of foreign impurities on creep resistance and long-term strength of hcp metal
alloy crystals. Since interstitial impurity atoms such as oxygen and the like impose a
strain on solvent lattice restricting dislocation movement in the lattice strain field, it
is necessary to remove the strain from the total lattice strain by refining or scavenging
interstitial oxygen from primary solid solution using, e.g., erbium, cerium and yt-
trium. This approach allows the respective oxides to be formed due to their large nega-
tive free energies. With this provision, the main advantages of commercially available
zirconium alloys under consideration could be kept at lower creep strain rates.

Nanodispersion Strengthening Mechanism in Zirconium Alloys

Dispersion hardening is the result of phase transformations typical,
in particular, for the kinetics of the decomposition of a solid solution with the natural
release of coherent nanoparticles. Nanophases are formed under conditions far from
equilibrium [419, 420], including the rapid crystallization of highly supersaturated
states [421]. The fcc Al — fcc Al Sc system is an impressive example of this kind of
behavior. Sc dissolves in Al up to 0.3% at T . The lattice parameters of fcc Al and fcc
Al Sc differ by only 1.3%. Therefore, nanoparticles with a diameter from 3 to 0.5 nm
cause a very strong nanophase hardening effect. However, these metastable coherent
nanoparticles rapidly grow larger after the coherence breakdown.

Until now, there is no simple theory that could unambiguously predict the mech-
anism of nanophase hardening based on the interaction of gliding dislocations with
high-strength athermal barriers (up to 2.0 Gb?). Therefore, in particular, creep and
stress relaxation tests are performed for each new experimental alloy. There is no
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general agreement among researchers on the dislocation mechanism that controls
the rate of microplastic deformation at elevated temperatures for other reasons. Ac-
cording to Sastry data [414], an increase in the temperature dependence of stresses
with a decrease in the test temperature is observed for deformed and annealed high-
purity a-Zr and a-Zr containing impurities of interstitial elements (0.15% O,, etc.).
In this case, the controlling mechanism is associated either with the interaction of
dislocations with interstitial impurity elements, or with the potential Peierls relief,
which is overcome as a result of the formation of pair kinks at the dislocations. How-
ever, the actual a.e. H is not a critical parameter or event to identify a control mech-
anism. Additional measurements or calculations of a.v. V* are some reason for choos-
ing a physical mechanism provided that the dislocation structure is retained. If we
take into account that the activation of the transverse slip mechanism, adopted by
many researches for thermal activation analysis, does not create pile ups and, there-
fore, does not cause the effect of strain hardening, and if we take into account that a
constant structure creates thermal resistance, thermomechanical treatment followed
by annealing of zirconium alloys eliminates the activation of the precipitation hard-
ening mechanism. Usually, the power law characterizes the athermal contribution of
the force interaction of dislocations and the stages of deformation (dislocation) hard-
ening at long-range distances (~300 interatomic distances). The formation of inco-
herent interfaces between refractory nanooxides (YZO3, Zr0O,) and a metal matrix is
an important advantage of the dispersion hardening mechanism. In the periodical
literature, direct evidence has been obtained for the existence of a threshold stress of
dislocation creep, at which athermal depinning of dislocations trapped by dispersed
particles occurs [422]. In this case, do / € and d(c / E) / d€ tend to zero at the critical
value of 0. Dislocation creep of zirconium alloys is observed in the investigated tem-
perature range 673-873 K. In this case, the threshold stress is not reached. The well-
known principle of disperse hardening is based on a uniform volumetric distribution
of nanoparticles (in the matrix, at GB, and at interfaces). In alloys with solution hard-
ening, the strength of thermal obstacles, for example, dissolved substitutional alloy-
ing elements Nb, Sn in a-Zr, for gliding dislocations does not exceed 0.2 Gb?, while
the strength of athermal barriers increases by an order of magnitude (2.0 Gb®) [364,
423]. Relaxation of stress fields around incoherent particles generates a certain local
density of mobile dislocations. Since activation of this mechanism is a source of ad-
ditional microplastic deformation, it limits the localization of shear in hcp crystals
with a lack of active independent slip systems [396, 424].

Quite high values of a.e. H, (above the a.e. of bulk diffusion) and practically
identical values of a.v. V', which does not depend on the grain size, indicate the valid-
ity of the performed thermoactivation analysis and, at the same time, the activation
of a mechanism with a high barrier effect (0.8-1.2.) Gb®. This mechanism differs from
the mechanism of solid solution hardening with the strength of thermal obstacles
(for example, dissolved substitutional atoms, Nb and Zn) not exceeding 0.2 Gb?, or
the conservative motion of jogs at dislocations with an energy of 0.3-0.5 Gb* [190,
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423, 424]. These data indicate the activation of the most probable mechanism of na-
nooxide hardening of complex alloyed zirconium alloys. The values of the activation
parameters calculated in this work correspond to a greater extent to the conditions of
thermally activated bypass of nanooxides by gliding dislocations. At elevated tem-
peratures, the interphase surfaces of nm Y,0, and nm ZrO, become sinks for slip
dislocations as a result of their attraction due to the weak chemical bond between the
nanooxide and the matrix, i.e., between the phases at the interface. These observa-
tions are consistent with the models [376, 377], according to which, after attraction,
the local climb of dislocations in front of a strong barrier becomes not only energeti-
cally possible, but even energetically favorable. At the first glance, it seems unex-
pected that the effect of nanooxide hardening caused by coarse Y,O, oxides (up to
40 nm), is higher than that of 5 nm ZrO, hardening. However, an increase in the
dragging path for nanoparticles when they are bypassed by 40 nm Y O, oxides, the
energy consumption for the attraction of dislocations and the change in the radius of
the dislocation bypass are not taken into account in this model. From this point of
view, 40 nm Y,O, can be more effective in comparison with 5 nm Zr0O,. In this con-
text, one should expect an increase in resistance to dislocation microyielding (creep)
and long-term strength.

In contrast to strain aging based on substitutional elements, in the process of
dynamic strain aging, strong and fast (almost instantaneous) blocking of dislocations
by interstitial elements (surfactants) occurs with the activation of the Snoek mecha-
nism, which sharply increases the density of randomly distributed dislocations. The
interaction of dislocations with tetragonal distortions caused by dissolved impurity
interstitial atoms controls the rapid increase in the shear stress. This mechanism is
believed to control the rate sensitivity of stresses at low strain rates corresponding to
creep. Direct evidence has been obtained for the interaction of oxygen with disloca-
tions, which causes the appearance of a yield point and a serrated yielding in Zr—
1.5Nb—O alloys at temperatures up to 573 K [410]. Oxygen atoms provide dragging
of mobile dislocations, hindering their transverse sliding and thereby enhancing the
DSA effect. The a.e. for interstitial migration of interstitial atoms is determined by the
elastic strain energy of the matrix lattice [425]. In this case, in the hcp lattice of a-Ti,
N atoms with an a.e. of about 2.2 eV cause larger changes in volume than O atoms
with an a.e. of about 2.0 eV. In accordance with the model concept, the relaxation
energy of the fcc lattice of Al around of a hydrogen atom is 0.18 eV with a volume
expansion of the unit cell in the tetrahedral position up to 12%.

The alternative Snoek-Kester model [427], which is consistent with many obser-
vations, considers the stress-induced diffusion of interstitial impurity atoms in a dis-
torted lattice around dislocations. Snoek-Kester relaxation in bcc metals containing a
high local concentration of interstitial atoms is associated with the formation of kink
pairs at screw dislocations and the migration (diffusion) energy of the interstitials
[428]. Due to the strong chemical affinity between titanium a-Ti and oxygen located
in the octahedral interstices of the hcp lattice, a.e. of relaxation increases due to the
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electronic interaction of a-Ti-O, [429]. In solid solution a.e. of diffusion becomes
above a.e. of self-diffusion, if alloying elements increase elastic moduli (E and G),
which indirectly characterize the energy of interatomic bonds in the crystal lattice.

In the temperature range corresponding mainly to the basic slip in hcp crystals, the
climb of edge dislocations to different levels for the basal planes forms connecting sec-
tions, which are difficult to activate pinning points and obstacles for other basic disloca-
tions [430]. At the same time, the activation volume caused by the non-conservative
motion of jogs at dislocations cannot be lower than 100b° due to their partial annihila-
tion when interacting with vacancies and interstitial atoms [386]. In particular, in the
study of cold-deformed Zr—1Nb alloys containing sulfur and oxygen additives, it was
found [410] that the deformation rate is controlled by the interaction of dislocations
with these atoms, which are responsible for a decrease in the activation volume from
110b° to 80b?, taking into account the change in the activation length of the dislocation
segment. Moreover, in the discrete temperature spectrum of deformed and annealed
a-Zr, using low-frequency internal friction methods, at 753 K a peak was found due to
thermally activated debonding of dislocations from oxygen atoms, and at 803 K — a
peak caused by their tube diffusion [387]. Finally, in zirconium crystals containing si-
multaneously impurity interstitial (oxygen) atoms and substitutional atoms (Fe, Si,
etc.), the 753 K peak of internal friction attests reorientation of pair defects in the field
of cyclic stresses of pair defects, i.e., complexes consisting of substitution atoms and
oxygen atoms. In this case, the relaxation time is consistent with the diffusion jumps of
oxygen atoms occupying the octahedral positions closest to the substitutional atom.

Under these conditions, the interaction of dislocations with dissolved atoms
during their segregation at linear defects is considered to be the most probable ther-
mally activated mechanism that controls the deformation rate in the Zircaloys system
of zirconium alloys [410]. For example, Nb atoms form Cottrell atmospheres segre-
gate around mobile dislocations and thereby impede their sliding at moderate tem-
peratures [426]. The strengthening of traditional Zr—Nb—O alloys is best explained
by the thermally activated mechanism of interaction of dislocations with segregating
atoms of dissolved elements. The effect of nanophase hardening indicates the activa-
tion of another alternative mechanism taking into account the thermal component of
the resistance to dislocation motion.

Complex alloyed zirconium alloys strengthened with nanooxides have an in-
creased resistance to dislocation creep, since they form incoherent boundaries with
the matrix. Due to the weak coupling between the phases, they become sinks for dis-
locations and attract them at elevated temperatures. According to [367], hard and
strong particles in a soft matrix cause localization of shear deformation at the particle —
matrix interface. The results of these studies show good agreement with the experi-
mental data obtained on alloys reinforced with nanooxides Y,O, and AL O, in the
Fe—Cr—Al [427]. According to these data, in the microstructure of an alloy contain-
ing Y,0O, nanooxides with a size of 24.5 nm at distances between them on average 109
nm, there is no evidence to the classical mechanism of particle bending proposed by
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Orowan, i.e., 6 < 6_. On the contrary, dislocations are attracted by nanoparticles and
climb over the interface between the particle and the matrix. In this case, the possibil-
ity of relaxation of the dislocation core is considered, which requires additional ex-
penditure of the energy (work of the applied stress field).

An increase in the rate of strain hardening under the temperature-rate condi-
tions of DSA is associated not with the dragging effect of dislocation atmospheres,
but most likely with an increase in the rate of multiplication of dislocations under
conditions of blocking of mobile dislocations. With an increase in the applied o, pre-
viously inactive dislocation sources are activated. The weakening of the nanophase
hardening of the zirconium alloy in the hcp Zr—Nb—Sn—nm ZrO, system [378] at
low creep rates (10°-107'° s7!) is associated with the screening effect [388] caused by
the preferential segregation of impurity oxygen atoms (0.15 % O,) at dislocations by
the Snoek-Cottrell mechanism. In this case, dense atmospheres are formed surround-
ing dislocations with a binding energy of 2.0 eV. The possibility of delocalizing the
shear deformation and leveling the structure over the volume based on the formation
of artificial additional sources of local microyielding — nanoparticles is one of the
most important advantages of nanophase hardening.

There are a number of fundamental approaches and experimental techniques for
identifying mechanisms that control the rate of plastic deformation. In this case, the
activation energy (a.e. U*) is derived mathematically from experimental data on the
microscopic mechanical properties of metal alloys. In particular, according to the
Conrad concept [386], the activation parameters, a.e. U* and a.v. V¥, and the vibra-
tion frequency of the dislocation segment, v, can be calculated from the macrodefor-
mation components, that is, partial derivatives, if a.e. as a function of stress does not
depend on temperature. A straight line in theoretical coordinates indicates the pres-
ence of the force law of interaction in the form € = o”. In this case, there is no theo-
retical interpretation of this relationship within the framework of the dynamics of
dislocations taking into account the density of defects, structure, impurity atoms and
particles. In the case of plastic deformation, which is responsible for the macroscopic
nature of the stress-strain dependence, the indicated partial derivatives according to
Conrad should be determined with a constant fixed structure. However, this is only
true for the initial yield stress. Since a change in the internal long-range stress corre-
lates only with a change in the shear modulus with temperature, the calculated a.e.
values U” will exceed the true values and can be considered only as effective.

Thermal fluctuations assist the applied stress to overcome short-range (thermal)
obstacles such as Peierls-Nabarro stress, i.e., crystal lattice resistance to dislocation
motion, forest dislocations, jogs on screw dislocations (in slip planes), as well as
cross-slip or climb (from slip planes) of edge dislocations. However, only short-range
thermal obstacles are responsible for the dynamic aspects of creep deformation. The
Pieirls-Nabarro stress is considered to be low in fcc and hcp crystals. It should be
emphasized that the nonconservative motion of jogs and climb of dislocations occur
with the participation of vacancies.
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It is assumed that the a.e. for high-temperature creep deformation in metallic
mono- and polycrystals coincides or agrees with the a.e. under the action of the ap-
plied creep stress. Moreover, according to Conrad, both of them correlate with their
melting points. The limiting temperature of diffusion creep increases with deforma-
tion in this region. In this case, the thermally activated mechanism of dislocation
climb is controlled by diffusion and becomes most likely a creep controlling mecha-
nism in the temperature range 0.5 T < T < T _. At lower temperatures (0.2 T_<T <
Tm), the intersection of dislocations is considered as one of the most probable con-
trolling mechanisms responsible for the rate of dislocation creep. Nevertheless, it
cannot be considered proven that any of the mentioned mechanism is undoubtedly
controlling with the exception of all the others. Hense, additional theoretical and
experimental studies on this controversial issue are necessary for a more convincing
identification of the controlling mechanisms of creep in zirconium alloys.

The Portevin-Le Chatelier effect is limited to a certain range of temperatures and
strain rates, which can be described by the Arrhenius equation, similar to the equa-
tion in the domain of definitions of the lower yield stress, in the In§ - 1/T coordinates
[428]. The anomaly dG / d€ < 0 in this case is associated with the ambiguity of the
function, which leads to local instability of the deformation [382]. Herein, it does not
depend on the density of mobile dislocations, but depends on the total density of
dislocations. This complicates a consistent theoretical interpretation of the most
probable activated dislocation mechanisms.

The mechanical properties of the investigated alloys (Table 11.6) are signifi-
cantly higher compared to alloys doped with niobium and tin [426, 428]. A charac-
teristic feature of the Zr—Al—Nb alloys is that their yield stress at 293 and 673 K
differ little, while when disordered alloys are heated, the elonation decreases sig-
nificantly. There are certain difficulties in obtaining reliable information on the
properties of nanoparticles and comparing them with each other due to differences
in the valence, electronic structure, and chemical bond nature. Near the interface
between the soft matrix and the solid phase, a higher density of dislocations is ob-
served due to supersaturation at the boundary zones/interphase surfaces with va-
cancies, which increase the rate of diffusion climb of dislocations. The return of the
yield point is mainly associated with local ordering in the stress field of dislocations
by the Snoek-Schoeck mechanism.

There is evidence that the binding energy E, for impurity interstitials in hcp
transition metals can be as high as Gb*/6 [428]. For a-Zr, under the data [108] the
theoretical estimate (Gb*/6 ~ 1.55 eV) is consistent with the measured dislocation
depinning (with line tension of 0.5 Gb?) from impurity interstitials (~1.47 eV). Be-
sides, two additional peaks were revealed in the a-Zr relaxation spectrum of internal
friction. They relate to the longtitutional pipe diffusion relaxation (at the 753K peak)
with the bulk-diffusion coefficient D, and to transverse core diffusion relaxation with
coeflicient D, which is very close to the diffusion coefficient for oxygen in a-Zr. Since
D, > D,, longitudinal core diffusion is much faster than transverse core diffusion.
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With aid of the e-T map [108], all of the complex and apparently anomalous re-
sults can be easily interpreted. The complex behavior of these relaxation peaks is
similar to the behavior predicted theoretically by the Blair-Hutchison-Rogers con-
cept and the Lucke-Schlipf model [108, 186]. It is shown that dislocations lose their
solute atmospheres when they pass particles by the Orowan mechanism causing
weakening effect [30]. In particular, some particles can be deformed by diffusion
processes at the test temperatures due to the low partial pressure of oxygen present in
zirconium alloys (up to 0.15% O). Its solute atoms cause a high concentration of oxy-
gen vacancies in the oxide. This leads to significant creep below the threshold stress.

The high temperature and low frequency internal friction spectrum of deformed
and annealed hcp a-Zr dominate at low strain amplitude at the 753 K peak, which is
due to the thermally assisted depinning of dislocations from oxygen. The 803 K peak
is believed to be caused by pipe core diffusion. The results obtained are consistent
with those predicted by Blair-Hutchison-Rogers theory [108] based on the Teutoni-
co-Granato-Lucke model of dislocation depinning [187].

There is evidence that the binding energy E, for impurity interstitials in hcp transi-
tion metals can be as high as Gb® /6. For a-Zr, Gb’ /6 = 1.55 eV so that peak P is consist-
ent with depinning from an impurity interstitial. The TCD peak can be subsumed into the
class of peaks attributed to the Snoek-Koster relaxation [427]. The deformation behavior
of model zirconium-based alloys at 673K is assessed by tensile and creep testing.

11.7.2. Ordered Zirconium Alloys
with Intermetallic Strengthening

Premises

Fuel elements in the form of a uranium oxide powder are placed in
tube shells made of a zirconium alloy with additions of Nb and Sn and are used in
power nuclear thermal reactors with a water coolant [429]. In connection with the
technological requirements for increasing the temperature for the effective operation
of the coolant up to 723 K, the known industrial alloys cannot be used under these
conditions due to their insufficient strength and creep resistance. In this regard, the
growing interest of specialists is aroused by a number of promising systems of zirco-
nium alloys with a substantially continuous matrix consisting of Zr Al intermetallic
compounds with an ordered structure of the L1, type [430-432]. In contrast to metal
alloys, for example, with solid solution hardening caused by a sharp decrease in the
yield stress with increasing temperature, the chemical compound Ni,Al is character-
ized by an anomalous behavior of the temperature dependence of the yield stress due
to the higher thermal resistance of its ordered structure. There is every reason to sup-
pose a similar temperature dependence of the yield stress for the ordered compound
Zr Al. Since Zr,Al has a small thermal neutron capture cross-section, corrosion resist-
ance and potentially high creep resistance studies of the structure of zirconium alloys
based on Zr, Al have been carried out at an advanced pace for many years [433-435].
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Zirconium alloys with a substantially continuous matrix of the ordered interme-
tallic compound Zr, Al have been patented in the USA [2]. These alloys in a cast state
were subjected to hot deformation at 1273 K in the fZr—Zr, Al two-phase region and
then annealed at 1265 K. Noticeable improvements in short-term strength, creep re-
sistance and corrosion resistance were found in zirconium grades containing from
7.5 10 9.5 mass% aluminum with intermetallic hardening according to the peritectoid
reaction B-Zr + Zr Al <> Zr Al (8.97% Al). The intermetallic compound Zr,Al, which
has an ordered fcc crystal structure of the Cu,Au type, becomes the main phase in
these cast alloys if its amount exceeds 50 vol%. Such alloys, unfortunately, have lim-
ited ductility (~3% & at 293 K and ~10% § at 573 K) and low manufacturability. They
cannot yet be used as structural materials in new generation reactors, not only be-
cause of insufficient plasticity at room temperature, but also because of the amor-
phization caused by neutron irradiation. Some encouraging results were obtained on
cast alloys in the Zr—AI—NDb system after prolonged annealing [436]. In this case,
the morphology of the phases and the distribution of the Zr Al phase are associated
with the activation of the controlling long-range (diffusion) mechanism.

Thus, the short-term and long-term mechanical properties of zirconium alloys
with Zr Al intermetallic hardening have been studied insufficiently. This is especially
true for the stress and temperature range corresponding to their potential applica-
tions. In this context, it becomes expedient to select the chemical compositions of
alloys in the Zr—Al—Nb system that provide an optimal combination of high values
of strength and ductility at 293 K and elevated temperatures (at least 673 K) using a
new technological cycle of their thermomechanical and heat treatment.

Experimental techniques

Ingots of alloys Zr—8Al and Zr—8Al—INb were obtained using
tusion of iodide Zr, Al grade A99 and Nb in an electric arc installation with a non-
consumable W-electrode in high-purity argon. The chemical (elemental) and phase

Table 11.7. Modes of heat and thermomechanical treatment of zirconium alloys

Grade Type of treatment Designation
Zr—8Al Annealing at 1153 K: 4 hr HT-1
Zr—8Al—1INb | Annealing at 2153 K: 4 hr HT-2
Zr—8Al Hot forging 40% at 1237 K=>1173K TMT
Annealing at 1173 K: 10 min; annealing at 1153K: 4 hr TMT: HT-3 and HT-1
Zr—8Al—I1INb |Hot forging 40% at 1237 =>1173 K TMT: HT-4
Annealing at 1273 K: 10 min.

Zr—8Al—1Nb | Hot forging at 40% at 1237 K =>1173 K, T™T
Annealing at 1273 K: 10 min; annealing at 1153 K: 4 hr TMT: HT-4 and HT-1

HT — heat treatment; TMT — thermomechanical treatment.
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compositions of these alloys were determined using spectrographic and XRD find-
ings. The obtained ingots were prepared for research in cast, deformed and annealed
states by modes in the following combinations (Table 11.7).

At temperatures below 1261 K, Zr,Al is formed by the peritectic reaction pZr +
Zr Al — Zr Al, and below 1213 K — by the peritectoid reaction aZr + Zr, Al — Zr Al.
This explains the choice of modes for thermomechanical and heat treatment (Table
11.7). After HT-1, the structure of the alloy consisting of 10% aZr and 90% of the
Zr Al phase becomes difficult to deform (after 30% €) with increased sensitivity
through the local concentration of embrittling stresses. After severe deformation
(from 40 to 75% ¢), the alloys were subjected to heat treatment to isolate the maxi-
mum amount of the Zr, Al phase at 1153 K. Due to the low manufacturability of Zr Al
in the aZr matrix, some of the heat treatment modes were carried out at temperatures
of 1173-1273 K, corresponding to a higher plasticity of BZr.

Tests for stress relaxation of zirconium alloys were carried out in the temperature
range 673-973 K with an accuracy of £0.25K. In order to exclude the influence of
fluctuations in the ambient temperature, the measuring unit system was kept at a
constant temperature and a load of = 0.5 kgf for at least 3 hr. The relaxation tests of
the samples were carried out at a strain rate of 10~ s™ according to the standard tech-
nique in a vacuum of 10~ Torr. The growth of creep deformation was recorded for a
rate of 107s™! (~1 pm in 10 min.). The elastic modulus E was calculated for unloading
the sample with a rate of 10 s7..

Stress relaxation studies were carried out according to the method proposed by
Sargent, with measurement of the parameters of the dependence of strain rate on the
normalized stress in logarithmic coordinates and with an assessment of the sensitiv-
ity to the strain rate according to thermal activation analysis data.

Tensile tests were carried out at a strain rate of 10~ s! in the area of uniform
elongation in the temperature range 673-973 K. The values of elongation 8% under
tension were recorded on the samples with special sensors with an accuracy of 1 pm.

Research results

In accordance with the phase equilibrium diagram (Fig. 11.19), the
Zr—38Al alloy is in a two-phase region, which concludes a Zr-based solid solution
and a Zr Al phase. The refractory intermetallic compound Zr Al is formed by the
peritectic reaction Zr + Zr,Al — Zr,Al at temperatures below 1261 K or by the pe-
ritectic reaction aZr + Zr Al — Zr Al below 1213K. It is an ordered superstructure
with an fcc lattice of the Cu,Al type (L1,, cP 4) and with a lattice parameter a = 0.4372 nm
at room temperature (Fig. 11.20). This type of ordered intermetallic compound Zr, Al
is formed during annealing at 1153 K for 4 hr in the course of peritectoid reaction.
The XRD results for alloys Zr—8Al and Zr—8AIl—I1Nb are presented in Table 11.8.
According to these data, the volume fraction of the Zr, Al phase in the deformed
and annealed Zr—8Al—1Nb alloys is 80.6-84.5%. The rest of the volume is occupied
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Fig. 11.19. Zr-Al binary equilibrium phase diagram [434]
Table 11.8. Phase composition of deformed zirconium alloys
. Zr Al
a, (hep lattice) (hexagonzal lattice)
Alloy
Lattice Vol. Lattice Vol.
parameters, nm fraction, % parameters, nm fraction, %
A. Deformed state
Zr—8Al a=0.32070 71.63 a=0.49003 28.37
c=0.1072 c=0.59511
c/a=0.15925
Zr—8Al—1Nb a=0.32091 80.39 a=0.49003 19.61
c=0.51145 ¢ =0.59498
c/a=1,5937
B. Deformed and annealed state
a, (hcp) Zr Al (fcc)
Zr—38Al a=0.32250 7.36 a=0.43761 92.64
¢=0.51575
c/a=0.15937
Zr—8Al—1Nb a=0.32156 16.22 a=0.43751 83.78
c¢=0.51369
c/a=1.5975
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by the solid solution based on aZr. A OZr @ Al
decrease in the lattice parameter of the
Zr—8 Al—INb alloy (compared to that
of the Zr—8Al alloy) means that Nb
with a smaller atomic radius dissolves
in aZr. It is important to emphasize
that Nb with an atomic radius smaller
than that of the Zr atom and with a lat-  Fig. 11.20. Packing sequence of atoms and crys-
tice parameter similar to that of Zr,Al  tallinelattice of Zr Al
(a = 0.4372 nm), nevertheless, accord-
ing to XRD data, does not dissolve in this ordered intermetallic compound, the lattice
parameter of which practically does not change. It should be added that additional
doping of Zr—8Al with niobium slows down the process of peritectoid transforma-
tion, reducing the volume fraction of Zr,Al and increasing that of aZr.

Cast ordered Zr,Al alloys have limited ductility, not exceeding a few percent at
293 K (Table 11.9). Cast annealed alloys in the Zr—AIl—Nb system are characterized
by a low value of permanent deformation at 293 K. Thermomechanical treatment
(TMT) of cast alloys, followed by annealing at 1153 K for 4 hr, leads to a significant
increase in strength and ductility. During the thermomechanical treatment of these
alloys, the concentration of vacancies increases sharply. The resulting increase in the
diffusion mobility of atoms intensifies the formation of the Zr, Al phase during the
peritectoid transformation. A certain role in the formation of mechanical properties
of alloys in the Zr—AI—Nb system belongs to zirconium-based solid solutions. In
particular, with an increase in the volume fraction of a solid solution of Zr, when
passing from the Zr—8Al alloy to Zr—Al—Nb, the permanent deformation also in-
creases (Tables 11.9 and 11.10).

The deformation of alloys substantially ordered on the basis of the L1, super-
structure Zr,Al retains its features in a wide temperature range of 293-873 K. At the
same time, they have important advantages: a) In the temperature range of 293-

Table 11.9. Mechanical properties of substantially ordered Zr,Al alloys
in heat—treated cast and deformed states after tensile tests at 293 K

Grade E, GPa o000 MPa o MPa » MPa EL. % RA, %
Cast state after annealing (HT—1)
Zr—8Al 126 445 606 607 0.3 2.0
Zr—8Al—1Nb 122 345 601 845 3.6 6.4
Deformed state after annealing (HT—1)

Zr—8Al 122 477 526 807 5.8 10.4
Zr—8Al—1Nb 106 510 618 950 7.9 13.0
Zr—8Al—1Nb 122 377 519 962 8.2 7.5
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Fig. 11.21. Tensile curves for a zirconium alloy with nanophase and solution
hardened strengthening (1) and essentially ordered Zr,Al-based alloys (2, 3):
(I) Zr—INb—1.55n—0.17Fe—1.5nmY,O; (2) Zr—8Al after heat treatment
at 1153 K for 4 hr; (3) Zr—8Al—1ND after heat treatmentat 1153 K for 4 hr

773 K, these alloys retain uniform elongation from the onset of deformation to com-
plete failure, i.e., do not show a tendency to localize shear deformation and neck
formation. Moreover, the plasticity of these materials increases with increasing tem-
perature (up to 873 K); b) A characteristic feature of the investigated ordered zirco-
nium alloys with intermetallic Zr Al hardening is the actual absence of a clear tem-
perature dependence of the yield stress, for example, for the Zr—8Al alloy (92%
Zr,Al) (Tables 11.9 and 11.10). This result is a sign of a more efficient thermal resist-
ance of the ordered structure of the L1, intermetallic compound (Zr,Al, Ni,Al) com-
pared to disordered alloys with solid solution hardening in the Zircaloy system, in
which the yield stress decreases with increasing temperature. The retention of the
yield stress of the Zr—8Al alloy with increasing temperature (606 MPa at 293 K and
604 MPa at 673 K, Tables 11.9 and 11.10) is associated with the appearance of hin-
dered Keer-Wilsdorff complexes in the ordered structure of L1, [432, 433]. Moreover,
all the mechanical properties of the investigated zirconium alloys Zr, Al after harden-
ing were found to be in an optimal combination significantly higher than the analo-
gous properties of alloys in the Zr—Nb—Sn system and commercially acceptable

Table 11.10. Mechanical properties of substantially ordered Zr Al alloys
in the cast and annealed state after tensile tests at 763 K

As-cast alloy
after ammenling (MT-1) | B GPa ooy MPa| ., MPa | _ MPa | EL % RA, %
Zr—38Al 106 383 604 776 14.4 24.8
Zr—8Al—1Nb 99 394 540 874 24.2 19.6
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alloys EI 110, EI 635 [429]; ¢) Tension curves of zirconium alloys with different ma-
trices show (Fig. 11.21) that in terms of strength and ductility characteristics, alloys
substantially ordered on the basis of Zr,Al are at least twice higher than similar char-
acteristics of an alloy with solid solution ordering of a disordered matrix aZr. Nio-
bium additionally increases the plasticity of ordered alloys after heat treatment at
1153 K, which changes the ratio of hard and soft phases, Zr Al/ aZr, and increases the
volume fraction of the soft component of aZr in the Zr—8AIl—1Nb alloy. The pres-
ence of a yield point (at intermediate unloading) is associated with the multiplication
of dislocations and the development of deformation aging caused by the formation of
oxygen atmospheres at the cores of dislocations. Nevertheless, the fcc structure of Zr Al
reduces the sensitivity of these ordered alloys to solid interstitial elements (H, O).

Strengthening Mechanism in Ordered Zirconium Alloys

In ordered alloys with the L1, superstructure, plastic deformation is
carried out by superdislocations. Its mechanism is fundamentally different from that
of disordered alloys [432, 436, 437]. In the course of deformation in the ordered
structure L1, each helical superdislocation, in particular, with the Burgers vector
<101> splits into superpartial/superparticle dislocations a/2 <101> connected in the
octahedral plane by a band of antiphase boundaries [438]. In turn, each of the super-
particle dislocations splits into partial dislocations a/2 <112>, connected by a com-
plex stacking fault. It was found that in the process of deformation, the helical super-
dislocation splits into two superpartial/superparticle ones with antiphase boundaries
between them. Each of them, in turn, splits into partial dislocations with a complex
stacking fault between them.

Although the carriers of plastic deformation in intermetallic compounds with an
ordered L1, structure are superdislocations, the peculiar plastic behavior of ordered
alloys is nevertheless determined not only by the features of superdislocations and
the structural transformations they undergo, but also by the specifics of barriers (for
example, domain boundaries) which impede the movement of dislocations in these
crystals. According to the model concepts [439, 440], at elevated temperatures, as a
result of the activation of the transverse slip mechanism, a part of the thermally acti-
vated helical superdislocations passes from the {111} <101> octahedron plane to the
{100} <100> cube plane and splits into two superpartial/ superparticle dislocations in
a parallel plane with the formation of a hindered dislocation configuration blocked in
the octahedron plane. In this case, a superparticle dislocation in the cube plane and a
superpartial/superparticle dislocation in the octahedron plane form a hindered com-
plex (step) — the so-called Keer-Wilsdorf barrier [431, 437, 439]. The number of these
barriers increases with temperature. The transformation of gliding superdislocations
into barriers is the main cause of temperature anomalies in the deformation charac-
teristics of ordered alloys. With an increase in temperature, such alloys are self-
strengthed due to an increase in deformation resistance, strain hardening coefficient,
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and macroscopic yield stress. The power law € = 6, by its nature characterizes the
athermal contribution of the force interaction of dislocations and the stages of defor-
mation (dislocation) hardening at long-range distances (of about 300 interatomic
distances). In particular, n = 1 (for the diffusion mechanism); n = 3 (for the mechanism
of nonbasic slip of dislocation) and n = 5 (for the mechanism of dislocation climb).

For dislocation creep of alloys with intermetallic Zr,Al hardening in the force
mode, indicated by the strain hardening coefficient (n = 5 or 6 [430]), the activation
volume V of the nonconservative motion of ledge jogs on screw dislocations cannot
be lower than 100 b’ due to annihilation of ledges formed by vacancies and interstitial
elements [441]. Since V does not depend on the grain size, the transverse slip and
climb of dislocations with a.v. V = 10-50 b*, which depends on the stacking fault en-
ergy (Fig. 11.22), can be considered as the most probable mechanism controlling
creep rate of ordered alloys with intermetallic hardening. Some deviations of the ac-
tivation parameters for this dominant mechanism are associated with a change in
dislocation density, including during thermomechanical and heat treatment (from
10-10" to 10" m2) during mechanical tests.

Ni—Cr dispersion hardened alloys and 304 stainless steel. Comparisons were
made at constant diffusivity, D, and subgrain size, A, by plotting the creep rate as £ /
DA?. The subgrain size for the dispersion hardening alloys was not measured; the A
used was the mean free path between particles which is oftentimes related to sub-
grain size [264]. The huge decrease in creep strain rate could be a decrease in the
staking fault energy due to alloy age (Fig. 11.21). When subgrain effects are included,
it is shown that the creep has been previously thought [264]. Further research in this
area seems very much warranted.

The predominant contribution of the main Zr Al phase to the plastic deforma-
tion of zirconium alloys in the Zr— Al—Nb system is beyond doubt, since, in contrast
to disordered alloys, the deformation of ordered intermetallic compounds occurs ac-
cording to a fundamentally different mechanism. For example, the Ni, (Al, Ti) phase
increases the ductility and fracture toughness of Ni—Cr alloys, since its ordered struc-
ture is disturbed by dislocations that have passed through the lattice of this phase.
The restoration of order occurs as a result of diffusion, which reduces the increase in
strength from the antiphase boundaries. The dislocation creep mechanism is cumu-
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Fig. 11.23. Creep strain rate, £, as a function of stress at temperatures of 673 (1), 773 (2), and 873 K
(3) for as-cast Zr—8Al—1ND after heat treatment at 1153 K for 4 hr

Fig. 11.24. Creep strain rate, £ as a function of stress at temperatures of 673 (1), 773 (2), and 873 K
(3) for as cast alloy Zr—8Al—1Nb deformed at 1273 K and annealed at 1153 K for 4 hr

lative and is accompanied by the formation of a defect structure. The critical defect
density is formed when the critical stress is reached in the power mode n =>In n In
o or the critical temperature (at 6 = const) under conditions of thermally activated
Arrhenius behavior Iné - 1/ T.

Under the preliminary data of thermal activation analysis (Figs. 11.23 and 11.24),
the dislocation creep rate of substantially ordered Zr—8Al and Zr—8Al— 1NbD alloys
at relatively low temperatures (773-873 K) and high stresses (5-7) x 10%c / E is con-
trolled by an a.e. of about 1.71-2.14 eV (0.25-0.33 Gb?) with the a.v. 14.4-16.8 b?, cor-
responding to the activation parameters required to activate the mechanism of solid
solution hardening of a-Zr. In this case, the dissolved alloying element Nb increases
the a.e. by 0.4 eV (from 1.7 to 2.1 eV) only after deformation of the Zr—8Al—1Nb alloy.

At higher temperatures (873-973 K) and the same stresses, the motion of dislo-
cations at the steady-state stage of alloy creep is described by a higher a.e. 3.2...3.6 eV
(0.50...0.74 Gb?) with a.v. 13.4...18.7 b’. And in this case, Nb increases the a.e. by
0.4 eV (from 3.2 to 3.6 eV) only after deformation of the ordered alloy Zr—8Al—1Nb.
At low stresses (0.02...3.8) x 10~ ¢/E and elevated temperatures (873-973 K), the rate
of dislocation creep is determined by a thermally activated process with a.e. 3.32 eV
(0.7 Gb®*) and a.v. 5.3...8.8 b°.

Thus, the calculated values of the a.e. turn out to be rather high, for example, in
comparison with the energy of threshold formation on screw dislocations, especially
since this mechanism requires large a.v. (100-300 b®). In the periodical literature
[433], two mechanisms are proposed that control the rate of dislocation creep at el-
evated temperatures. In accordance with these model concepts, the mechanism of
climb of edge dislocations with a.e. 2.87...3.48 eV, increased in alloys with a higher Nb
content, and a small activation volume in units of b? is considered dominant. In this
context, there is every reason to assume that, at elevated temperatures, the creep rate
is controlled by the thermally activated mechanism of disorder in the Zr, Al interme-
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tallic compound, the main component of this composite material. These observa-
tions are confirmed by the data [15], according to which the destruction and restora-
tion of the order of the fcc lattice of Zr, Al occurs as a result of sliding of the leading
and trailing superdislocations. With this condition, strong Keer-Wilsdorf barriers
increase in number with increasing temperature.

Concluding Remarks

A series of nanoreinforced hcp magnesium and hcp zirconium al-
loys in the Mg—Al—Ca and Zr—Nb—Sn systems, respectively, has been developed
as nanophase materials with more excellent heat-resistance and higher long-term
strength at elevated temperatures. Magnesium alloys of high purity in the hcp Mg—
Al—Ca systems discontinuously nano-reinforced by nm Al,Zr and ZrO, reveal the
desirable increase in dislocation creep resistance and long-term strength over the
unreinforced counterparts at 423 K (up to 70 MPa for 200 hr life).

Selected magnesium-based alloys reinforced by nano-precipitation hardening
and nano-dispersion strengthening mechanisms were examined in the power law
regime using long-term testing, strain-rate change measurements and constant
structure steady-state creep tests to analyze the deformation and kinetic behavior
of magnesium alloys in the hcp Mg—Al—Ca — nm Al Zr and Mg—Al—Ca—nm
ZrO, systems at 423 and 673 K. The microstructures generated in these hardened al-
loys have been assessed by proper techniques aiming at controlling and understand-
ing the composition modification in the nanophase-reinforced and nanophase-free
hcp magnesium alloys. The experimental studies were employed to optimize the
composition — processing — microstructure — strength property relationship of the
Mg—Al—Ca nano-reinforced composite materials in terms of extended uniform
strain concept:

« Nano-phase strengthening delays shear localization to much higher values of
uniform microyield (creep for slow dislocations) and spreads a region of uniform
tensile elongation from 0.5 to 30%. To be more uniform, a nanophase nanostructure
is to be more thermally stable as regards its dynamic recovery. In this respect method
of nm-dispersion strengthening takes precedence over age hardening when over-
coming the concentrated sliding with localized shear. To illustrate, for nm Al Zr
strengthened magnesium alloys, a transition from uniform to localized strain can
exceed 1-2% at 423 K, while nm-particles of ZrO, can spread it up to 20-30%.

« The long-term strength of nano-reinforced hcp metal crystals in question is
believed to be attributed to the GBs pinning by the nanoparticles embedded into
their matrices. The thermally activated dislocation climb mechanism is suspected to
be the rate-controlling mechanism responsible for the beneficial effect of nano-rein-
forced strengthening for hcp metal alloys under investigation.

« Magnesium alloys of high purity in the hcp Mg—Al—Ca systems discontinu-
ously nano-reinforced by nm Zr,Al reveal the desirable increase in the dislocation
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creep resistance and long-term strength over the unreinforced counterparts at 423 K
(up to 70 MPa for 200 hr life).

A series of hcp metal alloys in the Mg—Al—Ca system discontinuously nano-
reinforced by Zr,Al and ZrO, has been developed as crystalline nanophase materials
with more excellent heat and creep resistance as well as higher long-term strength.
The observations and findings suggest that the principles of nanophase strengthening
should be considered as an effective means of obtaining desirable combinations of
mechanical properties due to the nanoparticle-induced delaying of time-dependent
shear localization.

A family of new experimental alloys based on hcp Zr—Nb—Sn—Fe systems and
reinforced by nanooxides has been designed to improve their mechanical strength
and dislocation creep resistance. To achieve this purpose, the effectiveness of their
deformed and nanophase strengthening mechanisms was verified in as-cast, de-
formed, and annealed conditions. A new method for nanooxide particles injecting
into the metal liquid was developed which provided more uniform distribution of
nanoparticles. Nanosized refractory oxides, nm-yttria Y,O, and nm-zirconia ZrO,,
were identified by proper electron microscopy technique. Stress relaxation and strain
rate change tests were performed to optimize the specific properties of short- and
long-term strengths at 293 and 673 K.

The present study is concerned with nanooxide-reinforced zirconium alloys in
the Zr—Nb—Sn—Fe system containing up to 1.5% nm-Y,O, and 1.2% nm-ZrO.,.
They have been designed and examined mechanically and chemically using spectro-
graphic, chemical and X-ray analyses as well as strain-rate sensitivity tests and iso-
thermal tensile creep testing to reveal processing-chemistry-structure relations re-
sponsible for the strengthening effects. In this study, a series of new experimental al-
loys based on the hcp Zr—Nb—Sn—Fe system and reinforced by nanooxides has been
designed to improve their mechanical strength and dislocation creep resistance.

The refractory nanooxide of yttrium (nm Y,0,) is shown to be more effective
compared to nanozirconia (nm ZrO,). Post thermomechanical treatment of as-cast
zirconium alloys shows its beneficial influence on the better combination of strength
and ductility of the nano-reinforced zirconium alloys. A yield point elongation and
stress serrations due to deformed and dynamic strain aging were observed in hcp
Zr—1.0Nb—0.6Zn—0.17Fe alloys nano-reinforced by nm Y,0, and nm ZrO,. Inevi-
table impurity oxygen atoms acting by an interstitial mechanism are likely to be re-
sponsible for the dragging of mobile dislocations to hinder their cross slip and to in-
tensify the effect of DSA in the commercially pure Zr and its alloys. The observed
strengthening effects of yield point elongation and dynamic strain aging appear to be
caused by the interaction between dislocations and inevitable interstitial impurity of
solute oxygen atoms (up to 0.15 %). Under the data of thermoactivation analysis, the
steady-state creep strain rate is assumed to be controlled by a thermally activated
dislocation by-pass mechanism with a.e. of 4.3 eV and a.v. of 31.5 b*as well as 3.4 eV
and 22.5 b’ for the as-cast and deformed Zr—1Nb—1.55n—0.17Fe—1.5nm Y,0, al-
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loys, respectively. The decrease in the activation parameters for deformed alloy state
is likely to be associated with shortening of the activation length for mobile nanoseg-
ment and possible increase in the number of the jogs on dislocations.

As a result of these findings, the thermally activated overcoming of the nanoox-
ides by dislocation climb appears to be a rate-controlling by-pass mechanism respon-
sible for excellent optimal combination of short-range and long-range properties at
673 K including higher dislocation creep resistance by inhibiting of glide. The out-
comes of trials indicate that the experimental data obtained are best of all consistent
with those predicted by the Arzt-Wilkinson model. The discontinuously nanooxide-
reinforced zirconium matrix composites should be considered as important innova-
tions for materials engineering that provide an opportunity to combine the metallic
properties with the ceramic ordered properties of strengthening nanooxides and
thereby to improve the strength, modulus and thermal stability of the material as a
whole. These materials are attractive for advanced structural and nuclear industrial
applications as a conning material in nuclear fuel element.

The basic conclusions concerning the Zr—Nb—Sn—Fe system can be drawn
from results obtained and may be stated as follows:

« A method of introducing refractory nanooxides into a liquid alloy in the Zr—
INb—1.55n—0.17Fe—1.2ZrO, system based on a master alloy consisting of a pow-
der composition of oxides and metal components (tin) has been proposed. Accord-
ing to the TEM data, such a technological solution provides a uniform distribution of
nanooxides during the crystallization of a complexly alloyed zirconium matrix.

» Nanooxide strengthening discovers new possibilities for increasing the high-
temperature strength and heat-resistance of hcp zirconium alloy crystals. In particu-
lar, at 673 K short-range strength of zirconium alloys is doubled in the hcp Zr—3.0
Sn—0.5nmZrO, system and increases threshold in the hcp Zr—1.55n—1Nb—1.2
ZrO, system. The promising results indicate that the useful increment of properties is
believed to be caused by the preferential nanophase-pinning of grain boundaries.
With the impeding of dislocation mechanisms, the systems can be expected to give a
sounder result.

o Some deterioration of long-term strength is observed in the unrefined zirco-
nium alloys in question upon slowing down the creep strain rates over the range from
10 to 10 s7'. The change of dislocation damping with temperature in the hcp Zr
matrix containing up to 0.15% O, gives the first evidence for the preferential segrega-
tion of oxygen on strain-produced dislocations to form Cottrell dense atmospheres
pinning dislocations with strong binding energy of about 2.0 eV. The weakening of
nano-dispersion strengthening of commercially available alloys in the hcp Zr—Nb—
Sn—nm ZrO, system with slowing down the creep strain rates (10-°-10~ s™!) is asso-
ciated with the shielding effect due to a strong Cottrell locking of mobile dislocations
by the large quantity of interstitial oxygen impurities which are assumed to inhibit
the interaction between glide dislocations and solutes in the thermally activated
range, as consistent with the Cottrell-Bilby theory.
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« The unexpected behavior of commercially available zirconium alloys observed
in the Zr—Nb—Sn—nmZrO, system might be well understood if properly provided
for a shielding effect of impurity atoms of oxygen which inhibits the interaction of
dislocations with substitutional solutes (Nb, Sn) and nm ZrO, particles. Unlike mac-
roscopic changes in strain, evolution of microyielding in given zirconium alloys is
sure to occur mainly through fast dislocations, while slow dislocations yield a small
contribution to their interaction. The thermal nm ZrO, barriers remain, therefore,
effective at 673 K only at higher strain rates (10-107>s™'). The oxygen contents should
be kept very low to avoid any deleterious (detrimental) microscopic effects. It is rea-
sonable to suppose that lowering of impurity interstitials and trace elements in raw
materials in combination with nanophase strengthening which extends the uniform
strain range may be considered as an effective means of impeding the shear localiza-
tion in hcp crystals with sliding systems deficiency.

In this work, we selected the chemical compositions and processing modes of
new experimental alloys in the Zr—8Al—INb system with intermetallic (Zr,Al)
hardening to further improve the mechanical properties of zirconium based on the
formation of an ordered superstructure L1,. The results of measurements at 293 and
673-973 K of various parameters of short-term and long-term mechanical properties
are given for zirconium alloys Zr—8Al and Zr—8AIl—I1Nb, significantly ordered on
the basis of Zr Al It is found that their mechanical properties are mainly determined
by the properties of the structure of the Zr,Al intermetallic ordered to the L1, type
(up to 92%). Alloying with niobium further increases the heat resistance, relaxation
resistance, and dislocation creep resistance of the Zr—8Al—1Nb alloy. Since its mac-
roscopic yield point practically does not change with increasing temperature, the
high-temperature mechanical properties of the zirconium alloy with intermetallic
Zr Al hardening are more than twice higher than those of zirconium alloys with sol-
id solution hardening. The investigated modifications of essentially ordered zirconi-
um alloys with intermetallic hardening are considered as a promising matrix for new
generation composite materials with the highest performance characteristics.

The basic conclusions concerning the Zr—AIl—Nb system can be drawn from
results obtained and may be stated as follows:

« The results of short-term tests of cast, deformed and annealed zirconium alloys
in the Zr—AIl—Nb system at temperatures of 293 and 673 K, as well as long-term
tests for stress relaxation in the temperature range 673-973 K, convince that the main
role in the formation of mechanical properties of these alloys is performed by the
Zr Al intermetallic compound with the ordered superstructure L1,, which occupies
up to 92% of the material volume.

Cast alloys based on an ordered intermetallic compound Zr, Al with an fcc lattice
and at least five independent slip systems are nevertheless characterized by relatively
low plasticity at 293 K and limited deformability even at elevated temperatures. To
increase the deformability and mechanical properties of cast alloys based on Zr,Al,
they must be subjected to thermomechanical treatment above 1260 K, followed by
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heat treatment to 1210 K under conditions that provide the maximum amount of the
Zr Al phase.

« Additional alloying of the two-phase Zr—8Al alloy with niobium (up to 1%),
which dissolves in the primary aZr and does not interact with the ordered interme-
tallic compound, significantly increases the tensile strength and resistance to disloca-
tion relaxation of the deformed alloy with an optimal combination of high techno-
logical values of their strength and plasticity (at 293 K).

« It has been established that the yield stress of these alloys with substantially
intermetallic Zr,Al ordering is practically independent of temperature, which indi-
cates a high thermal resistance of their two-phase structure at 673-773 K. At the same
time, the yield stress and heat resistance of alloys by intermetallic Zr,Al hardening
more than two times exceeds similar characteristics of zirconium alloys (Zircalloy
type), which are distinguished by a strong temperature dependence of the macro-
scopic yield stress and its sharp decrease with increasing temperature.

« Diagrams of dislocation creep resistance of Zr-8Al and Zr—8Al—IND alloys
were constructed in a wide range of normalized stresses (0.02-7) - 10~ o/E and tem-
peratures 673-973 K. The presence of strain hardening (with multiplication of dislo-
cations) limits the analytical capabilities of the thermal activation analysis performed.
Therefore, it can only be assumed that the most probable mechanism for controlling
the creep rate may be the difficult-to-activate deformation mechanism of thermal
climb of screw dislocations with violation and restoration of order in the L1, struc-
ture of the Zr—AIl—Nb alloys. The observed deviations of the activation parameters
at various ratios of stresses and temperatures are determined by changes in the den-
sity of mobile dislocations of screw orientation in these alloys.

In the following we assume that science-based modifying a chemical composi-
tion and aligning the structure of defect metal crystal due to dispersion strengthen-
ing minimize the strain localization effects responsible for degradation of microme-
chanical properties. Nano-dispersion strengthening effects are considered as an ef-
fective means of assistance in promoting homogeneous microdeformation. In this
respect, the method of nanophase strengthening takes precedence over age-harden-
ing when overcoming the concentrated sliding with localized shear. Nanophase
strengthening is most likely to extend an amount of uniform tensile strain responsi-
ble for the formation of dislocation creep resistance and the delayed effect of a pre-
mature fracturing. It thus appears that there may be considerable scope for further
alloy development. Such an approach is believed to be a powerful starting point and
considerable scope for further improvement of the newly developed alloys with min-
imal tendency to localized shear. The research is not only motivated by the basic sci-
ence aspect but also the expectation that novel properties will lead to new techno-
logical and industrial applications. It is hoped that the basic information obtained
can assist in the further development of new families of discontinuously nano-rein-
forced hcp magnesium and hcp zirconium alloys with the potential for technological
applications at higher temperatures and stresses.
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METAL MATRIX COMPOSITES

12.1. Prior Art

The need for high performance and light materials has led to exten-
sive research and development efforts of metal matrix composites
and cost-effective fabrication technologies [442-445]. The incorpo-
ration of thermally stable reinforcements into composite materials
makes applications of magnesium matrix composites potential to
the automotive industry including their use in disk rotors, piston
ring grooves, gears, gearbox bearings, connecting rods and shift
forks [446].

A number of papers have reviewed recent studies on the pro-
cessing, microstructure and mechanical properties of metal matrix
composites (MMCs) [443, 445, 446]. During the past decades, ef-
forts to develop high temperature MMCs have led to the develop-
ment of several new alloy systems on the basis of magnesium, alu-
minium and titanium [442, 447].

GKSS Research Center (Geesthachi, Germany) including In-
stitute for Materials Research and Center for Magnesium Technol-
ogy specializing in the development and licensing of advanced
magnesium materials technology has announced several break-
throughs in the producing advanced magnesium alloys and their
composites under the leadership of Prof. Dr. Karl U. Kainer [448].
However, the rapid chemical activity including instability of adja-
cent phases that are not in equilibrium threatens to frustrate the
effective use of magnesium composite systems at high tempera-
tures. Thus, this progress has not engendered extensive applications
of these magnesium alloys in the automotive industry because of
either insufficient high temperature strength or high cost.

The demand for reduced weight and increased stiffness in ad-
vanced materials application has generated strong interest in light
metal matrix composite components. Since density of most ceram-
ic reinforcements is higher than that of magnesium, use of magne-
sium alloys as matrix materials is particularly beneficial in produc-
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Table 12.1. The best properties of extruded silicon carbide
particulate-reinforced magnesium alloys

Code SiC, vol% Y.S. MPa U.S. MPa EL, % Modulus,
GPa
7C7: (T6) 12 335 362 1.0 69
7.C7: (T6) VNRF 320 350 6.0 44

ing a minimum weight composite. Wettability of the ceramic component is less of a
problem with magnesium than with aluminum because of the magnesium ability to
reach chemical equilibrium with any absorbed O, or N, on the ceramic surface.

Industry is turning to magnesium. Several companies have developed techniques
for melt mixing magnesium alloys with particulate SiC or Al O, to produce compos-
ite materials that can be extruded or cast by a range of approaches [449, 450]. Mag-
nesium Electron Limited (MEL) is concentrating upon the liquid metal route of pro-
duction, employing particulate SiC. One of the advantages of this approach is that
unlike the powder route, products are not restricted to wrought material but allow
casting to be made. Some typical mechanical properties of the composites with great-
ly enhanced stiftness (up to 75 percent) are listed in Table 12.1.

To create more effective creep resistant and higher temperature long-term
strength in the particulate-reinforced MMCs through nanophase structure, it is nec-
essary to ensure at least the following conditions: (i) alignment of the local microme-
chanical properties, e.g., soft matrix, weak GBs and hard reinforcement; (ii) syner-
gism of all the alloying elements; (iii) structural homogeneity and chemical uniform-
ity of the components induced inside a composite material.

For alloy of monotectic systems, in the presence of the immiscibility gaps of met-
als, the dispersion phases are formed in a liquid state as a result of homogeneous melt
emulsification. Combination of dispersion and composite strengthening can be one
of the essentially new schemes of obtaining strengthened materials. Another ap-
proach to suppressing relative brittleness of reinforcing phases is to encapsulate them
in a more ductile matrix for which its creep behavior need not be so stringent. There-
fore, study of the fabrication methods and properties of the composite systems is
clearly merited. There are two ways of increasing the strength of ceramics, (i) de-
creasing the crack size by careful quality control and (ii) increasing fracture tough-
ness by alloying or making the ceramic into a composite which can absorb the energy
of crack propagation. In spite of the numerous research investigations on fiber and
particle reinforced metal-matrix composites, there have been very few experimental
studies on the creep and only several attempts at theoretical analysis of composite
creep. However, two useful conclusions have been drawn: 1) elevated temperature
steady-state creep of composites with discontinuous fiber (particles) is controlled by
creep of the matrix in the vicinity of them, and 2) elevated temperature steady-state
creep of composites with continuous fibers is controlled by creep of the fibers.
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The well-known Hall-Petch and Mott-Stroch criteria are success-
fully used in the framework of the structural-impurity concept of fracture [451] for a
comprehensive analysis of the brittle transition of single-phase polycrystalline ob-
jects. Their application for more complex heterophase systems will make it possible
to analyze the interaction of brittle and plastic structural components, to single out
the controlling mechanisms of deformation and fracture and to eliminate a number
of contradictions in the description of strengthening of composites with high vol-
ume content of the phases [447]. However, unsuccessful attempts to obtain the usual
linear Hall-Petch dependence for two-phase alloys containing two types of barriers
to dislocations, namely grain boundaries and interphase surfaces of particles raised
doubt about the validity of this empirical relation and the physical nature of its pa-
rameters [452, 453]. Moreover, due to the significant scatter of experimental data, the
conclusions about the applicability of the Mott—Stroch criterion to heterophase sys-
tems cannot be considered convincing either [453].

In this work, an attempt is made to more thoroughly check the Hall-Petch and
Mott-Stroch barrier models as applied to common two-phase alloys (eutectic origin)
in the Al—Be—Mg system in order to confirm their validity for two-phase materials
and on this basis to understand the relationship between local and macroscopic char-
acteristics of deformation and fracture of these complex objects. The experiments
were carried out on samples, which have in the initial state a two-phase structure
consisting of a continuous plastic Al-matrix strengthened with Mg solute and rein-
forced with hard and brittle Be particles (at the level of 32.7 vol.%).

The research was performed using modern SEM and TEM techniques as well as
optimization of physical experiment, in particular, by rotatable design [454]. In the
temperature range 293-673 K, intense deformation of alloys in the AI—Be—Mg system
is accompanied by the formation of a disoriented cellular structure in the Al-matrix
with parameters a2’ and d 2’ which are the disorientation angle and cell size, respec-
tively. The latter linearly increases with increasing temperature up to 673K from 400
nm to 1.4 pm, providing substructural hardening Al and convergence of hardening
characteristics of both phases. In this case, the yield stress of the alloy, Gé’*BE, obeys
the linear Hall-Petch relationship with the parameters ¢’ and K?' for the cellular
structure (Fig. 12.1). The validity of this criterion is confirmed by the statistical anal-
ysis, which establishes a correlation between 4% and d ', which (at experimental
correlation coefficient r = 0.995 and r_ = 0.67) is determined by the following regres-
sion equation:

GAEe = 14,0 + 1029.0(d 4) (12.1)
The existence of Eq. 12.1) confirms the universality of the concept [215, 216],
according to which the structural sensitivity o, of metals, along with the dependence

of the resistance to dislocation movement in the lattice, is determined by the mini-
mum mean free path of dislocations, A, between the most effective barriers and does
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Fig. 12.2. Structural (barrier) Mott-Stroch criterion for the quasi-brittle particles of Be phase sub-
jected to different degrees of deformation, &: 75 (1), 85 (2) and 95% (3). Insert: the Mott-Stroch
parameters o, (4) and K, (5) as a function of preliminary deformation degree

not depend on their specific physical nature. With intense strain hardening of a two-
phase alloy, the role of such barriers is played by the boundaries of A1 cells with su-
percritical disorientations d &' > 2°, which effectively limit the values of A.

The strong correlation between the cell size and the tensile yield strength is indi-
cated by the Hall-Petch relation (Fig. 12.1). At constant deformation ¢, the true break-
ing stress G’}Z’Be of the A1—Be alloy is determined by the transverse (maximum)
cross-section of Be-particles equal to the free path [ of cracks, which obey the Mott-
Stroch criterion in the form

G‘/}lfBe — Gf; + K/}I—Be . d;/Z (12.2)

with constant parameters K‘}"Be and foe > 0 (Fig. 12.2). Here KA is the coefficient of
intensity of local stresses at the tops of transcrystalline cracks, which characterizes the
resistance of the A1—Be interphase boundaries to the propagation of fracture; 6 is
the resistance of the Be matrix to propagation of cracks. These observations are also
confirmed by the regression analysis of the correlation between the size of the Be-
particles, the interparticle distance d, and o/ of the alloy at a confidence level of

95%. The detected correlations are described by the following regression equations:
oA = 459.50 + 13.2.d " (12.3)
forr=0.89 and r_ = 0.67 and

o4 = 309.40 + 30.7 (12.4)

forr=0.78 and r_ = 0.67.
Fracture stress o, increases linearly with the reciprocal of a square root of a mean
quasi-brittle Be particle size (Fig. 12.2). From a comparison of correlations (12.3) and
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Fig. 12.3. A model of fracture for a two-phase alloy with plastic matrix in
the Al—Be system

(12.4), it follows that 4% of the alloy is controlled by the size of the Be-particles, and
not by the distance between them. This means that Be particles behave in an Al-ma-
trix like fibers in composite materials, i.e., take all the load that is distributed from
fiber to fiber through the Al-matrix. In accordance with this, the macroscopic stress
o8 of the alloy, completely localized on Be particles, is equated to the microstruc-
tural (local) value of & £ for Be particles.

The features of alloy fracture are illustrated by the model shown in Fig. 12.3. The
nucleation of brittle cracks occurs on the Al—Be interface as a result of the formation
of dislocation pile-ups in the Al-matrix, which, like the “tangles” around the parti-
cles, are sources of high elastic energy.

First, microcracks propagate by an easily activated basic cleavage in the Be-par-
ticles and reach the values of I”; then in the Al-matrix with y’e}l >7 5 they pass into the
stage of slow growth and merge with each other with the formation of micro-frac-
tures of the Al-interlayers. The final fracture of the alloy is controlled by unstable
critical cracks I > I, satisfying the Griffiths-Orowan criterion. At higher values of
c %, micro fractures of Al-interlayers arise from cracks of ever shorter length I . The
indicated mechanism of alloy fracture is consistent with the results of analysis of the
Mott-Stroch equations, estimations of y,,and fractographic observations. First of all,
the parameters 6 .and K, change with deformation € in opposite directions. From the
dependence o, (¢) > 0 it follows that brittle Be particles are destroyed in the Al-ma-
trix with the manifestation of microplasticity, which increases with deformation. The
accompanying weakening of the barrier action of the AI—Be interphase boundaries
is associated with redistribution through the Al-matrix and the accumulation of re-
sidual elastic energy on the interface, which reduces v, of alloy. The interaction of Be
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particles with the Al matrix is in better agreement with the Griffiths-Orowan con-
cept, which is confirmed by the presence of the linear correlation y = y// = K} - I
and the critical values y_ obtained from the expression

2E"Y* 1/2
c;:( ij , (12.5)
Pl
where v is the critical fracture energy of Al interlayers; [ . is the critical length of
Griffiths-Orowan cracks; GJZ is the critical Griffiths-Orowan stress; K/l.*Z =~ const. Here
K% provides the activation of plastic relaxation of shear stresses at the crack tips and
r# zone. Its value appears to be equated to the critical shear stress in Al polycrystals

(t,,=1 MPa at 293 K).

The obtained regularities make it possible to establish the critical stage and local
criterion for the fracture of two-phase A1—Be alloys. Under the conditions of plastic
relaxation of ¢ ¢ and substructural hardening of the A1 matrix, these alloys do not
exhibit truly brittle behavior. Due to the alternation of phases with low (y{¢) and high
(vZ)) energies, the destruction of the alloy occurs from many sources-microcracks
formed in the Be-particles, and is intermittently periodic in nature, due to their over-
coming the activation barrier — the “jump” of energy Ay = v/ - y{*. Since y, does not
remain constant in the fracture process, the control (hard-to-activate) stage of frac-
ture of two-phase alloys is crack propagation. In particular, in the A1—Be alloy, the
development of this critical stage occurs under conditions of plastic relaxation by the
mechanism of unstable growth and merging critical Griffiths-Orowan cracks in the
Al-matrix with a cellular structure. According to Fig. 12.2 and electron fractography
data (Fig. 8.21), it is the boundaries of the cells that cause additional dragging of mi-
crocracks attacking the Al-interlayer and determine the zone of plastic relaxation r#'
for values I_ > 1% and ;> & . The corresponding local criterion for unstable fracture
of the alloy is fulfilled when reaching, at a certain distance, a multiple of d é“, the
critical values 0']: (~420 MPa) and K; (~1 MPa). In this case, the critical value of the
fracture work (micro-fracture) of the Al-interlayers k;, = Kl . becomes sufficient for
the transformation of Be-cracks of length [ % into Griffith-Orowan cracks of critical
length [ C > | ge, capable of further growth at y?fl > yge, in full accordance with the
model shown in Fig. 12.3.

12.3. Advantages
of Magnesium Matrix Composites

The demand for reduced weight and increased stiffness in advanced
materials application has generated strong interest in light metal matrix composite
components [455]. Since density of most ceramic reinforcements is higher than mag-
nesium, use of magnesium alloys as matrix materials is particularly beneficial in pro-
ducing a minimum weight composite [446]. Wettability of the ceramic component is
less of a problem with magnesium than with aluminum because of the magnesium
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well-known. Their advantages over conventional alloys are due to fine, uniformly
dispersed and stable oxide particles which act as barriers to dislocation motion in Ni,
NiCr, or Fe matrices. Nevertheless, their strength is limited because solid solution
strengthening and precipitation strengthening are not or not fully exploited. Besides,
they lack oxidation and corrosion resistance.

The concept of dispersion hardening originated with the sintered aluminum
product, in which magnesium is additionally strengthened by the presence of par-
ticulate, has been successfully applied to other pure metals such as Cu, Bi, Al, Be, etc.
in which the disperse phase is a hard inert refractory oxide (AL O,, BeO, TiO,, etc.)
added mechanically. Al—AL O, alloys have shown excellent strength properties at
room and elevated temperatures but the ductility is poor, because in dispersion
strengthened alloys prepared by powder metallurgy the cohesion between the oxide
particle and the matrix seems to be a mechanical one.

In order to overcome these problems, our laboratory develops metal alloy sys-
tems in which silicium carbide (Fig. 12.4) or a fine dispersion of yttrium oxide (about
2.5 and 3 vol%) is incorporated in the eutectic matrix by the alloying process. In the
system the dispersoid imparts elevated temperature strength which superimposes on
that contributed by the eutectic strengthening, thereby extending the useful strength
of the alloy to well above 673 K. Yttria is one of the oxides with the highest negative
free enthalpy of formation, attesting to its thermal stability, and consequently only
negligible dispersoid coarsening occurs in alloyed composite materials. The aver-
age spacing between about 30 nm oxide dispersoids is expected to be approximately
100 nm. The desired uniformity of the dispersoid distribution has been confirmed at
the level of TEM analysis [456].

The resulting microstructure of magnesium matrix nanophase particulate-
reinforced composite is able to optimize uncorrelated (thermal, electrical and
strength) parameters and cost efficiency. Optimum microstructural engineering in
new experimental magnesium-based alloys of the Mg—Al, Ca system of eutectic
origin (with larger ratio of Al/Ca) and their magnesium matrix composites rein-
forced by SiC and other particles as well as methods of their control in rapidly and
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loys [457]. Unlike an AZ series of magnesium alloys with divorced eutectics (AZ91D

etc.), the observed alloys in the Mg—Al,Ca—nmSiC system are expected to ex-

hibit high creep resistance (at 423 K) and excellent creep fracture strength (60-
80 MPa) (Fig. 12.5).

The practical interest in microstructures of eutectic origin from the chemical
equilibrium of the two-phase alloys with constituents which are unaffected to chem-
ical decay. Commercially available magnesium alloys such as AZ91D and the like are
certain to be specified by divorced eutectic and laminated solid solution (Fig. 10.3)
and as consequence low creep strength at higher temperatures. SiC particle as addi-
tional reinforcing agents were incorporated in order to improve the structured and
thermal stability of AZ91D—2Ca and Mg—6A1—0.8Ca, X systems of eutectic origin.
According to the previous experience with magnesium alloys, large ceramic particles
are not wetted by molten magnesium if they are not exposed to pressure melting or
squeeze casting under pressure. In this study, wettability of nano-dispersed SiC par-
ticles is marked in a -Mg—Mg Al Ca_eutectics. Besides, it should be noted that
SiC dispersoids are mainly assimilated by GBs.

Several of the observations made in this study are expended to apply most gener-
ally to other eutectic systems, e.g., Al—AI Ni eutectic composite [458] which exhibit
uniform microstructure or cell substructure and which are reinforced by a creep re-
sistant phase such as nano SiC (Figs. 12.4 and 12.5). Time-dependent fracture mech-
anism identified in eutectic composites differs from normal tensile fracture through
the substructure formation [458]. In this case, creep resistance of such a eutectic
composite and its dispersion strengthening increase with increasing the solidification
rate. Thermally stable microstructures of eutectic (Al—Be, Mg—Al—Ca— nano SiC,
and Al—Ni,Al) composites consisting of around 5-10 vol.% phase uniformly dis-
persed in the matrix retain under creep testing (for 100-200 hr) up to 90 % of their
eutectic temperature. Thus, the idea of additional dispersion strengthening in eutec-
tic systems having natural hardening is consistent with the model (Fig. 12.3) and the
observed tendency of dislocations in the matrix-phase interface, as well as with re-
sultant formation of cell substructure in areas of heavy deformation.
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12.4. Nanocomposites

The creep results for nanocrystalline materials are conflicting [459,
460] seeing that there is an increased tendency of them to undergo localized shear. In
many cases, hanocomposites exhibit mechanical or physical properties of special in-
terest. In the production of nanocomposites, one of the key problems is to obtain a
uniform distribution of two or more phases. In general, there are two approaches to
the production of a uniform nanocomposite: (i) synthesis of a metastable homogene-
ous mixture and formation of the second phase after densification during sintering
by precipitation and (ii) synthesis via the two phases blending during the step of par-
ticle formation. The ultimate uniformity of such a product can be obtained by coating
the particles of the primary with second phase. Unfortunately, processes based on
mechanical blending do not lead to powder homogeneous in the nanometer scale.
GB strengthening of nanocrystalline materials with nanoscale powders may be dis-
advantageous when consolidation of powders to full density is considered. The prob-
lem may be partly overcome if higher consolidation temperatures are employed, as o,
and K in the Petch-Hall equation decrease and the GB sliding increases with increas-
ing temperature or if high pressure consolidation is employed at slightly elevated
temperatures to full density [461]. However, consolidation at elevated temperatures
may result in recrystallization and grain growth. At the same, in order to obtain ther-
mally stable nanocrystallites and to retain their structures, an alternative processing
route is required which provides consolidation of nanoscale powders below their re-
crystallization temperatures retaining the fine grain size.

The formation of nanoscale metal matrix composites is a technique that proved
useful for consolidation of pre-alloyed and ultrafine elemental powders. In order to
obtain thermally stable nanocrystalline structures an alternative processing route is
suggested leading to the formation of nanoscale matrix composite materials with fine
ceramic dispersions. Nanometric monodisperse powder and laser for gaseous phase
reactions present a growing interest in ceramic processing leading to enhanced den-
sification and improved thermomechanical properties of the final product.

Many intermetallic compounds show high yield strength, good stability and
creep resistance up to relatively high temperatures. An interesting example is Ni Al
a material for which the increase in yield strength with increasing temperature is
typical [462]. The major difficulty with intermetallic compounds, however, is their
tendency to show brittle fracture or decreased ductility in polycrystalline form. The
reasons for the mechanical behavior of intermetallics should be found in the chemi-
cal order, which reduces atomic mobility and which is also responsible for the pres-
ence of less mobile superdislocations [463].

The research in nanostructured materials and its success in improving the duc-
tility of ceramics [464] have motivated research in nanostructured intermetallic com-
pounds [465]. It is expected that the deformation behavior of nanostructural materi-
als is a grain boundary diffusion-controlled mechanism, which does not involve
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movement of dislocations. This means that materials which are brittle as coarse
grained polycrystals because of an insufficient number of independent dislocation
slip systems, can exhibit ductility in the nanocrystalline form owing to diffusion-
controlled mechanism.

Thus, nanocomposites not only provide higher mechanical properties as com-
pared to pure metals, but also have a better thermal stability due to the fine second
phase nanoparticles preventing grain growth. In this case, strengthening by dispersed
particles (oxides, carbides) may be more important than grain boundary strengthen-
ing. A further improvement of hardness, yield strength and thermal stability may be
expected, if a very fine metal (or metal hydride) powder is added to the blend which
will further react with the matrix to form an intermetallic for the production of inter-
metallic matrix nanocomposites, e.g., NiTi with hard ceramic particles.

A large fraction of atoms located at interfaces (about 50 at% for a 5 nm grain
size) is expected to play an important role in determining the unique properties of
nanocrystalline materials [459]. However, some fundamental subjects concerning
their interfacial structure and structure-related properties are still controversial. So
far, two major structural interface models have been proposed, i.e., the “gas-like”
structure with neither long- nor short-range order by Gleiter [466] and similar to the
common interfacial structure in polycrystals by Siegel et al. [467].

Using the molecular dynamics method and the empirical N-body potential for
calculating radial distribution function, Peng and co-workers [468] have shown that
in a relaxed nanocrustalline copper, the ordered structure of interface is formed,
which similar to that in the coarse polycrystal. The initial computional system con-
sists of seven spherical fcc-clusters of 3.18 nm in diameter and contains 10.293 Cu
atoms. Clusters can relax sufficiently in three dimensions to reach a stable structure
with low energy. The mean atomic cohesive energy of the nanocrystelline Cu is cal-
culated to be 3.352 eV, much lower than the value for single crystal Cu (3.518 eV).
Significant stress relaxation is observed for interfaces (GBs between two clusters or
surface of individual clusters) as well as rotation of the cluster or dislocation motion
through the cluster. Because of relatively high self-diffusion, atoms move to the voids
at the triple junctions where three neighbor clusters intersect forming an ordered
structure of small or high GB angle between the two clusters of common lattice ori-
entation as well as the two-dimensionally coherent or semi-coherent boundary struc-
ture between the clusters of no common lattice orientation in the computed relaxed
atomic structure. The significantly high diffusion and solid-like softening feature of
the power spectrum of the interfacial component are closely related to the native
characteristics of nanocrystalline materials, such as the higher energy states and
smaller coordinate number of atoms at interfaces, and the rapid short-circuit diffu-
sion along the interfacial network. Local atomic relaxation is observed which tends to
provide a low energy configuration. Ordered GB structures are similar to those in
polycrystals in spite of the existence of small localized disorder at or near interfacial
planes, and the interfacial region is about three atomic layers wide.
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Measurement of 110 nm grain rotation and plastic strain yielded clear evidence
of dislocation activity responsible for GB sliding [469]. This can make significant
contribution to the deformation of nanostructured metals (thin films) at low ho-
mologous temperatures. Nevertheless, nanocomposites not only provide higher me-
chanical properties as compared to pure metals, but also have a better thermal stabil-
ity due to the fine second phase particles preventing grain growth. In this case,
strengthening by dispersed particles (oxides, carbides) may be more important than
GB strengthening.

12.5. Excellence for Advanced Materials

Polymer matrix nanocomposites are already used in various appli-
cations. Metal matrix nanocomposites can offer distinct advantages over polymer
composites due to their inherent high temperature stability, excellent elastic modu-
lus, long-term strength, high stiffness, wear resistance as well as thermal and electri-
cal conductivity [470]. Magnesium matrix nanocomposites (MMNCs) reinforced
with nm SiC, nm AL O,, nm Al Zr, nm TiO,, nm ZrO,, carbon nanotubes etc. have
been receiving attention in recent years as attractive materials for aerospace and au-
tomobile industries due to their good damping capacity, excellent castability and su-
perior machinability. The principal dispersoids have been identified by proper elec-
tron techniques, in particular, by electron diffraction as 5 nm GB nanoparticles oc-
curring in magnesium alloys (nm Mg Al Ca), beryllium alloys (nm Be,C), and
aluminum alloys (nm Al Sc). As described in Chapters 9-11, the superior properties
of MMNC:s can be retained at elevated temperatures of up to 523 K (for the best mag-
nesium alloys). As a rule, the nanoparticles reduce the ductility of MMNCs by pre-
venting their plastic deformation. With that, they can produce a grain refining effect
to improve their ductility. The observed high modulus of elasticity and the relatively
high cyclic threshold stress intensity factor are thought to result from the strong
binding between the nanodispersoids and the matrix.

The major disadvantage of metallic nanocomposites is associated with the rela-
tively high cost of these materials and the high cost of their fabrication. In practice
the procedure is a compromise between cost considerations and product quality. In
this context, advantages of magnesium alloys as structural materials are obvious. The
next experimental magnesium alloys to be proposed and their nanoparticulate-rein-
forced magnesium matrix composites can compete with aluminium alloys and rein-
forced polymers, and offer great potential for industrial use in the future in different
dynamical applications in the aeronautics, automobile and engineering industries. To
exploit their potential, these alloys and nanocomposite materials made of them must
be checked in industrial conditions. At present, these alloys were evaluated by exten-
sive tensile and creep testing. It should be pointed out that Mg—Al—Ca alloys with
know-how addition of Ti (< up 0.2%) and small addition of Sr (up to 1.7%) become
heat-resistant ones opening new areas of industrial application. These new cost-effec-
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tive engineering materials not containing expensive alloying additions at least in
large amounts exhibit excellent castability, creep resistance and long-term strength at
423 K under 70 MPa, which are significantly superior to that of the commercially
available magnesium alloys such as AZ91D, AS21, as well as AE42 containing large
amount of expensive RE. They address the power train (dynamic) applications in the
automobile industry.

It is however recognized that the demands for improved power drive system
performance and overall efficiency are ever increasing. In answer to these demands,
Magnesium Electron Ltd (MEL) has developed a new family of alloys based on the
Mg—Y—Nd— RE system. Due to its combining superior temperature stability, inherent
corrosion resistance and excellent mechanical properties, the alloy considered most
suitable for aerospace applications is WE 43 (4% Y, 2.25 % Nd, 1 % HRE*, 0.6 % Zn).
The envelope of long-term temperature capabilities has been increased to 523 K.

WE 43A-T6 competes with commonly used aerospace aluminum-based alloys,
such as A355-T6, A3566, A201-T7 and A203, on the volume-to-volume basis, and
can prove even better at elevated temperatures, with a dramatic potential weight sav-
ing of around 30%. Exposures for up to 10,000 hr at various temperatures up to 523 K
have shown no significant reduction in r.t. tensile properties, while tensile properties
of A201 and C355 fall quite drastically after long-term exposure.

In spite of the fact that magnesium has the lowest density and the best machina-
bility of all engineering metals, it has only found restricted application as an engi-
neering material due to limitations in the mechanical properties and corrosion resist-
ance. It is reported that the main factor affecting the mechanical properties of more
reactive magnesium alloys is the grain size. Novel material processes such as en-
hanced directional as well as rapid solidification technology (RST) including Free Jet
Melt Spinning (MS) and Planar Flow Casting (PFC) expand the application of
wrought (extrusion) reactive magnesium alloys with enhanced properties provided
by structured refinement and solid solution extension. Rapid solidification processes
(RSP) like Free Get Melt Spinning (MS) and Planar Flow Casting (PFC) result in
substantial refinement of the microstructure giving a considerable increase in the
mechanical strength of the alloys.

Rapidly solidified and then extruded AZ91 with additions of RE and silicon is
characterised by week texture and a fine grain size of 0.3-1.0 pm and particle size of
0.2-0.7 um (phase Mg Al ) and 30-70 nm (phase MgRE) dependent on processing
parameters like casting and consolidation conditions [471]. Rapid solidification proc-
ess (RSP) is looked upon as a way of avoiding the limitations of traditional metallurgy
in metals, and extensive work especially on aluminium alloys has resulted in promis-
ing improvement of the properties. Research Center (France) and PECHINEY
NORSK HYDRO (Norway) have a joint program with objectives to develop new
magnesium alloys with high strength and improved corrosion resistance using the

* Heavy Rare Earths, principally ytterbium, erbium, dysprosium and gadolinium.
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RSP. Outstanding improvements in strength, equal compressive and tensile strength,
and excellent corrosion resistance have been reported, in particular for new magne-
sium alloys of the Mg—Al, Zn, Zr, RE systems.

High strength Mg—Y alloys are now available with usable long-term properties
to 523K. High strength nanocrystalline Mg—Al—Ca alloys [472] can be further re-
inforced using the GB pinning effect.

A further reduction of the density is attainable by alloying magnesium with Li,
the lightest metallic element. Indeed, the production of magnesium alloys with den-
sities down to 1.3 g/cm® and a higher specific elastic modulus than that of steel is
possible. The high solubility in Li (nearly 90 mass%) leads to bcc magnesium alloys
with remarkable deformation behavior. Some disadvantages of these alloys are re-
duced tensile strength, poor corrosion resistance and high cost. The mechanical
properties of binary Mg—Li alloys can be improved by additions of aluminum. In-
creasing aluminum content results in solid-solution hardening and a rising volume
fraction of the nanoscale phase Al—Li. The strength of these ternary alloys, for exam-
ple, the specific strength of the Mg—Li8Al3 alloy is higher than that of the steel St 70.

Further improvements of mechanical properties are attainable by embedding
fibres like nm SiC- whiskers for reinforcement of magnesium wrought alloys as well
as glass, and Al O, and graphite fibres for reinforcement of magnesium cast alloys. In
that way, an elastic modulus of up to 170 GPa is attainable in graphite reinforced Mg-
alloys. Such fibers composites offer the advantage that their properties can be pre-
dicted and tailored to an application. In future it will be of interest to reduce the
density of composites, for which Mg—Li alloys will be used for the matrix material.
Another possibility for improving the mechanical properties is given by rapid solidi-
fication techniques. High solidification rates provide a very fine grain size, increased
solubility and possibly metastable phases.

Recently the laser heating of surfaces has become more attractive. This process is
partly in technical use for steel and aluminum, whereas laser treatment of magnesi-
um and its alloys is relatively unknown. Thus, several conventional and Mg-Li alloys
were laser heated and investigated. All of them showed a locally melted area with a
fine microstructure, but no head affected zone. Hardness measurements confirm an
improvement of the mechanical properties provided by grain refinement in the laser
traces. Another method for rapid solidification is the melt spinning technique. With
this method the production of semiproducts directly from the melt is possible.

12.6. Scopes of Structural Applications
for HCP Crystalline Materials

Dimensional Stability

Development of dimensionally stable crystalline solids, their light-
weight structures, high precision spacing systems and other critical instrumentation
of diffraction-limited quality is one of the most important directions for severe ap-
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plications. Beryllium with hcp lattice possessing an extremely high stiffness-to-weight
ratio and attractive optical characteristics has been successfully used in precision aero-
space navigational instrumentation and precision optical components (high quality
gyroscopes and Be-mirrors) due to its high microyield strength and good dimensional
(thermal and temporal) stability of beryllium optics [473, 474]. Conversion of military
potential of hcp Be as a structural material and waste products from military technol-
ogy opens the new possibilities in development of alloys of new generation in astro-
physics, precision rocket and space navigation systems [474, 475]. Necessary level of
their thermal and temporal stability should be provided with the complex treatment
including annealing, aging and heat-cycling operations for the further stabilization of
phase composition, residual concentration of the primary solid solution, integral dislo-
cation vacancy structure as well as thermal (structural) elastic stresses.

Dynamic Structural Applications

Light alloys and their composites should be applied in conditions
where microyield/creep resistance, low moment of inertia, stiffness and long-term
strength are essential.

Magnesium is the lightest metal used for structural applications. Due to its low
density, specific strength and stiffness, the material has been attractive to designers,
and magnesium alloys have historically been used in a number of high-performance
aerospace structural applications. Improvements in properties and castability (cast-
ing quality and complexity for thin walls) achieved by magnesium in the last 30 years
have made magnesium alloys a prime choice for further application within the aero-
space industry. However, because of low corrosion resistance and formability at
room temperature as well as the moderate mechanical properties compared to im-
proved aluminum alloys, this metal has not seen extensive use (market niches have
decreased rather than increased). To address these problems and increase the use of
light magnesium alloys, important development work has been carried out by Lock-
heed and Allied Signal in North America, MEL Shell in the United Kingdom, Norsk —
Hydro / Pechiney in Europe (Norway, France).

Use of Mg as a design material is increased. Particularly, the motor industry has
received an opportunity of manufacturing pieces from the unique (light, strong, re-
sistant to corrosion) metal. Magnesium is well exposed to welding and is capable in
many cases to exchange plastic used in automobiles, for example, light armchairs for
passengers ensuring their increased reliability, Density of Mg (1.7-1.8 g/cm®) is the
least among all structural metals and alloys. At such density as the plastic, magnesi-
um is more rigid by 10 times and is characterized by high specific strength. The ap-
plication of magnesium, the basic competitor to aluminum, is also efficient from the
economic point of view [476, 477].

These alloys were evaluated by extensive tensile and creep testing. It should be
pointed out that Mg—Al—Ca alloys with addition of Ti (£0.2%) and Sr (<1.7%) be-
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come heat-resistant opening new areas of industrial application. These new cost-effi-
cient engineering materials not containing expensive alloying additions at least in
large amounts exhibit excellent castability, creep resistance and long-term strength at
423 K under 70 MPa, which are significantly superior to that of the commercially
available magnesium alloys such as AZ91D, AS21, as well as AE42 containing
large amount of expensive REs. They address the power train (dynamic) applications
in the industry.

We are also taking over the orders for modification of the chemical composition
of the industrial, commercially available magnesium alloy AZ91D (Dow Chemical
Corp., USA) to improve its creep behaviour. Development of the magnesium and
aluminum alloys provides with highly improved creep resistance characteristics in
line with remarkably low production cost via using micro-alloying, strengthening
mechanisms and processing which do not call for use of expensive elements such as
Y, Sc, RE, etc.

Thereby, with appropriate protection techniques, magnesium alloys offer aero-
space engineers a valuable material choice now and during the 21st century. As aero-
space designers continue to strive for overall efficiencies and power/drive system im-
proved performance, the requirements are bound to be reduced with weight, im-
proved with elevated temperature properties, and provided with more complex thin
wall castings.

Damping Ability

The experimental magnesium alloys are particularly well adapted
for use as die casting alloys and can be made by any standard die casting process.
Having high damping ability investigated magnesium alloys with special ultrasonic
properties attenuate a high level of elastic fluctuations and vibrations. Therefore, vi-
brations damping elements from magnesium alloys can be used in mobile units and
systems of mechanical engineering testing vibrations.
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Based on the fit to experimental data, conclusions are drawn with
regard to the problems, potential, applications and prospects of
cluster-assembled nanophase alloys and metal-matrix composite
materials in the industry.

Metal-matrix composites are currently experiencing active de-
velopment all over the world ranging from high-performance mili-
tary and aerospace applications to big-volume low-cost commer-
cial applications. While significant progress is being made, concerns
of high cost and less-than-desired properties exist. Moreover, no
one approach has yet been defined to optimize properties, cost, and
technology of materials fabrication.

All of the best improvements in short-term and long-term
strengths of nanophase metallic materials are associated mainly
with the activation of nanodispersion strengthening mechanisms
attributed to the GB pinning effect.

The novel magnesium alloys in the hcp Mg—Ca—Al system
have 30% greater tensile and compression resistance than the com-
mercial alloy AE42 (Mg—AIl—RE) and corrosion resistance as
good as that of the industrial alloy AZ91D (Dow Chemical Corp.,
USA). They have been estimated to cost less than the abovemen-
tioned alloys.

New Ukrainian magnesium alloys in the Mg—Al—Ca—Ti/Sr/
Gd systems containing GB nanodispersoids (nm Mg Al Ca, nm
SiC, etc.) have improved (by 30%) fluidity/castability, low-tempe-
rature ductility (4-5% elongation at r.t.), excellent performance of
thermal resistance, and long-term strength, increased (by 423-473 K)
heat resistance as well as higher creep resistance (at 70 MPa / 423 K
for 200 hr) compared to the automotive industry alloys AZ91D,
AS21, as well as the European alloy AE42 (Mg4Al2.5 RE), contain-
ing large additions of RE. They are corrosion resistant and esti-
mated to cost less than the above metal alloy systems. Besides, the
novel experimental magnesium materials demonstrate good casta-
bility in metal models which are usually used in permanent mold
and die casting.
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In many cases, nanocomposites exhibit mechanical or physical properties of spe-
cial interest. In the production of nanocomposites, one of the key problems is to ob-
tain a uniform distribution of two or more phases. In general, there are two ap-
proaches to obtaining a uniform nanocomposite: (i) synthesis of a metastable homo-
geneous mixture and formation of the second phase after densification during sinter-
ing by precipitation and (ii) synthesis of the two phases by blending during the step
of particle formation.

Another important benefit appears to be enhanced corrosion resistance, offering
the prospect of producing alloys of the system studied with equivalent corrosion re-
sistance but higher specific strength as compared to aluminum alloys. There is a great
interest in light alloys from the aeronautics, automobile and engineering industries.
Looking ahead to the future, there are interesting prospects for magnesium research,
such as further reduction of density, further improvement of mechanical (creep)
properties and corrosion resistance as well as the development of new casting pro-
duction technologies providing higher quality and cost-efficiency of magnesium. Ad-
vantages of using magnesium-based alloys as structural materials in different dy-
namic applications are available where a low moment of inertia, good stiffness and
high resistance to time-dependent microplastic deformation are of importance. Nov-
el magnesium alloys and their nanoparticulate-reinforced magnesium matrix com-
posites can compete with aluminium alloys and reinforced polymers and manifest
great potential for their industrial use in the future.
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This monograph analyzes and summarizes world achievements in
the field of strength physics and materials science as well as the re-
sults of theoretical and experimental investigations of the physical
nature and most probable strengthening dislocation mechanisms
of microyielding, macroscopic deformation and thermally activat-
ed (quasi-brittle) fracture for hcp, fcc and bec crystals with various
Peierls barriers, as well as decaying solid solutions, ordered alloys
with intermetallic strengthening, cluster-assembled nanophase and
rapidly-hardening materials. Besides, it aims at studying possibili-
ties of overcoming the brittleness and hydrogen embrittlement
problems and to produce methods for thermally activated recovery
of plasticity with restoration of resistance to fracture and strength
for the most brittle metals of the periodic table of elements, in par-
ticular, chromium and beryllium.

In this case, we reviewed some recent trends and developments
in high-strength materials rather than gave a detailed description
of the present state of the art and the way it developed. On this ba-
sis, the alloying principles and strengthening methods have been
developed for the formation of properties in metal alloy systems,
which have a set of necessary technical characteristics in the critical
temperatures range.

When publishing materials of a review nature, the author does
not strive for the most complete description of the current state of
scientific developments in this area of knowledge, limiting himself
to the main areas of research and achievements in understanding
the physical nature of phenomena and controlling mechanisms.
The selection, systematization and generalization of the results and
literature data reflect, of course, the scientific interests and view-
points of the author on a number of the problems raised with the
justification of approaches and their solutions.

The research identifies topical problems that hinder the further
development of this direction in modern solid state physics. Based
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on the published data and the results of original research, the main principles of the
formation of the chemical compositions of multicomponent (binary, ternary and
quaternary) alloys and the evolution of their structure are considered. In recent years,
strength physics has made very significant progress but a large number of problems
in the field are still open:

« Analysis of the jerky flow and serrated yielding reviews the high rate of strain-
age hardening occurring in metal crystals with the formation of serrations on the
stress-strain curve at elevated temperatures. This effect cannot be explained by the
usual dislocation locking concepts in terms of Cottrell (elastic approximation) or
Suzuki (chemical approximation) theories. Our approach gives access to meso-
scopic systems and allows quantitative prediction of the activation of short-range
rate-controlling mechanisms operating in rapidly solution hardened crystalline
materials. These stress-induced ordering mechanisms (generally termed Snoek —
Zener — Fleisher — Fisher and Schoeck — Seeger) require solute atoms to make
only a single jump for dislocation locking affected according to Maxwell — Boltz-
mann’s relationship.

« The transition of matter from the atomic to the solid state implies changes in cluster
self-organization which turn out to be more complex than was originally supposed.

« Understanding the mechanical properties of nanophase alloys and their nano-
composites is a challenging issue. In this case, influence of large amount of grain
boundaries is crucial. In nanocrystalline and nanophase materials the grain bound-
aries are certain to be responsible for most of the observed strengthening effects.
Since their metastable structures have nets of misfit dislocations and coincidence su-
perlattices, they are strongly dependent on the synthesis techniques, all based on
driving the material far from equilibrium according to the Morris-Valiev-Sanders-
Van Swygenhoven ideas, model considerations and computer simulations. Therefore,
the activation energy and the dislocation activation volume are consistent with grain-
boundary sliding and its strengthening mechanism.

« It should be pointed out that Cottrell’s concept is assumed to be valid only be-
yond the dislocation cores due to macroscopic changes in diffusivity. Hence, the
model would give marks that are too high when making calculations of the strength
in terms of a long-range (diffusion-controlled) mechanism. A physics-based consti-
tutive model of dislocation microyield/creep resistance has been put forward and
applied to the attempt to describe and explain the physical nature of rate-controlling
strengthening mechanisms responsible for the dragging of solutes on the dislocation
cores by short-range mechanism.

« The first attempt to separate the contributions of plastic deformation and frac-
ture using a kinetic creep curve belongs to Reed-Hill (1973). According to his ideas
the usefulness temperature of strength corresponds to its maximum relative to the
absolute melting temperature, T /T , at which a potential alloy can withstand a load
of around 100 MPa without fracture. In our study, a quantitative (dislocation) crite-
rion of useful long-term strength is formulated with reference to light metal alloy
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systems. Such an approach is shown to be a reliable tool for studies of the structure
and long-term strength in newly developed alloys.

o The main source of the rapid increase in yield stress and the rapid decrease in
fracture stress for bcc and hep metals and their alloys, respectively, is still a matter of
controversy. A critical experimental examination of this topical problem depends on
the preparation of high-purity single crystals and their micro alloys which are doped
with controlled amount of interstitial impurities.

Thermoactivation analysis of quasi-brittle fracture opens up new possibilities for
increasing fracture resistance and restoring the properties of semi-brittle crystals,
hydrogenated metals, and difficult-to-machine alloys in a wider temperature range
and determines the strategy for further research and applied developments. In con-
nection with the development of the problem of overcoming the brittleness, recovery
and formation of new properties of precision and light alloys for modern technology,
special attention is paid to the search for dislocation fracture mechanisms that con-
trol the macroscopic parameters of these objects, as well as to check the unified com-
position-structure-properties relationship at all stages of their processing (at the dis-
location, micro- and macroscopic levels). A more general dislocation theory of quasi-
brittle dynamic fracture has been developed for crystals with various Peierls barriers
under the action of applied stresses and thermal activation. This approximation
makes it possible to calculate analytically the simultaneous contributions of plastic
(dislocation) relaxation and thermal fluctuations at the tips of mobile microcracks to
the fracture inhibition.

Great care should be taken when assessing the long-term operation of units and
structures based on the results of short-term tests, since, in particular, with a decrease
in the creep rate, their fracture can occur at any time due to the appearance of mi-
croyielding of grain boundaries and interfacial surfaces. The conventional creep lim-
it is the stress at which deformation of a certain or required value is achieved in a
given time, while the creep resistance depends on the nature of the interatomic bond,
type of crystal lattice, energy of the stacking faults in the structure and the character-
istics of dislocations.

At present, diagnostic techniques and methods have spread the field of applica-
tions, becoming very useful tools to approach many different problems in metal phys-
ics, chemistry and materials science from both fundamental and applied points. Since
many aspects of the range of problems remain to be examined with the necessary criti-
cism, a brief overview is given to reveal the internal inconsistencies of current ap-
proaches and concepts as well as disparities between model calculations and experi-
mental data. Besides, the author reviews the present status of his own particular field,
with emphasis upon the most important recent developments of diagnostic approaches
and current practice. A newly developed diagnostic approach to material conditions
preventing the premature fracturing of rapidly-hardened crystals has been proposed to
improve reliability and extendin the service life of structural metal alloys and construc-
tion modules working under long-term loading below macroscopic yield stress.
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A new first-order physical theory of useful long-term strength based on a dislo-
cation model and analytical rate equations has been advanced for adequate describ-
ing dynamic (time-dependent) microyield/creep resistance responsible for a poten-
tially useful measure of the uniform strain preventing a premature fracturing of
rapid-hardening crystals. The theory based on mathematical modeling of the resis-
tance to dislocation movement and Le Chatelier-Braun’s physicochemical principle
of shifting its mobile equilibrium furnishes an explanation of the above dragging ef-
fects at the early stage of their formation, including the onset of jerky flow. Besides, it
describes the direct interactions between defects and solutes involving the jump-like
movement of dislocations with increasing temperature. Interpretation of their rela-
tionships makes it possible to separate the time-dependent contributions of power
and thermal components to the net activation energy needed for overcoming the
short-range obstacles and to estimate the energy of thermal activation and disloca-
tion activation volume. The theory also enables examination of the transition from
uniform elongation to localized shear caused by loss of the shear stability for crystal
lattice and, as a sequence, by microplastic instability. Such a diagnostic approach en-
ables the short-range rate-controlling mechanisms to be identified for stressed crys-
tals in terms of thermal activation numerical analysis of rapid strengthening using
the constant structure steady-state creep tests and dislocation relaxation technique.

A more accurate (dislocation) criterion of useful long-term strength is formu-
lated for quantitative assessment of the dragging effects preventing transition from
the structurally uniform sliding to localized shear strain that governs the structural
preparation of fracturing. In the context, a threshold dragging stress as a function of
strain resistance is directly related to elastic (shear) stability of a dislocated crystalline
lattice, line tension (excess energy), velocity and density of sliding dislocations.

Theoretical calculations of dislocation strength influenced by elastic stress fields of
dislocations produced by mobile solutes paired with excess vacancies are in a reason-
able agreement with the original and published experimental data. Such an approach
might be applicable to the strain rate-sensitive materials permitting further generaliza-
tion and is the most valid for precise measurements when tested under the constant
structure and strain rate change conditions as well as stress relaxation tests and constant
load creep testing. The proposed method can be expected to be appropriate in describ-
ing creep behavior of hcp metal alloy systems as a starting point for further develop-
ment of the creep-resistant alloys with minimum of localized shear effects and rapid-
hardening crystals thermally activated by a short-range mechanism.

Based on the fit to experimental data, conclusions are drawn with regard to the
governing short-range mechanisms:

« Structure of a melt or a liquid mixture of reactants is the main source of a solid
state clusterized structure. Measurements by mechanical spectroscopy have shown
that separate peaks in hcp solid solutions are attributed to the presence of point de-
fects pairs. These pre-cluster type complexes are believed to produce asymmetric
elastic distortions in hcp anisotropic lattice and to cause short-range ordering around
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moving dislocation. Besides, the pair defects are mobile enough to be responsible for
the onset of jerky flow on the smooth region of stress-strain curve preceding serra-
tions. The occurrence of pre-cluster pair associates is also supported by the deviation
from classical (Arrhenius) behaviour in the Mg—Ba and Al—Li systems observed at
high temperature. It should be stressed that they are caused by change in the diffu-
sion-controlled mechanism in hcp interstitial solid solutions such as Be—C and
Ti—H as well as in substitutional solid solutions such as alloys in the Mg—Ba and
Al—Li systems oversaturated with excess vacancies. The formation of cluster com-
pounds A B with own electronic structure is believed to occur by means of the
chemical interaction between pair associates consisting of a solute and an excess va-
cancy due to their pair relaxation. The cluster compounds with strong chemical bonds
can be a structural unit of cluster-assembled and nanophase materials.

o Pre-cluster separations of AE bound with excess vacancies are likely to change
the chemical potential of a dislocation so that at high strain rate they are believed to
cause the activation of a short-range (rapid) mechanism rather than a long-term mech-
anism. The interpretation is supported by estimates of lower values of the thermal acti-
vation energy (0.5-0.8 eV) for migration of an excess vacancy to be bound with AE.
Thus, short-range ordering units could tentatively be suggested as being pre-cluster
complexes which are responsible for the rate of rapid hardening based on the short-
range mechanisms of dislocation dragging under the conditions of thermal activation.

« Physical principles of the precise alloying for the in situ bulk nanoclustering a
structure of the condensed metal systems (metal melts and their extended solid solu-
tions) are formulated in order to reveal the origin of the cluster-induced compounds
responsible for the crucial increase (by two-three orders of magnitude) of quantum
efficiency within the UV-spectrum range. The class of promising photoemission ma-
terials based on ternary Mg—Ba—Li and Al—Li—Ba alloy systems is being devel-
oped with the goal of applying them as pulse bulk photocathodes in high-current
electronics including the next RF-guns of FELs and electron accelerators.

« Constitutive semi-logarithmic equations of strain rate are derived to carry out
the numerical thermally activated analysis and reveal rate-controlling dislocation
mechanisms accommodated by short-range diffusion of pair defects at 7T > kT and
their repeated pinning of dislocation at 7'T" << kT.

« Judging the results obtained, at least two underlying types of the dislocation
dragging mechanisms were identified by using the new model-based analytical rate
equations when evaluating the activation energies intrinsic to creep-resistant alloys
in the hcp Mg—Al—Ca, Ti and fcc Fe—Ni—C systems:

(i) At higher stresses and lower temperatures (V't" > kT), the movement of glide
dislocations is most likely to occur jointly with their solute atmospheres so that for
the case, the dynamic dragging of microyielding is provided by the resistance of mo-
bile dislocation atmospheres with the a.e. for vacancy migration. Thermally activated
drag dislocation mechanism operates with the thermal a.e. (about 0.8-0.9 eV) to be
enough for rapid (short-range) pinning of an excess vacancy, eV in the stress field of
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the moving dislocation atmosphere consisting of the pair defects EV-AE atom. In this
case, thermally activated slip dragging by the pair defects having a high rapidity of
the short-range pinning is believed to be the most likely rate-controlling drag mech-
anism responsible for the pre-yield resistance. When operated under limited mobil-
ity of slow dislocations it can slow down the rate strain to 107° s'. It is deduced that
the above mechanism resembles closely the Shoeck-Fleisher ordering mechanism
rather than solute locking by the Cottrell mechanism which could not operate in a
multi-level defect structure by reason of preferential (short-range) interactions be-
tween excess structural defects.

(ii) At lower stresses and higher temperatures (V' - t° << kT) the rate-controlling
drag mechanism in the pre-yield region preceding jerky flow is thought to be essen-
tially governed by the repeated thermal pinning and thermal depinning of mobile
dislocations typical for the jump-like dislocation microyield resistance. In this case,
mechanism is operating with the thermal a.e. (about 0.3-0.5 eV to be enough for the
jump-like pair relaxation of V - AE atom defects in the stress field around of a disloca-
tion in terms of direct interchange of their positions. The dragging effect is believed
to be due to the constant (discontinuous, repeated) interactions between mobile free
dislocations and solutes by a jump-like mechanism. For the case, of point peculiar
interest is an enhanced effect of dragging at the early stage of the jerky flow. It may be
appropriate for improving the long-term strength of high-temperature alloys. Solute
atmosphere dragging is expected from a Le Chatelier-Braun effect based on physical-
chemical principles of shifting the mobile equilibrium by a mechanism of discontin-
uous (repeated) pinning and depinning of dislocation.

« Plastic deformation of a solid solution shows itself as a dynamical system of the
short-range interactions between mobile defects and is mainly controlled by a certain
thermally activated dislocation mechanism. In doing so the pair defects consisting of
an excess vacancy and an alloying element are thought to be responsible for the es-
sential slowing down dislocations. Rapid strengthening of metal crystals is associated
with the activation of short-range rate-controlling mechanisms, as predicted by Fish-
er and Flinn. For rapid hardening crystals thermally activated by short-range mecha-
nisms, rate equations are derived by assuming that the density of mobile dislocations
remains unchanged.

Because of their crucial technological role, hcp metals such as Ti, Zr, Mg, Zn and
Co, among others, have been intensively studied over the past 70 years. Zr-based alloys
are used as cladding for nuclear reactor fuels. Ti-based alloys are applied to the aero-
space technology and the aircraft industry. Mg-based alloys are intended for automo-
bile, computer, communication and consumer electronic applications. At present, the
future of Mg-based alloys is certain because of current and projected advantages of
magnesium reactive element which is the lightest among structural industrial metals.

Considerable experimental effort over the world is being expended in develop-
ing long-term strength structural magnesium alloys containing, as a rule, light ele-
ments to operate in the transport (automobile, powertrain, etc.) industry at higher
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useful temperature and larger stresses under service conditions. The main interest in
magnesium for the automotive and aeronautic industries is due to its low density, com-
pared with that of aluminum and steel, which can reduce vehicle weight and fuel con-
sumption. Mg-Al based alloys (AZ or AM alloys) have been used widely as die casting
alloys and have been considered as wrought magnesium alloys. These alloys exhibit
good castability and have reasonable room temperature mechanical properties and cor-
rosion resistance in many environments. However, Mg-Al based alloys have poor high
temperature creep resistance, which is believed to be associated with the grain bound-
ary (discontinuous) precipitation of the f-phase (Mg Al ). In order to overcome and
minimize the deterioration of high temperature physical properties, new alloy systems
have been actively investigated which have stable microstructure and good mechanical
properties such as high creep and corrosion resistance at high temperatures.

Advances in technology in many areas are placing greater demands concerning
high-performing materials, their alloy composition and related processing techniques.
By doing so innovations are essential if these demands are met.

The monograph also reports the results of tensile and creep testing on magne-
sium- and zirconium-based alloys including with the substantially ordered L1, struc-
ture of Zr Al intermetallic as well as their matrix composite materials reinforced by
nanoparticles (nm Mg Al Ca,, etc.) and nanooxides (nm Y,O, and nm ZrO,). A set
of high creep-resistant and high temperature-strength light alloys are developed as
structural materials for high-loaded parts and dynamic applications.

Design and microstructural analysis of magnesium alloys based on the Mg—
Al—Ca system have been carried out in order to investigate for dynamical applica-
tions the influence of alloying elements on their microstructures as well as micro-
chemistry-processing-microstructural relations using structure-sensitive techniques.
Following the data obtained, there is a direct correlation of microstructure with
creep properties of the new experimental magnesium alloys. The creep and heat-
induced properties of the multicomponent magnesium alloys containing low range
of inexpensive additions of titanium (0.07-0.2%) or strontium (about 1.8%) are
defined by the resulting structure dynamically formed during creep strain (up to
200 hr). It is noteworthy that Ti as novel alloying element competes for creep resis-
tance and cost with Sr and attracts as-cast desirable properties minimizing solute
effects at ambient temperatures. This is due to the pinning of slowly moving dislo-
cations with the binding energy no more than 0.3-0.4 eV as well as due to stress-
induced self-strengthening. The creep resistance and long-term strength in the new
experimental alloys are superior to those for the present commercial alloys AZ91D,
AE42 and AS21 (creep strain €, less than 0.3-0.4 % at 423 K and 70 MPa for 200 hr;
¢, ~ 107 s™") thanks to their novel microstructure having desirable engineering
properties for structural applications The newly developed magnesium alloys with
improved castability can be used in die-casting technology and automobile (pow-
ertrain) industry for manufacturing components and parts which are difficult to
cast with a more desirable microstructure.
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Magnesium alloys of high purity in the hcp Mg—AIl—Ca, X system discontinu-
ously nano-reinforced by nm Zr, Al reveal the desirable increase in dislocation creep
resistance and long-term strength over the unreinforced counterparts at 423 K up to
70 MPa for 200 hr life. The observations and findings suggest that the principles of
nanophase strengthening should be considered as an effective means of obtaining
desirable combinations of mechanical properties due to the nanoparticle-induced
delay time-dependent shear localization.

In this study, a family of new experimental zirconium alloys based on hcp Zr —
Nb—Sn—Fe system and reinforced by nanooxides has been designed to improve
their mechanical response and dislocation creep resistance. To achieve this purpose,
the effectiveness of their structural and nanooxide strengthening mechanisms was
verified in as-cast, deformed and annealed conditions. Zirconium alloys discontinu-
ously reinforced with nm Y,0, and nm ZrO, nanooxides reveal the threefold increase
in tensile (short-term) strength and two orders of magnitude gain in long-term
strength due to the thermally activated by-pass mechanism. A set of high creep re-
sistance and high temperature strength alloys is developed as structural materials for
high-loaded parts and dynamic design application.

This research outlines a detailed study of mechanical properties of ordered zir-
conium alloys with intermetallic strengthening in the Zr—8Al and Zr—8Al—1Nb
systems using strain rate change measurements and tensile tests in a wide tempera-
ture range to optimize their specific properties such as dislocation creep resistance,
high temperature strength and low temperature ductility. In this approach, suitable
combination includes melting, hot-working and annealing treatment of the Zr—8Al—
IND alloy to produce a substantially continuous matrix of the L12-ordered interme-
tallic compound Zr, Al (up to 92%). A series of mechanical tests has been carried out
with the Zr Al-based alloys which should be considered as discontinuously reinforced
composite materials by the very nature. Post thermomechanical treatment of as-cast
Zr,Al-based alloys indicates their unchangeable yield stress at 293 and 673-973 K.

Mechanical properties of the essentially ordered Zr,Al based alloys are at least twice
higher those that observed for solution-hardened zirconium alloys (Zircaloys). The Zr Al-
induced structure developed by thermomechanical treatment with subsequent annealing
improves the chemical and structural homogeneity of the composite material as a whole.
The formation of inhibiting jog type obstacles on the screw dislocations is assumed to be
the rate-controlling mechanism of Zr, Al ordered alloy strengthening which is dependent
on the dislocation density. The excellent combination of short-term mechanical proper-
ties at 293 K and relaxation strength at 673-773 K revealed in the Zr, Al-based alloys leads
to their ability for high performance applications.

The weakening of nano-dispersion strengthening of commercially available alloys
in the hcp Zr—Nb—Sn—nmZrO, system with slowing creep strain rates (10°-10"°s™)
is associated with the shielding effect due to strong Cottrell locking of mobile disloca-
tions by the large quantity of interstitial oxygen impurities. The change of dislocation
damping with temperature in hcp Zr matrix containing up to 0.15 mass% of oxygen
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gives the first evidence for the preferential segregation of oxygen at strain-produced
dislocations to form Cottrell dense atmospheres with a strong binding energy of
about 2.0 eV. The unexpected behavior of commercially available zirconium alloys
observed in the Zr—Nb—Sn—nmZrO, system might be well understood if properly
provided for a shielding effect of impurity atoms of oxygen which is assumed to in-
hibit the interaction of dislocations with substitutional solutes (Nb, Sn) and nm ZrO,
particles. Unlike macroscopic changes in strain, evolution of microyielding in given
zirconium alloys is sure to occur mainly through rapid dislocations, while slow disloca-
tions yield a small contribution to the strain. The thermal nm ZrO, barriers remain,
therefore, effective at 673 K only at higher strain rates (10-10-° s7!). The oxygen amount
should be kept very low to avoid any deleterious (detrimental) microscopic effects.

Shear strain localization observed under the age-hardening conditions is certain to
occur with formation of a two-phase field as a result of structural decomposition of a
supersaturated solid solution by the continuous precipitation of dispersoids coherent
with matrix and particle-free zones free of precipitates near GBs. In this case, many of
metal alloys age-hardenable suffer problems associated with low ductility, inadequate
fracture toughness caused by strain localization. In particular, to overcome this prob-
lem, alloy development effort should be concentrated on addition of dispersoids to re-
fine the grain size and to minimize strain localization. It is accepted that the nanocrys-
tal may not disrupt shear bond propagation due to their small size. This leads to cata-
strophic failure without plastic deformation. However, science-based modifying a
chemical composition and aligning the structure of defect metal crystal due to disper-
sion strengthening minimize the strain localization effects responsible for degradation
of micromechanical properties. Nano-dispersion strengthening effects are considered
as an effective means of alloying a structure and promoting homogeneous microdefor-
mation. This type of strengthening delays shear localization to much higher uniform
microyield (creep for slow dislocations) and spreads the region of uniform tensile elon-
gation from 0.5 to 30%. To be more uniformly successful, a nanophase nanostructure is
to be more thermally stable as regards its dynamic recovery. In this respect, the method
of nm-dispersion strengthening takes precedence over age hardening when overcom-
ing the concentrated sliding with localized shear. To illustrate, for nm Al Zr strength-
ened magnesium alloys, transition from uniform to localized strain can exceed 1-2% at
423 K, while nm-particles of ZrO, can spread it up to 20-30%.

Appointed physical principles of deep purification, rational microalloying, low
temperature (substructural, cell-forming) strain-hardening, optimum heterogena-
tion thermally activated restoration of the plasticity and restitution of the breaking
strength are formulated for the most brittle metals of Periodical System of Elements.
In accordance with this, methods for overcoming the brittleness and improvement of
physicomechanical properties have been worked out for precise and light alloys pos-
sessing a complex of technical characteristics including low susceptibility to the stress
concentration and the dimensional stability necessary for service in the critical tem-
perature ranges, promising for technical applications.
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SUMMARY

It thus appears that there may be a considerable scope for further alloy develop-
ment. Such an approach is believed to be a powerful stating point and considerable
scope for further improvement of the newly developed alloys with minimal tendency
to localized shear. The research is not only motivated by basic science aspect but also
the expectation that novel properties will lead to new technological and industrial
applications. The basic information obtained is expected to assist in the further de-
velopment of new families of discontinuously nanophase strengthened hcp magne-
sium and hcp zirconium alloys with their potential for technological applications at
higher temperatures and stresses.

In summary, therefore, the present theoretical study will hopefully stimulate fur-
ther investigations that could lend a better understanding of the mechanisms respon-
sible for the formation of dislocation creep resistance and long-term strength in
metal crystals. The present newly developed diagnostic approach is believed to pro-
vide a physical basis not only for a proper understanding of dragging effects but also
for alloy development. The proposed method can be expected to be appropriate in
describing the creep behavior of metal alloy systems as a starting point for further
development of the rapid-hardening and creep-resistant alloys with a minimum of
localized shear effects. The physical fundamentals for formation and recovery of the
mechanical properties of rare earth metals as well as their light and precise alloys can be
used for the development of promising metal alloy systems of the next generation.
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Derivation of the Equation
for the Rate of Dislocation Resistance

Logarithmic differentiation of many functions, e.g., containing a
number of multipliers is appreciably simplified and becomes use-
ful if the mobile dislocation density p, remains invariable. In this
case, dislocation creep resistance due to the dynamic dragging of
jump-like dislocations in the onset of jerky flow is described by the
following relation for the dislocation dragging rate:

. U'+E,-V -1 _E -Vt
€4 =C-exp{—%]—c-exp[—wr] =

=c.exp(—U* /kT)~exp(—Eb/kT)-exp(V* T /kT)—
—C~exp(—U* /kT)~exp(Eh /kT)~eXp(V* T /kT)=
=C-exp (—U* /kT)-exp(V* T /kT)-(eE”/kT —e_E"/kT):

U -v't

=C~exp{— J~251nh(E,,/kT) (1.1)

or by the expression of closed form
U-v

8d=2p;,-b~k_v-exp[— T

]-sinh (E, /kT) (1.2.)
where U* is the energy of thermal activation for overcoming the
obstacle resistance to dislocation motion under serrated yielding
conditions

fn;d=£n(2p_>m-b7_vv )—Z—T+Vk—;+€n~sinh(Eh/kT), (1.3)

Since
(n-sinh(E, / kT)=tn (éefw/ kT 7%-6'%/ ’*Tj =

:€n%+Eb/kT—5n%+Eb/kT:2Eb/kT (1.4)
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after logarithmic differentiation (1.3.) one can obtain the power law in the steady-
state of creep resistance

*

om-g, V'x _Lb s

> (1.5)
ot KT KT

As a first approximation, the values of the activation parameters can be calcu-
lated from the Eq.(1.5) through the experimental data of inelastic relaxation, creep
testing or tensile tests. One can use Eqgs. (1.2-1.5) for the development of more precise
experimental technique to determine the effective a.v. V* and the activation length
L. of a dislocation nanosegment by stepwise loading or creep curves (at constant
temperature):

one, _om g, M(eale) V'

S _ (L6)
ot 0o Ac kT
and in Burger’s vector units
M(eale) _ L -b> 17)
AT

Under such conditions, Eq. (1.6) coincides in essence with the Schoeck relation ob-
tained in the terms of the thermodynamic approach for mobile dislocations [134, 282].
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Solving a System of Equations for Weak
Multiplication of Dislocations

For the more accurate evaluation of activation parameters under
the weak dislocations multiplication conditions, it is necessary to
take into account the contribution to deformation strengthening
through the fixed and arrested dislocations, i.e. dp, /0t .

. U+E -Vt

Finding deferential of 7" and equating (to zero) partial deriva-
tives of p_ and A with respect to 7° for minimization of Eq.(2.1) one
can obtain the following relation

a‘z =2b-7vv-pm£*-cxp U +E -V +2b.x.vap1nx
ot
T

ot kT ot

cexp [UEHVJQ,,pp (_ U+EkT—V] a@i 2.2)
T

and de e[ U E VT,
i kT
vV dp d
brvp,, - —+bv—"+bvp, — |=0
X( VPt b=k bvp,, dr*] (2.3)
for any values of t*.
It follows that
A dp dx
bAivp, - —+biv—/—L+bvp, —|=0 )
[ VP T Y dt VP dr j 24)
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and .
Vio_ 1 dp, 1 dr (2.5)
KT p, Ot A dt
Vo= k[ Pm 1 OA T (2.6)
pn, dt A dt
. KT {dp dx kT
Ve —— M4 —|~———>(d-/np, +d-/nk .
Ar(pm KJ Ao (d-mp ) (2.7)
For small At*
V' x— kT* (anm + Afnk)z - kT* (énpl Ip, + Nk, /kz) (2.8)
AT AT

where At* is the increment of thermal component in shear stress; A is a activation
distance for successful jump of dislocation; Ap, and Alnp_are parts of the local den-
sity of mobile dislocations which have successfully overcome the thermal obstacles.

Since the a.v. V¥ = L_- % activation length L_between the mobile nodes of pin-
ning by alloying elements/impurities is determined from the relations

L, =————=(0lnp, +0lnk .
c bZ . At (0np ) (2.9)
L, ~— sz [ APn , AL (2.10)
b*-At | p, A
At A = const, the expression (2.10) relates to expression (2.11):
kT KT Ap
Lo=————=0np, ~— — 2.11
b?- At P b*> At p, @11)
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[TpoaHanisoBaHO Ta y3arajabHEHO CBiTOBI JOCATHEHH: Y Tanysi ¢isuky MirfHocTi, $isnaHOl
MeTaJIyprii Ta MaTepiaJlo3HaBCTBA 3 OCHOBHOK METOI0 BMBYEHH: IOTEHIIiaNy PiSHUX MeXa-
Hi3MiB [JMIC/IOKALIi/IHOTO SMiLJHEHHA PiIKiCHUX, KOJIbOPOBUX, PEAKTUBHMUX i HaJJIETKUX MeTa-
niB (Be, Mg, Zr, Ti, Al, Mo, Cr), iX ynopsAAKOBaHNUX CIIaBiB, HAHO(}A3HUX MaTepiasiB 3 BMic-
TOM CaMO3iOpaHMX K/acTepiB Ta 0COOMMBO BOKIMBUX HAHOKOMIIO3MIITHIX MaTepiaiB Ha
OCHOBi MeTa/leBUX MaTpuilb. KHUTa OXOIUTIOE BCIO TeMy — BijJj TPMBUMIPHUX KPUCTATIB O
HariB¢pabprKaris, Bifj HAyKOBUX sIBUIL O IH)XeHEPHMX IIPOTPaM i Biff TEOPETUYHIX MipKY-
BaHb [0 IX BUKOPNCTAHHA Ha mpakTuii. KpiM Toro, MoHorpadis Mae Ha Merti 3abe3neuntn
06MiH Ta NOLIMPEHHSA OCHOBHUX ifieil y it ramysi. YBary aklieHTOBaHO Ha OPUTiHaJIbHMX
AQHATITUYHMUX i eKCIIEPMMEHTANIbHUX JNOCTI/PKEHHAX, AKi IOCTIIHO LIiKaBIATb HAyKOBIHB i
iH>KeHepiB-HOCTifHNUKIB /I aKTUBHOI pOOOTH Yy BifJIIOBITHNUX Ta/Ty3sIX 3HAHb.

KHura npusHaveHa [y BUYEHUX, iH)KeHePHO-TEXHIYHUX Npal[iBHUKIB, IO CHelianisy-
I0ThCs1 Y ranysi ¢pisuKy TBEpROro Tina, GpisudHol MeTanypril Ta 06po6KyM MaTepiasis, a TAKOX
IUIs HaBYAaHHA CTY/IEHTIB i acllipaHTiB BifITIOBiIHMX CIIelia/IbHOCTEIA.
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